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Chapter 1 

Introduction  
 

1.1 Motivation 

 “Innovation starts with materials science.” It is not by chance that the 
names of the eras of early human history refer to the materials prehistoric 
humans used in their tools, e.g. Stone Age, Iron Age. One way to evaluate 
the impact of the innovations of materials nowadays is by looking at the 
many household appliances and tools at home. Whilst these devices get more 
complex with an increasing number of components, also the size of the 
individual parts decreases. The ongoing development and understanding of 
materials in the field of material science is essential for the manufacturing 
industry to fabricate these smaller components with high precision. The 
smaller the part, the more stringent the specifications will become. Not only 
the bulk response is important, but the response due to microstructural 
variations on a grain level plays a more crucial role. All these different 
responses on different levels have to be accounted for in already complex 
production processes.  

 As aforementioned, production in the high-precision steel industry is 
driven by miniaturization of metal parts for consumer products. Each step in 
the production of a metal part, like forming or a heat treatment, introduces 
new microstructural changes both in the bulk as at the surface of the metal. 
Some of these changes are accompanied by unwanted deviation in the final 
shape of the metal part. To remove the distortion expensive and energy-
consuming finishing processes at the end of the production line are 
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necessary, which for economical reason need to be limited or avoided as 
much as possible. By understanding the physical mechanisms of the 
microstructural changes within the metal on a global as well as a local scale 
can help to optimize the complex manufacturing chain and to limit the 
amount of finishing treatments. The ultimate goal is to make the product 
more competitive in the international arena.  

 This thesis concentrates on the methodology of describing the 
microstructure based on the crystallographic orientation distributions within 
advanced polycrystalline materials as function of their governing forming 
mechanism. From an industrial point of view we studies the microstructural 
changes in AISI 420 grade martensitic steel used to produce accurate metal 
parts and link them to the different industrial production processes. From an 
academic point of view, we have studied the microstructure found in 
nanoporous gold and high entropy alloys and linked the change in crystal 
orientation distribution to the governing mechanisms on both a global scale 
as a local scale. 

1.2 Industrial process and challenges 

 The unwanted distortion in small metal parts is a current topic which 
holds academic but also industrial interest [1], [2]. The holy grail for industry 
is to design the material and production process such that the manufacturing 
is defect free and without unwanted distortion. One approach is to add 
sensors and actuators in the production process to monitor the introduced 
error [1]. To understand the complexity of the fabrication of accurate metal 
parts, we need to zoom into the production process itself. The fabrication 
process of the accurate metal parts consists of a number of steps and is 
schematically shown in Fig. 1.1. The production line of accurate metal parts 
consists of a forming, a heat treatment and a finishing step. Each production 
step introduces additional distortions to the shape of the metal part, as is seen 
from the solid line in Fig. 1.1 which represents the total distortion after each 
production step. From previous studies, the forming and austinization step 
were identified as the steps contributing the most to the total distortion [2]. 
All the distortions are eventually removed by the finishing step. We also 
have to take into account that variations in the production process have an 
effect on the additional shape change. All these considerations have to be  
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Fig. 1.1: Schematic representation of the increase in distortion of the metal 
part by the different production steps. The forming and heating up of the 
material introduce the most unwanted distortion into the material [2]. A 
finishing step is removing all the distortion at the end.  

 
taken into account because it can influence the considerations have to be 
taken into account because it can influence the final shape dramatically. The 
goal is to look on a microstructural level what the influence of the 
crystallography is on the behavior of the material during these production 
steps.  

 The production of the accurate metal parts commences with a strip of 
stainless steel. The accurate metal parts are formed by punching or drawing 
the shape from the strip. During the forming step already the first problems  

arise. The used steel behaves anisotropically during the deformation. This 

means that the deformation behavior is dependent on the direction; in this 
case it is dependent on the direction in the plane of the strip. This behavior 
leads to distortions of the accurate metal parts on a microscale. The goal is to 
analyze the anisotropic deformation behavior and quantify its contribution to 
the distortion.  
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Fig. 1.2: Schematic representation of the heat treatment applied on the 
accurate metal part [3]. First, the metal part is hardened by transforming 
the material into the martensitic phase. This phase is obtained by increasing 
the temperature to 1070 °C such that the material transforms into the 
austenitic phase followed by rapid cooling by means of quenching the 
material. Afterwards, the metal part is tempered at an elevated temperature 
between 100 and 500 °C to release stresses and reduce the brittleness.  

 
 The second step is a temperature treatment, which consists of hardening 
and tempering as is shown in Fig. 1.2. The as received steel is in the ferritic 
state, which is soft and ductile. The ferritic phase is therefore ideal for 
punching, drawing and forming the material into the desired shape. However, 
these properties are not desirable for the final product for which a harder 

material is desired. To increase the hardness of the metal, the material is 
transformed from the ferritic phase into the martensitic phase. To this end the 
metal part is first heated up to 1070 °C at which the ferritic phase is fully 
transformed into the austenitic phase. At a high temperature in the austenitic 
phase the carbon atoms present will redistribute in the sample. When the 
material is cooled down slowly then ferrite will again be formed. However, if 
the material is cooled fast enough, a much harder phase called martensite is 
formed. This martensite is indeed harder but also very brittle and contains a 
high amount of residual stress. The brittleness is not a desired property and 
therefore a second temperature treatment is applied on the metal part in the 
martensitic phase at a much lower temperature between the 100 and 500 °C. 
This tempering step indeed reduces the brittleness of the material, but is also 
accompanied by a decrease in hardness. A trade-off between hardness and 
brittleness of the material has always to be made depending on the 
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application and operational environment of the metal part. After obtaining 
the desired hardness the collected distortion is removed by performing the 
finishing step. The finishing step is an electro-polishing step to remove all 
the distortion collected during the production process. The goal is to find out 
how the microstructure changes on a local scale with temperature as well as a 
combination of applied heating and deformation of the material used for 
accurate metal parts and how it can be connected to the crystal orientation 
distribution present in the material. Moreover, the influence of the 
crystallography on the surface of the metal are investigated in relation to 
oxidation processes. 

1.3 Scientific challenges  

 To understand the behavior of metals we need to look to the internal 
building blocks: crystals. Crystallography is the foundation of material 
science of metals and is still a current topic for their large influence on 
material behavior. One of the focus point is the crystallographic texture 
development due to deformation and the modeling of this phenomena, which 
can predict the anisotropic response of the material [4]–[7]. Of great 
importance is that we study changes in the microstructure on both a global 
scale as a local scale and relate those changes to different processing steps as 
applied in industry. Not only do we look at changes in relation to the bulk of 
the material, but also at interphases and surfaces due to processes. In 
addition, we extensively studied the change in crystallography due to phase 
transformation and orientation relationships between the parent phase and 
daughter phase. For real life applications we need to look at a polycrystalline 
material. They form complex systems due to different crystal orientation per 
grain which may act as obstacles for the carrier of slip of crystal dislocations 
and behaves differently than single crystal materials. One can say that the 
polycrystalline material is more than the sum of its individual single 
crystalline grains.  

 As said before, the anisotropic behavior during deformation is a direct 
result of the different crystal orientations and is a well-known problem found 
extensively in literature. A well-known result of anisotropic behavior is the 
waviness at the edge of a cylindrical cup visible after punching or deep 
drawing it from sheet material. If there is anisotropy, in this case planer  
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Fig. 1.3: Earing effect on a chrome plated steel can used in the food 
industry. The earing on the edge is caused by planar anisotropic 
crystallographic texture in the material. 

 
anisotropy: a different mechanical response depending on the direction on 
the sheet material, then the edge of the cup will not be smooth but will be 
wavy as seen in Fig. 1.3. This phenomena is called earing and is 
characterized by the waviness of the peaks and troughs [8]. The larger the  

difference in amplitude between the peaks and valleys, the more anisotropy 
the material has. The planar anisotropy is caused by non-circular symmetric 
crystal distribution. The slip systems seen with respect to the center of the 
cup are therefore different each direction in the sheet. Therefore, even single 
crystal material shows a strong earing effect [9]. Experimental work has been 
performed on this topic, e.g. [10], [11]. 

 The inhomogeneity in crystal orientation distribution plays a crucial role 
in the anisotropic mechanical behavior of materials and is also called 
crystallographic texture [12]. The crystallographic texture is influenced by 
the different steps a material was processed and therefore contains 
information about the history of the material. In a qualitative sense it is 



Introduction  
 

7 
 

possible to evaluate the previous step by looking at the texture. Indeed 
quantitative statements are much harder to make. Not every texture is created 
with equal weight and it can be influenced by a various combinations of 
materials processes and process parameters. For example, an increase in cold 
rolling reduction or an increase in annealing temperature both increase 
normal anisotropic behavior [13] and therefore it can be concluded that these 
dependencies make a prediction  of the change in texture very difficult. The 
influence of different processing methods on the crystallographic texture 
have been studied, e.g. [14]. Moreover, one needs to know the starting 
texture of the material to determine the influence of a process, which again is 
dictated by its processing history.  

 The deformation behavior and the crystallographic orientation 
distribution are connected by the plastic strain of each individual crystal. To 
ensure a good drawability the material needs to have a proper 
crystallographic texture with orientations such that the strength over cross 
section in thickness of the sheet is larger than the strength within the plane of 
sheet, as is described in [15]. Therefore, the crystal orientation distribution 
must contain crystal orientation for which slip through thickness is less 
favorable than parallel along the surface. To this end, certain groups of 
crystal orientations should be present and homogenously distributed through 
the material, but also a uniform grain size is necessary and the degree of 
mechanical anisotropy. But it is too simplistic to say that crystal orientation 
is the sole contributor to anisotropic behavior of material. Also, the lattice 
symmetry is of importance as computer simulations show a difference in 
behavior for bcc and fcc lattices [7]. Next to the crystal orientation is, 
additives in the material are also of big importance for deep drawing. Carbon 
plays a decisive role in the drawing process, as is observed in different 
results for low carbon steels [16] and medium carbon steels [17]. These 
additives are important for example in the automotive industry [13] where 
both a reduction of carbon content and a lowering of the carbon sulfur ratio 
lead to an improvement of the planar isotropic behavior. Carbon has a huge 
effect on the recrystallization texture. For interstitial free steels Ti and/or Nb 
are added to stabilize the C and N, thereby promoting a texture with a more 
isotropic behavior; however an excess amount of Ti/Nb deteriorates this 
property. For aluminum killed steels a higher anisotropic behavior through 
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the thickness than interstitial steels is achieved due to 10 x higher carbon 
content. 

 The crystal orientation distribution is nowadays measured by Electron 
Backscatter Diffraction (EBSD) locally at a grain level with impressive 
statistics [18], in contrast to X-rays. It allows us to map the crystallographic 
orientation of lattices of the near surface of crystalline material. Also 
microstructural characterization can be performed, identifying grain 
boundaries, dislocations densities and crystal phases. EBSD relies on the 
diffraction of electrons which constructively interfere due to the Bragg 
diffraction condition: 2d sin θ = nλ, with d the crystals interplanar distance, 
θ the scattering angle, n a positive integer and λ the wavelength of 
interacting electrons. The diffraction pattern was first observed by S. Kikuchi 
and aptly named Kikuchi Pattern [19]. The use of the EBSD technique sets 
sail  from 1993 when a fully automatic method was introduced by Wright et 
al [20], which allowed for statistical decent amount of measurement to 
determine the crystallographic texture. The current trend is to perform in-situ 
EBSD experiments, i.e. EBSD experiments while applying a heat treatment, 
applying stress or both at the same time. Our goal is to use the strength of 
EBSD as a powerful methodology to measure the microstructure in advanced 
materials such as nanoporous materials and high entropy alloys. EBSD 
allows a high statistical approach of measuring the crystal orientation and 
relate them to the forming mechanisms of the material.  

1.4 Outline of the thesis 

 The contents of this thesis can be divided in three parts. Part 1 is 
introductory and consists of this Introduction followed by Chapters 2 and 3. 
Part 2 addresses the industrial problem in the production of accurate metal 
parts and explores the influence of the crystal orientation on the properties 
and behaviour of the polycrystalline stainless steel during deformation and 
temperature treatments. Part 3 focuses on methodology of crystallographic 
studies of the microstructure of advanced materials for novel applications: 
nanoporous materials and high entropy alloys. We conclude with the 
‘Conclusions and Outlook’ and Acknowledgments. As an overview the 
content of the Chapters are summarized as follows: 
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- Chapter 2 contains a concise but detailed description of literature 
concerning the field of crystallography of metals and martensite in 
particular. Moreover, it will give an introduction into crystallographic 
texture and crystallographic orientation relationships. 

- Chapter 3 describes the materials and the basics of the experimental 
procedure how they are treated. Moreover, the methodology of texture 
analysis will be fully explained. 

- Chapter 4 addresses the mechanical anisotropy problem of stainless steel 
in the production of accurate metal parts. It will give a detailed 
evaluation of the change in the microtexture from a crystallographic 
point of view due to temperature treatments, deformation and a 
combination of those two. Furthermore, the crystallographic texture will 
be predicted based on crystal rotations by purely geometrical 
considerations. 

- Chapter 5 deals with changes in microstructure near the surface of the 
stainless steel. The mechanisms behind the growth of oxidation layers 
and their relationship with the polycrystalline substrate are presented.  

- Chapter 6 presents the changes in microstructure after dealloying a binary 
AuAg alloy whilst creating nanoporous gold by means of the novel 
method of Transmission Kikuchi Diffraction (TKD). It will demonstrate 
the strength of TKD supported by Monte Carlo simulations as well as the 
change in crystallographic texture by the dealloying process. 

- Chapter 7 treats the orientation relationship during phase transformation 
in high entropy alloys by EBSD. This methodology demonstrates the 
strength of EBSD and ensures a high statistical approach for an 
extensive analysis on the predominating orientation relationship between 
the parent and daughter phase.  

- Chapter 8 presents a summary of the findings and an outlook.  
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Chapter 2 

Theoretical background crystallography 
 
In this chapter we give a literature review on the crystallographic aspects 
presented in this thesis. In the first part the basics of crystallographic texture 
and the used crystallographic texture analysis is explained. For this we need 
to explain somethings about rotations, different texture representations and 
crystallographic orientation density functions. In the second part we zoom 
into the martensitic phase. We give a general overview of the importance of 
this material and the mechanical properties based on the microstructural 
parameters. Finally, we dive into the crystallographic orientation 
relationships which are of importance when treating multi-phase systems. 
The crystallographic orientations of the different phases are linked to each 
other based on minimization of the crystallographic misfit at the interface.  

2.1 Martensite 

Hardened materials are of great importance in the manufacturing industry, 
with applications ranging from the automotive sector to male grooming 
products. One way to achieve this is by adding ultrahigh carbon 
concentrations of 1.0 to 2.1 wt.%. In ancient times, around 2500 BC, the 
currently called Damascus steel had such an ultra-high carbon concentration 
and in its softest state this type of steel was already 1.5 times as tough as 
severely wrought iron [1]. This property made Damascus steel very useful 
for weaponry. Next to its hardness and toughness it is well known for its 
exotic surface decorations. A high hardness can also be achieved by  
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Fig. 2.1: Comparison of ultimate tensile strength and total elongation up to 
fracture for different kinds of steel. Compared to other types of steel, 
martensitic steel has a high ultimate tensile strength but a low total 
elongation until  fracture. This corresponds to the hard and brittle nature 
martensitic steel is known for. From [3]. 

 
transforming the iron to the metastable martensite phase. Martensite was  

named in recognition of Adolf Martens (1850-1914), as suggested by 
Osmond in 1895. Martens was renowned by his studies on iron and his hand 
made drawings of microstructures in a time when detailed micrographs were 
not available, although Martens never studied martensitic microstructures in 
detail [2]. 

 Martensite is a phase obtained by rapidly quenching steels from the 
higher temperature austenite phase such that C atoms are locked in and have 
no time to diffuse. It is well known for its high strength (>3500 MPa) and 
high hardness [4]. However, at the same time martensite is very brittle. A 
comparison of the ultimate tensile strength and elongation until fracture is 
shown in Fig. 2.1. It is seen that martensitic steels are much tougher than 
dual phase (DP) or Transformation Induced Plasticity (TRIP) steel, but the 
elongation until  fracture is slightly smaller. The spread in mechanical 
behavior is closely linked to the microstructure of the martensitic steel, 
which can be complex and can still contain retained austenite, various levels  
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Fig. 2.2: Bcc lattice with preferential carbon sites. Carbon will reside on the 
octahedral sites marked with ‘x’ of the Fe bcc lattice which leads to an 
elongation of the lattice. From [4].  

 
of carbides. Martensite has a body centered tetragonal (bct) structure. The bct 
is a bcc lattice with one side elongated in one direction. The elongation is 
caused by the interstitial carbon atoms residing at the octahedral sites of the 
lattice Fig. 2.2. Although the elongation is significant and detectable by x-ray 
diffraction, these small differences with respect to the bcc lattice are hard to 
detect with electron backscatter diffraction. 

 In this section we will treat the basics of the martensite found in stainless 
steel. First, the formation of martensite is treated. Second, the martensitic 
transformation is described. Third, the importance of carbon on the 
microstructure is mentioned. And as last, the tempering of the martensite is 
treated.  

2.1.1 Formation of martensite 

It is important to realize that the martensitic phase cannot be found in the 
equilibrium Fe-C phase diagrams, because martensite is not an equilibrium 
phase, i.e. phases obtained by slow cooling and where diffusion has ample 
time to take place. In contrast, it can be visualized in time temperature 



Chapter 2 
 

16 
 

transformation (TTT) and continuous cooling transformations (CTT) plots as 
shown in Fig. 2.3. The TTT plot shows the phases present during an 
isothermal treatment, i.e. the material is cooled to a certain temperature and 
the temperature is kept. On the other hand, the CTT shows the phases present 
when the constant cooling rate is constant. To fully understand this plot we 
need to recall the different phases present in steels. Ferrite is the softer, rather 
ductile bcc phase of iron. It is  the equilibrium phase at room temperature for 
martensitic steels. Austenite is the fcc phase at high temperature in which 
carbon is easily dissolved in. The intermetallic cementite phase is a 
compound with Fe3C. Next, there is a combination of the above mentioned 
phases forming a particular composite microstructure. Pearlite is a 
combination of ferrite with ribbons of cementite formed at the eutectoid 
temperature whilst bainite consists of small ferrite grain with Fe3C particles 
and is generally stronger and harder than pearlite. Usually bainite has a plate-
like, lamellar structure (although also fine non-lamellar bainite exists 
depending on the heat treatment) where the transformation temperature from 
austenite to bainite lies between pearlite and martensite. From the CTT plot 
in Fig. 2.3 is clear that the martensitic phase is in competition with the 
formation of bainite and pearlite depending on the cooling rate. By cooling 
the steel too slowly, the material is only partially hardened and less 
martensite is present. Due to the slow cooling rate, diffusion of carbon occurs 
and pearlite or bainite will be formed, which is more ductile  than martensite. 
If the pearlite CTT nose is avoided the martensite will be formed at the 
martensite starting temperature (Ms). A CTT plot is dependent on the 
chemical composition of the material. Therefore, the exact temperature at 
which the pearlite and bainite is formed depend on the composition of 
material. Moreover, the cooling rate is dictating the final microstructure of 
the pearlite and bainite [4].  

 If the MS temperature is well above room temperature, carbon mobility is 
sufficient to form cementite precipitates and fine carbides within the 
martensite during quenching. This is called autotempering. The segregation 
of carbon to dislocation and lath boundaries has been  measured , i.e.  in a 
0.18 wt.% C martensite 90% of C atoms segregates to the dislocations [6].  

 In contrast to martensitic steel where the pearlite nose is avoided, for 
dual-phase (DP) steel the pearlite nose is used to form a composite mixture  
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\ 

Fig. 2.3: (a) Time-Temperature-Transformation (TTT) plot and (b) 
Continuous cooling transformation (CCT) for AISI 420 steel for an 
austenization temperature of 1050 °C. (A=austenite, K=carbide, F=ferrite, 
P=pearlite, M=martensite, number in  circles: hardness) Austenization 
temperature and cooling rate are the key ingredients to create a fully 
martensitic microstructure. The cooling rate must be such that the pearlite 
nose is avoided and the creation of ferrite and cementite is prevented. From 
[5]. 
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of ferrite and martensite phase [3]. The formation of DP steel is obtained by 
keeping the temperature in an intercritical temperature region in which both 
the austenite and ferrite phase exists and quench it to below the Ms 
temperature. The austenite will transform to martensite, whilst the ferrite 
phase does not transform. Usually DP steels contain 0.06-0.15 wt.% C and 
1.5-3% Mn.  

2.1.2 The Martensitic Transformation 

In this field of research there are a number of different classifications of 
phase transformations: continuous precipitation, massive transformations, 
discontinuous precipitation, martensitic transformations, bainitic 
transformation, order- disorder transformation and spinodal decomposition 
[7]. The martensitic transformation, like the transformation from austenite to 
martensite, is not unique for steels. Although it is named after the type of 
transformation from austenite to martensite, the term ‘martensitic 
transformation’ is also used for diffusionless transformations in general. For 
example, non-ferrous material Cu, Ti and Ti alloys, V3Si and BaTiO3 
display martensitic transformations [10]. 

 The transformation into the martensitic phase is a diffusionless and may 
be regarded as a  shear transformation. It is one of the most intense studied 
transformations in the solid state. For martensite the shape strain and the 
habit plane form the deformation system and can be described by the so-
called invariant plane strain [9]. Diffusionless in this case means no diffusion 
of C atoms and transformation front speeds as high as 1100 m s-1, i.e. of the 
order of the velocity of sound in austenite, are reached. The chemical 
composition of martensite is equivalent to parent austenite phase. The 
transformation is characterized by a strong orientation relationship between 
the parent and the daughter phase which is usually of the K-S or N-W type 
(see Chapter 2.3)[3] and becomes visible at the surface [6]. The crystals 
contain twins, and dislocations. 

 The progress of transformation below MS is described by the Koistinen 
and Marburger equation[11]:  

 

1 − VVα
′ = eβ�MS−TQ�             with β ≅ −0.011          (2.1) 
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with VVα
′
 the volume fraction of martensite, MS the martensitic start 

temperature and TQ the sample temperature below the MS temperature. It is 
noticeable that no time dependence exists because of the very rapid nature of 
the martensitic transformation. Due to the difference in thermal activation 
further undercooling below the MS temperature is necessary to completely 
transform the austenite into martensite. The activation energy is rather small 
because no diffusion occurs. More recent work is done by Pati and Cohen. 
They found that the initial nucleation rate is not dependent on the grain size, 
meaning that the nucleation sites are not predominantly on grain boundaries 
[12]. However, the apparent nucleation rate decreases with martensite grain 
size. The smaller the martensite plates, the larger the number of nucleation 
points is necessary for a given amount of martensite. 

 An important consequence of the martensitic transformation is the change 
in shape. Austenite is denser than martensite and therefore the volume 
expands during quenching. At the surface this expansion produces 
topographical relief effects. The volume change accompanies the 
displacement in the direction of the invariant plane strain, see Fig. 2.4. 
However, the strain does not lie in habit plane. Also, the applied stress 
influences the martensitic transformation which is related to the 
shear/deformation like nature of the martensitic transformation [10]. 

 

 

Fig. 2.4: Habit plane (O-O’) and invariant plane strain (l). Shown in this 
figure is that the strain l does not lie in the habit plane for the martensitic 
transformation. From [8]. 



Chapter 2 
 

20 
 

 

Fig. 2.5: Phenomenological theory of martensite crystallography.. Bain 
strain (B) in combination with a rigid rotation (R) gives a line invariant 
solution which has the wrong shape. Moreover, invariant plane strain is 
observed. Phenomenological theory obtains same solution as RB by plane 
invariant strain (P1) and homogeneous shear (P2). Only a lattice invariant 
deformation is necessary to obtain macroscopic shape and correct structure. 
From [9]. 

 The shape change of martensite is explained by a rather 
phenomenological theory, see Fig. 2.5. Earlier, the Bain strain (B) combined 
with a rigid body rotation (R), to obtain a line invariant strain, gives the right 
structure but the wrong shape. However, the experimentally observed shape 
has an undistorted and nonrotated habit plane, i.e. invariant plane strain. 
According to theory the solution to the discrepancy lies in an invariant plane 
strain (P1) combined with a homogenous shear (P2) yielding the same result 
as the Bain strain with invariant line strain condition, see Fig. 2.5. The 
solution is  a lattice invariant deformation which causes twinning or slip in 
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the microstructure which cancels out macroscopically shape change. This 
theory predicts all observed crystallographic features, e.g. orientation 
relationship, irrational habit plane and substructure of plates. 

2.1.3 Importance of carbon 

The carbon concentration plays a key role in mechanical properties of 
martensitic steels. As expected it plays a role in the hardness of the material, 
the microstructure formed and the mechanical performance. Hardness 
increases with carbon content as shown in Fig. 2.6. However  steel has 
cracking problem if C content > 0.5 wt.% [4]. Moreover, adding additional 
elements make the steel vary in hardness which explains the spread at the 
end of Fig. 2.6. The carbon atoms play a role in solid solution strengthening, 
segregation and dynamic strain aging and depend on the carbon mobility 
during quenching and testing [6]. With the concentration and addition of 
other elements the material properties can be varied and controlled [3]. For  
 

 
 

Fig. 2.6: Hardness of the martensitic steel increases with the carbon 
content,. Fluctuations at the end of the curve are caused by variation of other 
alloying elements. From [13]. 
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Fig. 2.7: The observed martensitic microstructure depends on the carbon 
concentration. For low and medium carbon martensitic steel, the 
microstructure exhibits a lath structure. For high carbon martensitic steel 
the microstructure is lamellar . The carbon concentration also dictates the 
dislocation structure and the amount of twinning in the microstructure. From 
[6]. 

 
example addition of Mn solid solution strengthens the ferrite whilst V and 
Nb strengthens via precipitation and refines the microstructure. Cr and Mo 
retard pearlite and bainite formation whilst Si promotes ferrite 
transformation.  

 Depending on the carbon concentration martensite forms a lath 
microstructure, a plate microstructure or a mixture of these two,  Fig. 2.7. 
The lath microstructure is formed in low and medium carbon steels. With 
increasing carbon concentration, parallel or almost parallel crystals in a 
group may have different orientations and variants of {557}A habit planes 
around a {111}A plane [6]. A group is called a packet when it consists of 
variants with small misorientations between variants. High carbon 
concentrations create plate martensite. Plate martensite does not have parallel 
arrays and have irrational habit planes e.g. {3 19 15}A, {225} and {259} [6].  
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 For very low C concentrations (<0.013wt%) yield strengths drop sharply 
because C concentration is not sufficient to create a fully martensitic 
microstructure. Above 0.013 wt.% the yield strength increases with the 
square root of the carbon concentration according to [6]: 
 

  𝜎𝜎0.2 [𝑀𝑀𝑀𝑀𝑀𝑀] = 413 + 1.72 ⋅ 103 ⋅ (𝑤𝑤𝑤𝑤% 𝐶𝐶)
1
2.  (2.2) 

 

A higher C concentration lowers the MS temperature such that the lattice 
invariant deformation is accomplished by twinning and limited dislocation 
glide activity. The microstructure may contain midribs and a large amount of 
retained austenite typical present in plate martensite.  

 Despite the complex hardened microstructure, the mechanical behavior is 
mainly controlled  by the martensitic microstructure in as-quenched steels. 
The austenite grain size and thereby the austenitization time is of influence 
on the final hardness of the material. The grain size of the formed austenite at 
high temperature influences the martensite grain size after quenching. The 
possible plate size formed in the martensitic grain is of importance of the 
strength of martensite. The more carbon the more retained austenite is 
presented in the material, which reduces overall hardness of the material. 

2.1.4 Tempering of martensite 

Martensite is a very hard but also very brittle material with high internal 
stresses due to the carbon on the octahedral positions. Tempering of 
martensite releases the stresses in the martensite, thereby reducing the 
martensite but also the hardness. The tempering temperature is below the 
eutectoid temperature, normally between 250-650°C. Due to the elevated 
temperature carbon is able to diffuse, thereby transforming the martensite 
into the equilibrium phases ferrite and cementite. Tempering affects the 
mechanical behavior drastically as is seen in Fig. 2.8. As expected tempering 
increases the elastic limit, decreases the yield stress and suppresses 
brittleness of the material.  

Tempering occurs in four stages [14]: 

- Stage 1 T<250°C: precipitation of epsilon carbides or other 
transition carbides and loss of tetragonality due to diffusion of 
carbon to defects or clustering of carbon.  
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- Stage 2: 200°C<T<300°C: decomposition of retained austenite into 
bainitic ferrite and cementite 

- Stage 3: 200°C<T<350°C: transition carbides transformed to 
cementite; loss of tetragonality due to carbon diffusion 

- Stage 4 T> 350°C: coarsening of cementite; recrystallization of 
ferrite 

 For martensitic stainless steel chromium carbides are present due to the 
presence of Cr, e.g. AISI 420. There are two types of Cr carbides: Cr7C3 
(hexagonal) and Cr23C6 (cubic). The presence of carbides depends on the 
concentration Cr in the material. A low Cr content will result in softening of  
 

 

Fig. 2.8: The reduction of hardness and brittleness of martensite depends on 
the tempering temperature. An increase of tempering temperature decreases 
the ultimate tensile strength and the yield stress. The elastic limit is 
increased by tempering, however for higher temperatures this increase is 
slightly reduced. From [6] 
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the martensitic stainless steel between 500 °C and 700 °C. However, for 
martensite with a Cr content larger than 12 wt.% secondary hardening will 
take place between 500 °C and 700 °C. The increase in hardness is caused by 
the precipitation of Cr7C3. Cr23C6 forms at the same time, but at different 
locations, primarily on former austenite grain boundaries at the expense of 
Cr7C3. Addition of W or V promotes Cr23C6 or stabilizes Cr7C3, 
respectively. [14]. 

2.2 Texture 

In literature one refers to crystallographic texture in materials when a 
preferred crystal orientations or a particular class of crystal orientations is 
present. In case no preferred crystal orientation exists in the material the 
texture is defined as random. When texture is present in a material there is a 
certain heterogeneity in the crystal orientation distribution. The development 
of the texture in materials is still a hot topic as is reflected in the number of 
review papers in literature, e.g. [15]–[17]. The development of 
crystallographic texture has a significant impact on the mechanical behaviour 
of the material and therefore it is a relevant parameter to take into account in 
computational mechanics of forming in industry. Traditionally, 
crystallographic texture is measured by X-ray diffraction (see Chapter 3.1), 
but nowadays Electron Backscatter Diffraction also becomes a common 
technique to measure the crystal orientation distribution. Modern techniques 
provide information not only about the crystallography but also in 
combination with EDS about the chemical composition. This combination of 
various experimental techniques yields a unique quantitative characterization 
of the material. 

2.2.1 Texture description 

Describing the complete crystal orientation distribution is quite complicated 
and therefore the crystal orientation distribution is described in terms of so-
called texture components, i.e. a group of or a single crystal orientation. The 
most common texture components listed in literature are tabulated in Table 
2.1 and Table 2.2 for fcc and bcc material, respectively. For the mentioned 
texture components the name and notation are presented. The texture 
components which are defined as a single crystal orientation are given in the  
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Table 2.1: Various fiber textures, texture components and texture types for 
fcc material as mentioned in literature. 

Texture 
component 

Orientation Orientation range 

S1 {124}<21-1>  

S2 {123}<41-2>  

S3 {123}<634>  

Taylor {4 4 11}<11 11 -8>  

Copper {112}<111>  

Brass {110}<112>  

Goss {110}<001>  

Drawing  <111>||RD 

Drawing  <100>||RD 

α  {001}<001> to {011}<112> 

β  {112}<111> to {123}<634> 

τ  {001}<110>to {112}<111> 

 

so-called plane – axis notation. The notation shows which crystal plane is 
parallel to the sample surface and which crystal direction is parallel with the 
reference direction, e.g. rolling direction or tensile direction. 

 A texture component consisting of a group of crystal orientations is called 
a fibre. Fibre textures consist of crystal orientations with a common rotation 
axis and are presented as a line in Euler plots (see Chapter 3.3.2). The fibre 
texture can be expressed by a range of crystal orientations or by a shared 
crystal direction parallel to a physical specimen direction, see Table 2.1 and 
Table 2.2. The formation and existence of such a fibre texture highly depends 
on the mechanical deformation process exerted on the material. Uniaxial 
deformation leads to a fibre texture, usually represented in an Inverse Pole 
Figure (see Chapter 3.3.1) parallel to the loading axis. 
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Table 2.2: Various fiber textures and texture components for bcc material as 
mentioned in literature. 

Texture 
component 

Orientation Orientation range  

Rolling {001}<110>   

 {211}<011>   

 {111}<110>   

 {111}<112>   

 {110}<011>   

α  <110>||RD 
bcc rolling 

texture 
uniaxial drawing 

γ  <111>||ND 
bcc rolling 

texture 

η  <100>||RD  

ζ  <110>||ND  

ε  <110>||TD  

β  
{112}<1-10> to  

{-11 11 -8}<4 4 -11> 
 

 

2.2.2 Texture change mechanism 

For industrial processes the development of the texture is of high interest, 
because texture determines the mechanical response of the material to a large 
extent, i.e. anisotropic behaviour. Changes in the crystallographic texture are 
introduced by deformation, annealing, phase transformation and all processes 
involving a rotation of the crystals. Whilst deformation and annealing are 
processes directly involving change in total dislocation density, through 
accumulation and annihilation of dislocations respectively, the phase 
transformation does not necessarily involves a change in dislocation density. 
The texture development also depends on the microstructure of the material 
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and properties like chemical composition, precipitates and (interphase) 
boundary density. In this thesis we will focus on the change of 
crystallographic texture mainly due to plastic deformation and a small part is 
devoted to annealing of the material.  

 In the case of plastic deformation of metals four types of deformation 
mechanisms exist, namely: slip, twinning, grain boundary sliding and 
diffusion creep. From these mechanisms only slip and twinning are 
contributing to the crystallographic texture evolution, because those 
mechanism lead to crystal rotation. However, sometimes grain boundary 
sliding is associated with the weakening of the overall texture, but the 
mechanism itself does not lead to crystal rotation. Factors influencing the 
deformation texture are: deformation mode, temperature, grain size, shear 
banding, and second phase particles/precipitation. 

 The crystal rotation is dictated by the crystal orientation, the active slip 
system and the tensile direction. First we need to consider which slip system 
is active. A slip system consists of a slip plane and slip direction on which 
the dislocation glides. Slip planes are close packed planes and slip directions 
are closed packed directions; they can be found for different lattices in Table 
2.3. For fcc lattices the slip systems are the {111}<110> systems and for hcp 
lattices slip occurs on {0001} planes. Bcc however does not have unique 
close packed plane; rather, slip in bcc lattices occurs in the close packed 
<111> direction. Whether or not a Table 2.3. For fcc lattices the slip systems 
are the {111}<110> systems and for hcp lattices slip occurs on {0001} 
planes. Bcc however does not have unique close packed plane;  

rather, slip in bcc lattices occurs in the close packed <111> direction. The 
exerted force felt by the dislocation, the resolved shear stress, depends on the 
slip system and the tensile direction. The resolve shear stress must by above 
a threshold value for glide to occur. In Fig. 2.9a an arbitrary slip system and 
tensile direction are drawn for a single crystal. Deformation by slip 
commences when a critical resolved shear stress is reached and is calculated 
by the following equation: 

 

 σRSS = σ cos λ cosϕ             (2.3) 
 

with σRSS the resolved shear stress, σ the applied stress, λ the angle between  
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Table 2.3: Slip systems of bcc, fcc and hcp crystals 

Crystal symmetry Slip system 

 Slip plane Slip direction 

bcc {110}, {112}, {123} < 111 > 

fcc {111} < 110 > 

hcp {0001}, {011�1}, {101�0} < 112�0 > 

 

Fig. 2.9: Rotation of the lattice due to tensile deformation for an arbitrary 
slip system for a single crystal. The slip direction rotates towards the tensile 
direction. For a compression the slip direction is moving away from the 
tensile direction. From [18]. 

 

the slip direction and the tensile direction; and ϕ the angle between the slip 
plane normal and the tensile direction. If the σRSS is larger than the critical 

revolved shear stress glide is activated and dislocations move. Plastic 
deformation starts when the resolved shear stress reaches a constant value. 
During deformation dislocation are continuously created by the created 
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misfit between the lattices. The crystal rotates in such a way that the slip 
direction rotates towards the tensile direction, Fig. 2.9b and c. This holds for 
tensile stresses, for compression the slip direction moves away from the 
tensile direction. For poly crystalline material Schmid’s law is not valid. 
However, it gives a visualization of the rotation of crystals. The rotations of 
the lattices in poly crystalline lead to texture change. The more deformation 
is introduced, the more the texture is enhanced.  

2.2.3 Difference between fcc and bcc 

For fcc materials the deformation mechanism is affected by stacking fault 
energy (SFE) on the {111} plane. The preferred mechanism for deformation 
for high and medium SFE materials is (partial) slip, whilst for low SFE 
materials slip and twinning are two competitive mechanisms. Twinning is a 
cooperative movement of atoms in which individual atoms only need to 
move a fraction of interatomic distance; this results in a macroscopic shear. 
Twinning, the other deformation mechanism, occurs in all hcp materials and 
fcc materials with a low SFE. In bcc materials twinning occurs at low 
temperatures or at high strain rates.  

 Whilst a lot of work is performed on fcc materials, bcc seems to be more 
complex. The number of active slip systems in <111> direction is highly 
dependent on temperature. For temperatures lower than TM/4, with TM the 
melting temperature in Kelvin, {112}<111> slip systems are preferred. For 
temperatures larger than TM/4 {123}<111> slip systems are preferred. 
According to an extensive analysis in [15], bcc Fe-C-Cr systems tend to have 
strong fibre textures. They found if temperature gradient plays a role, a high 
temperature results in dynamic recovery which prevents nucleation and 
primary recrystallization. Furthermore, a high alpha fibre texture at the centre 
of a plate causes roping. The only method to reduce roping is changing the 
deformation mode or randomisation the texture by phase transformation. For 
bcc materials a <111> crystal direction parallel to the plane surface normal is 
desirable for deep draw ability. Deviations from this fibre texture lead to 
decrease in Lankford value, the ratio between the in plane over the through-
thickness plastic strain and therefore less in plane strain over strain through 
thickness ratio. Liao et al [19] investigated the planar and normal anisotropy 
of bcc material in more detail. The anisotropy after cold and hot rolling is 
significantly different depending on the starting texture before the 



Theoretical background crystallography 
 

31 
 

deformation. Also, they found that under a Taylor-like model plane strain 
compression, i.e. rolling deformation, is not strongly dependent on the 
chosen slip system. However, the yield surface does strongly depend on the 
active slip systems.  
 
 

2.3 Orientation Relationship 

Solid state phase transformation always generates new interfaces between the 
already present crystal and the newly formed phase. The crystal orientation 
of the newly formed phase is constrained by its surroundings in such a way 
that the interfacial energy is minimized and compatibility is maintained. In 
other words, the crystal orientation of the newly formed phase must be 
accommodated to its original parent phase. This crystallographic orientation 
relationship (OR) between phases during phase transformation is a widely 
studied subject. The OR influences the microstructure of a given material 
significantly, which may affect the material performance in engineering 
applications. Considerable work has been performed on the characterization 
of the OR between the bcc phase and fcc phase from an experimental, a 
computational and a theoretical point of view of various materials. The start 
of this field can be traced back to Bain in the mid-1920s by characterizing 
the OR after the martensitic transformation in steels resulting in the Bain OR 
[20]. To date, most interfaces after phase transformation can still be 
characterized with the fundamental ORs laid down in the first half of the 
20th century.  

 Being stimulated by the various applications, research has been done on 
these ORs in a variety of material systems ranging from relatively simple 
binary systems [21], [22] to very complex martensitic steels [23]–[27]. 
Especially on a local level by Transmission Electron Microscopy (TEM) for 
epitaxial growth the OR is much studied [21], [28], [29]. For the very special 
case of high entropy alloys, only one single study on the OR could be traced, 
as was recently published by our group [30] using TEM yielding only very 
local information about the existing OR between the bcc  and fcc phase. In 
contrast, this thesis covers a rather statistical approach by characterizing the 
OR in a high entropy alloy with EBSD in Chapter 7. Due to the considerable 
amount of data points, a decrease of experimental error and uncertainty was 
obtained leading to a significant improvement of OR characterization.  
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 The most commonly used ORs nowadays to describe the interface 
between the fcc and bcc phase are the Bain [31], Pitsch [32], Kurdjumov-
Sachs (K-S) [33], Nishiyama-Wassermann (N-W) [34], [35] and the 
Greninger-Troiano (G-T) [36] ORs. The experimental observations are 
mainly based on the bcc/fcc interface (also called α/γ interface) after the fcc 
to bcc phase transformation, i.e. a fcc parent phase with a bcc daughter 
phase. However, bcc to fcc phase transformation result in similar ORs.  

 The description of an OR encompasses a pair of parallel crystal planes 
and a pair of parallel crystal directions for the parent phase and daughter 
phase. For the most commonly used ORs of Bain, K-S, N-W, Pitsch and G-T 
the crystal plane-direction description are shown for the fcc to bcc phase 
transformation in Table 2.4. The Bain, Pitsch, K-S and N-W ORs are called 
rational ORs because of the low Miller index numbers for describing the 
common planes and directions; the G-T is called an irrational OR because of 
the relative high Miller index numbers. Because of the cubic symmetry of 
both the parent and the daughter phase, a number of daughter crystal 
orientations are possible from a single parent orientation whilst  still 
satisfying the OR crystal plane-direction description. The different possible 
daughter crystal orientations are called variants. The number of possible 
variants depends on the symmetry of the OR and is listed for the common 
ORs in Table 2.4.  

 A visualization of the OR on the interface of two phases is displayed in 
Fig. 2.10 for a parallel {110}bcc and {111}fcc plane. In the first case a 
<100>bcc direction is parallel to a <110>fcc direction. This leads to the N-W 
OR for a fcc to bcc phase transformation. In the second case a <111>bcc 
direction is parallel to a <110>fcc direction. This case corresponds to the K-S  
OR for a fcc to bcc transformation. Similarly, Fig. 2.10 holds for bcc-hcp 
interfaces when the hcp basal plane fits with the {110}bcc plane. Fig. 2.10 
also shows that there is only a slight difference between the K-S and N-W 
OR. The parallel crystal planes are equal for both ORs. The only difference 
lies in the rotation of 5.26° around the {110}bcc or {111}fcc plane normal to 
obtain the K-S OR from the N-W OR.  

 Despite the different descriptions, similarly, a relation between the other 
OR’s exists. Also in these other cases a small rotation is the needed to obtain 
one OR from the other. In Fig. 2.11 the relation between the Bain and N-W 
OR and the relation between the K-S and Pitsch OR are visualized. For both  



Theoretical background crystallography 
 

33 
 

 
 

Table 2.4: Conditions for the parallel crystal planes and crystal directions 
which define the Bain, K-S, N-W, Pitsch, G-T OR for a fcc to bcc phase 

transformation, from [25]. 
OR type Plane Direction No. of 

variants 
Bain {100} fcc ||{100}bcc <100> fcc ||<110> bcc 3 
K-S {111} fcc ||{110} bcc <110> fcc ||<111> bcc 24 
N-W {111} fcc ||{110} bcc <011> fcc ||<001> bcc 12 
Pitsch {100} fcc ||{110} bcc <110> fcc ||<111> bcc 12 
G-T {111} fcc ||{110} bcc <123> fcc ||<133> bcc 24 

 

 
 
 

 

 
Fig. 2.10: A (110)bcc surface (open circles) has a high fitting with the (111)fcc 
surface (closed circles).  Vertical [-110]bcc [-211]fcc The ORs obtained are 
(a) Nishiyama-Wassermann when <100>bcc is parallel to <110>fcc and (b) a 
rotation of  5.26°relative to (a) .  Kurdjumov-Sachs when<111>bcc is parallel  
to <110>fcc , from [37]. 

 

[001]bcc||[0-11]fcc 

{110}bcc||{111}FCC 

a b 
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Fig. 2.11: One OR is easily obtained by another by means of a small 
rotation. (a) The Bain OR is obtained by rotating the N-W OR by 9.74° 
around the {110}fcc or {100}bcc direction. (b) The Pitsch OR is obtained by 
rotating the K-S OR by 5.26° around the {110}fcc or {111}bcc direction. From 
[37]. 
 

Nishiyama-Wassermann 

Kurdjumov-Sachs 

T
o 
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Fig. 2.12: Overview of all variants of the Pitsch, Bain , K-S and N-W 
orientation in a {001}bcc pole figure. The misorientation angle corresponds 
to the angles obtained by small rotation of the interface planes shown in Fig. 
2.11. From [25]. 

 
cases we start with the most symmetric case. In Fig. 2.11a we start with the 
N-W OR and for the relation between the Bain and N-W OR we need to 
lookat the parallel crystal direction description for both the ORs in Table 2.4. 
The careful reader notices that the description <100> fcc ||<110> bcc is 
equivalent to <011>fcc ||<001>bcc. The Bain OR is then easily obtained from 
the N-W OR by a rotation of 9.74° around <011> fcc or <001> bcc to 
coincide the {100}fcc and {100}bcc planes. In Fig. 2.11b we start with the K-S 
OR and for the relation between the K-S and Pitsch OR one observes that the 
parallel crystal direction is equal: <110>fcc ||<111>bcc. We therefore easily 
conclude that a rotation with the <110>fcc and <111>bcc directions as rotation 
axis is used to obtain the Pitsch from the K-S OR. A rotation of 5.26° is 
necessary to align the {100}fcc and {110}bcc planes. The variants of the Bain, 
Pitsch, K-S and N-W ORs can be schematically represented in a single 
{001}bcc pole figure as seen in Fig. 2.12. In this way the small 
misorientations between the variants of the different ORs becomes more 
clear as well as the similarity between the Pitsch and N-W OR.  
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 These ORs are all based on the invariant line model which states that a 
line within a crystal is not changed during transformation but stays invariant 
in that crystal [37]. The invariant line concept is based on the observation 
that the interfacial energy of heterophase interfaces is minimized by atomic 
row matching. This criterion determines the -what we will call ‘equilibrium’ 
orientation relationship of two different phases. The invariant line in the 
parent phase therefore corresponds to a line in the daughter phase despite the 
transformation strain transforming the parent lattice into the daughter lattice. 
In general the invariant line is a nonrational direction, i.e. not coinciding 
necessarily with a low-index close-packed direction. According to the lattice 
correspondence the daughter lattice can be drawn inside the parent lattice. 
However, the daughter lattice needs to be strained by a transformation strain 
in order to fit into the parent lattice. The transformation is homogenous and 
applied equally to all lattice points in the crystal. Therefore, the 
transformation strain can be written as a transformation matrix  and for such 
a transformation lines remain lines and planes remain planes, however angles 
and lengths can be distorted.  

 Dahmen [37] has applied matrix algebra to find the angle of rotation to 
form an invariant line as a function of the principal strain components in two 
perpendicular directions, say x and y. An example of transformation strain 
can be visualized in Fig. 2.10. For a perfect fit of the {111}fcc plane on the 
{110}bcc plane a compression in vertical and a tensile in horizontal direction 
of the fcc lattice is necessary. The invariant line model thus can be visualized 
as a row of atoms that does not change position. For precipitates it is 
hypothesized that the invariant line lies in the precipitation/matrix interface. 
For martensitic transformations invariant plane strain, a special case of 
invariant line strain occurs.  

 Despite the similar OR description of the bcc to fcc OR there is a small 
but crucial mathematical difference with respect to the fcc to bcc OR 
description. The mathematical difference between a fcc to bcc OR with 
respect a bcc to fcc OR lies in the rotation. It has been shown that the 
rotation from an fcc to bcc lattice is the inverse to the rotation from a bcc to 
an fcc lattice [25]. In the following it is relevant to recall that each crystal 
orientation of a cubic structure can be obtained by maximum of three 
subsequent rotations. The corresponding angles are called Euler angles [38], 
[39]. Therefore, an OR variant can be described as a set of Euler angles.  
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Table 2.5 Euler angles describing the rotation from the parent grain 
orientation to an OR variant for the fcc to bcc and bcc to fcc phase 
transformation for the Bain, K-S, N-W and Pitsch OR, from [40]. 

  fcc → bcc   bcc → fcc  
OR ϕ1(°) Φ (°) ϕ2(°) ϕ1(°) Φ (°) ϕ2(°) 

Bain 0 45 0 0 45 0 
K-S 5.77 48.19 5.77 5.77 48.19 5.77 
N-W 9.74 45 0 0 45 9.74 
Pitsch 0 45 9.74 9.74 45 0 

 
 In Table 2.5 the Euler angles (Bunge notation) for one variant of the 
various ORs are shown for the bcc to fcc phase transformation and vice 
versa. The inversion of the rotation is obtained by interchanging the ϕ1 and 
ϕ2 Euler angles. For that reason the descriptions of the Bain and K-S ORs are 
exactly the same for both directions of the phase transformation. However, 
for the Pitsch and N-W ORs the descriptions are interchanged. The N-W OR 
for the bcc to fcc phase transformation gives exactly the same rotation as the 
Pitsch OR for the fcc to bcc phase transformation and vice versa. This 
inversion is important and can be quite confusion when looking in literature 
for observed ORs in different direction of the phase transformation.  

 The fcc to bcc ORs are studied in numerous material systems. An 
interesting note is that the fcc to bcc ORs are also extensively studied in 
meteorites. When cooling down the bcc kamacite phase is formed from the 
fcc taenite phase in Fe-Ni meteorites. In literature, various meteorites with 
particular microstructures and ORs are reported. Fe-Ni meteorites are studied 
with different methods such as synchrotron diffraction and EBSD [41]–[45]. 
In general, in these cases a strong K-S and N-W OR were found as well as a 
continuous range of orientations between the two ORs. Next to meteorites, 
precipitation and phase transformation in steels are intensively studied 
systems.  

 The precipitation of bcc Widmanstätten, a particular lamellae 
microstructure, cementite in an fcc austenite matrix was studied, in which a 
strong Pitsch OR was concluded [46]. However, Zhang and Kelly found 
earlier on in TEM experiments an OR which doesn’t fit to the known rational 
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ORs, but the Pitsch OR was not found for Widmanstätten cementite plate 
formation in an austenite matrix in their study [23]. In two TRIP steels for 
the transformation from austenite to bainite a strong K-S OR was detected, 
but N-W and Pitch ORs were also present [25].  

 Not only between the fcc and bcc phase a strong OR exists, but also 
between the bcc and hcp phase; and between ferrite and cementite. Table 2.6 
shows the most common ORs between the respective phases mentioned in 
literature. The ORs hold also for the phase transformation of opposite 
direction with respect to the mentioned direction, however an inversion of 
rotation as described above is necessary for a proper description.  
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Table 2.6: Table of the most commonly known ORs for different kinds of 
solid state phase transformations. 

OR-type Phase 
Transformation Description Ref. 

  Parallel Plane Parallel Direction  

Bain fcc -> bcc {100}fcc||{100}bcc <100>fcc||<110>bcc [31] 

Kudjumov-Sachs fcc -> bcc {111}fcc||{110}bcc <110>fcc||<111>bcc [33] 

Nishiyama-
Wassermann fcc -> bcc {111}fcc||{110}bcc <011>fcc||<001>bcc 

[34], 
[35] 

Pitsch fcc -> bcc {100}fcc||{110}bcc <110>fcc||<111>bcc [32] 

Greninger-
Troiano fcc -> bcc {111}fcc||{110}bcc <123>fcc||<133>bcc [36] 

Pitsch-Schrader bcc -> hcp {110}bcc||{0001}hcp <001>bcc||{2110}hcp [47] 

Burgers bcc -> hcp {110}bcc||{0001}hcp <111>bcc||{1210}hcp [48] 

Jack bcc -> hcp {110}bcc||{0001}hcp <211>bcc||{1010}hcp [49] 

Potter bcc -> hcp {110}bcc||{1001}hcp <111>bcc||{1210}hcp [50] 

Bagaryatsky bcc -> tetragonal 
Fe3C {112}bcc||{001}Fe3C <110>bcc||<100>Fe3O 

<111>bcc||<010>Fe3O [51] 

Isaichev bcc -> tetragonal 
Fe3C {011}bcc||{103}Fe3C <111>bcc||<010>Fe3O [52] 

Pitsch-Petch bcc -> tetragonal 
Fe3C {215}bcc||{001}Fe3C 

<311>bcc||<100>Fe3O 
<131>bcc||<010>Fe3O 

[53], 
[54] 
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Chapter 3 

Methods & Materials 
 
In this chapter a summary of the experimental techniques and methodology 
used in this thesis is given. For more detailed descriptions of each of the 
methods, the reader will be referred to open literature. For the sample 
preparation a standardized polishing protocol for AISI 420 material is given. 
Moreover, the crystallographic texture analysis is described for the 
quantification and interpretation of crystallographic texture data and 
microstructural maps. Finally, the microstructural characterization of AISI 
420 stainless steel in the as received state is given, along with its properties 
found in literature. 

3.1 Characterization 

3.1.1 SEM 

 The microstructure on the surface was characterized by Scanning 
Electron Microscopy (SEM). The SEM uses a focused electron beam and 
scans a selected area thereby creating secondary electrons, an ionization 
product, from the sample. The secondary electrons originate from the near 
surface area and therefore provide qualitative topographical information. The 
information depth depends on the acceleration voltage but is typically around 
1 -10 nm, see Fig. 3.1. The secondary electrons (SE) are detected by a SE 
detector and the signal is converted to a contrast image. Due to the narrow 
electron beam the SEM has a large depth of focus. The analyses for this 
thesis were performed in a Field Emission Gun (FEG)-Environmental SEM  
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Fig. 3.1: Interactions products when the electron beam is irradiating the 
sample surface. (right) Depth of information and region of origin of the 
different interaction products, from [1]. 

 
XL30 (Philips, Eindhoven, the Netherlands) and Lyra (TESCAN, Brno, 
Czech Republic). 

3.1.2 EBSD 

 The crystal orientation was determined by Electron Backscatter 
Diffraction (EBSD) also known as Orientation Imaging Microscopy (OIM). 
It is a powerful technique to map the crystal orientation of crystalline 
material such as metals and ceramics. For EBSD the sample surface normal 
is tilted 70° with respect to the incident electron beam towards the EBSD 
detector. Also, the sample surface must be mirror polished. Electrons from 
the electron beam are inelastically scattered and form a diffraction cone near 
the sample surface. The EBSD detector is positioned such that the projection 
of the diffraction cone is obtained on the detector screen. The pattern 
obtained by the diffraction cone projection is called a Kikuchi pattern, see  

Fig. 3.2. At angles satisfying the Bragg condition  
 

 𝑛𝑛𝑛𝑛 = 2𝑑𝑑 𝑠𝑠𝑠𝑠𝑛𝑛𝛩𝛩             (3.1) 

 

with 𝑛𝑛 an integer, λ the wavelength, d lattice spacing and θ the scattering 
angle, high intensity bands are formed due to constructive interference due to 
the crystal planes. Each band therefore corresponds to a family of crystal 
planes.  
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Fig. 3.2: Example of a Kikuchi diffraction pattern, the 2D projection of the 
diffraction cone. The pattern consists of bands of enhanced intensity 
produced by the different lattice planes of the crystal.  

 
 By applying a Hough transformation on the Kikuchi pattern, the crystal 
lattice and crystal orientation were determined. The automated EBSD 
software tries to fit preselected phases in the obtained Kikuchi pattern. This 
allows us to map a large area for their crystal orientation. The EBSD system 
(EDAX, Utah, USA) used in this thesis is used in combination with a SEM 
environment in both the Philips ESEM XL30 and Lyra SEM.  

3.1.3 EDS 

 The elemental composition is determined by Energy Dispersive X-ray 
spectroscopy (EDS). The X-rays originate from the energy release when an 
outer shell electron is filling an inner shell vacancy created by the focused 
electron beam. The energy release created by the difference in energy of 
electron orbits is characteristic for each element. The depth of information is 
approximately 1 -10 µm depending on acceleration voltage, see Fig. 3.1. A 
downside of this method is that the quantification of lighter elements is less 
accurate, e.g. C and O. The EDS system (EDAX, Utah, USA) used in this 
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thesis is used in combination with a SEM environment in both the Philips 
XL30 and Lyra SEM. 

3.1.4 XRD 

 X-ray diffraction (XRD) is used to characterize the phases present in 
crystalline material and regularity of the crystal. Similar to EBSD, XRD can 
obtains crystallographic texture information, however the major difference is 
that the information obtained is averaged over a large surface, thereby 
obtaining global information in contrast to local information with EBSD. 
Moreover, one does not acquire the positional information. The diffraction 
spectrum is generated by the elastic scattering of X rays satisfying the Bragg 
condition, see Eq. 3.1. A powder XRD setup was used to obtain information 
of the bulk in a θ-θ configuration where both the angle of the source and 
detector are incrementally increased. The information depth of powder XRD 
is typical in the order of microns. 

 For the characterization of the top layer of oxidation, we used a grazing 
incident XRD (GIXRD). GIXRD allows a much lower information depth 
than conventional XRD, due to the fixed position of the source at a very 
small incident angle. With GIXRD only the detector is moved and the 
spectral peaks correspond to crystal planes which satisfy the Bragg 
condition, Eq. 3.1. The information depth is highly dependent on the incident 
angle and the composition of the top layer, but one can obtain information 
depths as low as 10 nm.  

3.2 Processing 

3.2.1 Sample preparation 

 For the microstructural analysis of the material in the electron 
microscope, smaller pieces were cut by an abrasive saw for the analyses of 
surfaces or a slow diamond saw for the analyses of cross sections. For EBSD 
analysis it is necessary that the deformation of the sample surface is 
removed; this is done by polishing of the surface. For the polishing 
procedure, the samples were fixated in a conductive molding together with 
the to be polished surface pointing outwards such that the investigated 
surface is mirror polished. 
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Table 3.1: Standardized polishing protocol for EBSD analysis of AISI420  

Step Disc Suspension 
Particle 

Size (um) 
Time 
(min) 

Force 
(N) 

Rotation 
speed 
(rpm) 

1 
Piano 
220 

Water - 1 30 300 

2 Largo 
DiaP. 

Allegro/Largo 
9 10 30 150 

3 Dur DiaP. Mol 3 5 30 150 

4 Dur DiaP. Mol 3 5 15 150 

5 Nap DiaP. Nap-B 1 20 10 150 

6 Nap Blue lubricant 0.25 10 10 150 

7 Chem OP-AN 0.025 11 10 150 

 
 The investigated surfaces were polished by abrasive particles in multiple 
steps down to 25 nm sized particles. Each polishing step removes previous 
introduced mechanical deformation, but also introduces new deformation 
with a deformation zone of three times the scratch width. The polishing 
protocol is chosen such that the deformation of each step is removed by the 
successive polishing step. The standardized polishing procedure consists of 
plane grinding, fine grinding and final polishing and is found Table 3.1. For 
each step the polishing disc, the polishing agent, the particle size of the 
polishing agent, the polishing time, the applied force and rotation speed of 
the polishing disc are given.  

3.2.2 Mimicking the production process: Deformation & 
Temperature treatment 

 The effect of industrial production steps was reproduced with a 
simplified, reproducible method. The deformation introduced in the 
production process was reproduced by uniaxial stress experiments of tensile 
bars by a tensile stage. The tensile stage (Kammrath & Weiss, Germany) 
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allows for straining of small tensile bars. Moreover, it is possible to do in-
situ strain measurements whilst performing EBSD analysis.  

 Heat treatments were performed both ex-situ and in-situ. Ex situ heat 
treatments were performed in high temperature furnaces where temperatures 
up till 1600 °C could be obtained. In-situ experiments were performed with a 
Heating Stage (Kammrath & Weiss, Germany) designed for a SEM 
environment. The Heating Stage allows a temperature range from room 
temperature up to 1500 °C with a stability of 0.1 °C controlled by a PID. The 
heating stage is designed such that EBSD measurements can be performed 
simultaneously. Ex situ tensile experiments at elevated temperatures were 
performed by using a laser extensometer.  

3.3 Crystal Orientation Distribution representation 

 There are various representations to show the crystallographic orientation 
information of a material. The difficulty arises in representing 3D data in 2D 
manner. For the sake of clarity, different representations used in this thesis 
will shortly be discussed and the construction of these representation are 
given. For a more detailed description the reader is referred to the literature.  

3.3.1 Pole Figure & Inverse pole figure 

 One way to represent the crystal orientation distribution is by projecting 
the 3D orientations data on a 2D reference surface. The pole figure (PF) and 
inverse pole figure (IPF) are such projections. The PF relates a specific 
crystal direction to a fixed sample coordinate system. The construction of a 
PF is shown in Fig. 3.3 for the <001> crystal direction. The PF is constructed 
by considering poles belonging to a specific crystal direction. A pole is the 
intersection point of the crystal direction vector with a reference sphere, Fig. 
3.3a. The pole is then projected on the reference plane. Because the <001> 
crystal direction has 3 symmetric direction in the upper half of the reference 
sphere, 3 poles and therefore 3 pole projections can be constructed on the 
reference plane, Fig. 3.3b. This results in the PF for one data point, Fig. 3.3c. 
When this construction is repeated for all data points of crystal orientations 
in the sample, the ensemble of all projections which represents the 
orientation distribution in the sample is obtained. The PF is especially useful 
to observe any rotational preference around a specific crystal direction.  
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Fig. 3.3: Construction of a pole figure. (a) Poles represent a certain crystal 
direction and are constructed by the intersection of a crystal direction vector 
with the reference sphere. The projection of the pole on the reference surface 
gives the PF for that particular crystal direction. (b) For a crystal direction 
the multiplicity due to symmetry has to be considered and multiple poles can 
be constructed for a crystal direction, i.e. three poles can be constructed for 
the cubic <001> direction. (c) The <001> PF for a crystal orientation is 
constructed from the projections of the poles on the reference plane. (from 
[2]). 

 
 The other way around, relating the crystal directions to a specific sample 
plane gives an IPF, i.e. which crystal direction corresponds to a fixed sample 
direction. The IPF is constructed by looking to specific sample direction with 
respect to the crystal coordinate system. The construction is analogue to the 
construction of the PF, but the poles are made by the sample direction with 
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the reference sphere in the crystal coordinate system. The ensemble of 
projections forms the IPF and because of crystal symmetry a reduced part of 
the reference plane gives the full orientation distribution. The IPF is 
especially useful to observe any preference of crystal direction with respect 
to a sample plane, i.e. fiber textures as described in Chapter 2. A full 
description of the orientation distribution can only be given by multiple PFs 
or IPFs. A more detailed description of the pole figure and inverse pole 
figure can be found in [2], [3]. 

3.3.2 Euler angles and space 

The orientation distribution can also be represented in a 3D space. For this 
we need to recall that for a cubic system an arbitrary crystal rotation can be 
decomposed into a maximum of three standard rotations [2]–[4] and the 
angles describing these three rotations are the Euler angles. There are many 
different sets of three standard rotations, however in this thesis the Bunge 
notation is used. The rotation axes are ZXZ with first a rotation around 
ZSample with an angle ϕ1; then around X’Sample with an angle Φ and finally 
around Z”Sample with an angle ϕ2, see Fig. 3.4. 

 An arbitrary orientation represented with three parameters can be plotted 
in a 3D Cartesian space called the Euler space, see Fig. 3.5.. The whole range 
of orientation can therefore be plotted within the Euler space. For crystals 
with a cubic symmetry a reduced Euler space with a range of 0° to 90° for 
 

 

Fig. 3.4: An arbitrary rotation can be described by three standard rotations 
with corresponding three Euler angles. For the Bunge notation those three 
rotations are around (a) Zsample giving φ1, (b) X’sample giving Φ and (c) 
Z”sample giving φ2 
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Fig. 3.5 Example of the sliced Euler space with slices of ϕ2 of 5°. Fibres 
appear as high-density lines (ϕ2=40 °) and texture components as high-
density points (e.g. ϕ2=5 °). 

 
the ϕ1, Φ, ϕ2 Euler angles suffices. For the representation of the Euler space 
on paper, the Euler space is divided in equally sized slices with a fixed angle 
range. In this thesis ϕ2 is divided in slices of 5°. The Euler space is very 
useful to analyze both single orientations and texture fibers which appear as 
points with high density and lines of high density, respectively in the Euler 
space, see Fig. 3.5. 

3.3.3 Orientation Distribution Function 

For all the afore mentioned representations the orientation distribution can be 
given a discrete manner, i.e. one point per orientation. However, to compare 
different textured materials we are interested in the density of those points. 
We need to normalize the data and construct the orientation distribution 
function (ODF). For textures we normalize the density with respect to a 
random texture. For this, the density of points in an infinitesimal area (of a 
PF, IPF or Euler space) is compared to the density if the material had a 
random texture. The integral over the full ODF is normalized and satisfies: 
 

  ∮𝑓𝑓(𝑔𝑔)𝑑𝑑𝑔𝑔 = 1             (3.2) 
 



Chapter 3 
 

54 
 

with f(g) the ODF and g an orientation. The volume fraction of material 
oriented within an orientation range 𝑔𝑔0 + Δ𝑔𝑔 is: 

 

   
Δ𝑉𝑉𝑔𝑔0+Δ𝑔𝑔

𝑉𝑉
= ∮ 𝑓𝑓(𝑔𝑔)𝑑𝑑𝑔𝑔𝑔𝑔∈(𝑔𝑔0+Δ𝑔𝑔)           (3.3) 

 

with Δ𝑉𝑉𝑔𝑔0+Δ𝑔𝑔 the volume of the orientation range 𝑔𝑔0 + Δ𝑔𝑔, 𝑉𝑉 the total 
volume and 𝑓𝑓(𝑔𝑔) the ODF. 

3.3.4 Texture Quantification 

To quantify the texture, we look at specific texture components characteristic 
for the material, which can be a specific orientation or a group of 
orientations. A fiber texture is such a special group of orientations, which 
consists of orientations with a common crystal direction. For all the 
comparisons the orientation density is used with respect to a random texture 
calculated by the ODF.  

 Fiber textures are quantified with the help of pole plots, which are 1D 
representations of a PF. Pole plots are constructed by integrating the 
orientation density over the azimuthal angle as seen in Fig. 3.6. This 
technique is inherited from XRD analysis in which intensity is plotted 
against the tilt angle. Here, instead of intensity we have the average pole 
density of infinitesimal rings along the azimuthal angle as function of the 
polar angle. To simplify this analysis, the data is rotated such that the 
orientation density peak coincides with the center of the PF.  

 From the pole plot the fraction of points which have a random texture, 
random fraction, is extracted. First, we need the random component of the 
pole plot by measuring the offset of the pole plot. Second, we the value of 
the equal density line if the sample had a random texture: the random 
equivalent. The random equivalent depends on the binning of the polar angle 
Δ𝜃𝜃 , such that the integral over the density is 1: 
 

  𝜌𝜌𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟 𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑟𝑟𝑒𝑒𝑒𝑒𝑟𝑟𝑒𝑒(Δ𝜃𝜃) = 1
Σ2𝜋𝜋 sinθiΔ𝜃𝜃

          (3.4) 
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Fig. 3.6: Construction of the pole plot by taking the integral along the 
azimuthal ring.  
 

with 𝜃𝜃𝑒𝑒 the average polar angle of the ith azimuthal ring. The random fraction 
can then be easily calculated: 
 

  the random fraction is 𝜌𝜌𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟 𝑐𝑐𝑟𝑟𝑟𝑟𝑐𝑐𝑟𝑟𝑟𝑟𝑐𝑐𝑟𝑟𝑐𝑐

𝜌𝜌𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟𝑟 𝑐𝑐𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑒𝑟𝑟𝑒𝑒𝑐𝑐𝑟𝑟𝑐𝑐 
          (3.5) 

 

The pole plot minus the random fraction tells us something about the spread 
of the fiber. To calculate the volume fraction of each fiber, we have to 
calculate the number of points per azimuthal ring: 
 

  𝑁𝑁𝑒𝑒 = 2𝜋𝜋𝜌𝜌𝑒𝑒 sin𝜃𝜃𝑒𝑒 Δ𝜃𝜃             (3.6) 
 

with 𝑁𝑁𝑒𝑒 the number of per points of ith azimuthal ring, 𝜌𝜌𝑒𝑒 the density of the ith 
azimuthal ring, and Δ𝜃𝜃 the bin size of the polar angle. If only one fiber 
texture is present, the peaks originate from the multiplicity of poles. If there 
are multiple fiber texture the peaks also originate from the multiplicity but 
also from the different fiber texture components. In this case we need to 
deconvolute the peaks; need to know the theoretical position of the peaks due 
to the lattice symmetry, and the intensity of the peaks due to the multiplicity 
of poles. Only then can the volume fraction be calculated from the 
deconvoluted peaks. The ratio of the integral of the peaks created by the fiber 
texture says something about the ratio of volume fraction of the fibers 
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Fig. 3.7 (a) Pole plot including the random texture line. The random texture 
fraction is determined by the global minimum of the pole plot. (b) integrated 
pole plot with the random texture part subtracted. The peaks are 
deconvoluted by fitting one or more Gaussian distributions to quantify the γ-
fiber. 

 
 In this analysis we do not take into account any inhomogeneity of 
orientation density within the texture fiber. However, due to straining the 
texture fiber can decompose, i.e. certain orientation within the fiber are more 
preferred. To describe the decomposition, we need to measure the orientation 
density along the fiber. This is done by looking to the texture fiber in Euler 
space. For the γ-fiber theoretical fiber is as Φ =54 and ϕ2=45 in Euler space, 
with a varying orientation density along the ϕ1 line.  

a 

b 
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3.4 Microstructural maps 

 The microstructure measured by EBSD can be represented in 
microstructural maps in a number of manners. These microstructural maps 
represent either global grain information or local information within a grain 
depending on the chosen methodology. In Table 3.2 the most common 
microstructural maps are listed, at which level they give information and the 
physical representation of the value. The methodology is either based on the  
 

Table 3.2: Summarization of the different microstructural map types, the 
level of information the map represents and the physical representation of 
the values of the map. 

Map type Level of information Value 

Kernel Average 
Misorientation Local 

Average 
misorientation of the 

kernel center with 
points in the kernel 

Grain Average 
Misorientation Grain 

Average neighbor-to-
neighbor 

misorientation of a 
grain 

Grain Orientation 
Spread Grain 

Spread of neighbor-to-
neighbor 

misorientation 
distribution of a grain 

Local Average 
Misorientation Local 

Average neighbor-to-
neighbor 

misorientation of a 
kernel 

Local Orientation 
Spread Local 

Spread of neighbor-to-
neighbor 

misorientation 
distribution of a kernel 

Grain reference 
orientation deviation 

(axis or angle) 
Local 

Misorientation axis or 
angle with respect to a 
reference orientation 

in a grain 
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Fig. 3.8: Different microstructural maps of the same scanned area. (a) 
Kernel Average Misorientation, (b) Grain Average Misorientation, (c) Grain 
Orientation Spread, (d) Local Average Misorientation, (e) Local Orientation 
Spread, (f) Grain Reference Orientation Deviation Angle and (g) Grain 
Reference Orientation Deviation Axis.  

 
whole grain, in which all the points in the grain are considered, or based on 
an arbitrary sized kernel, in which only the points in the kernel are 
considered. However, the points of a kernel must lie in the same grain. The 
kernel approach gives local information and is formed by a center point plus 
the 1st until nth nearest neighbors, with n being an arbitrary integer larger than 
0. The larger n, the more of statistical averaging is performed. The values of 
these maps are highly dependent on the chosen step size of the scan. 
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 The Kernel Average Misorientation (KAM) gives the average 
misorientation with respect to the center of the kernel and gives information 
on a local level. The misorientation values are calculated with respect to the 
crystal orientation of the kernel center. With KAM either the points at the 
kernel’s perimeter or all the points in the kernel can be considered. An 
example of this kind of map is found in Fig. 3.8a. The KAM is useful to 
calculate the long range and short-range deformation within a grain.  

 The Grain Average Misorientation (GAM) and Grain Orientation Spread 
(GOS) give both grain level based information about the average and spread 
of the misorientation distribution within a grain respectively. Examples of 
these maps are found in Fig. 3.8b & c and give a single value per grain. The 
misorientation distribution is formed by all the misorientation angles 
between a point and its neighbors within a grain. These two microstructural 
maps give insight in the degree of deformation per grain and are very useful 
for the comparison of deformation as function of the crystal orientation.  

 The Local Average Misorientation (LAM) and Local Orientation Spread 
(LOS) give both local level based information within an arbitrary sized 
kernel of points. Similarly, to the GAM and GOS, the LAM and LOS give 
the average and spread of the neighbor to neighbor misorientation 
distribution within the kernel and these values are assigned to the center of 
the kernel of the respective maps. Examples of the maps are found in Fig. 
3.8d & e. These two microstructural maps give insight in the degree of local 
deformation within grain and are very useful to pinpoint site specific high 
strained areas.  

 The Grain reference orientation deviation axis or angle give the 
misorientation axis or angle with respect to a reference orientation of a grain 
on a local level. The reference orientation can be either the average crystal 
orientation of the grain or the crystal orientation of the point with the lowest 
KAM value of the grain. Advantage of the latter approach is that the 
reference orientation represents a physical orientation. Examples of these 
maps are found in Fig. 3.8f & g. These types of maps give insight into the 
change in deformation with respect to a fixed crystal orientation in the grain.  
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3.5 AISI420 

 For the production of the accurate metal parts, an AISI420 grade stainless 
steel. This material is the focus of our interest for the industrial related 
research. The base material is a coiled strip with a width of 38 mm and a 
thickness of 0.5 mm. The AISI 420 grade stainless steel is a high carbon, 
martensitic stainless steel (MSS) with at least 12 wt.% Cr according to the 
American Iron and Steel Institute (AISI) standards. AISI420 is a martensitic 
steel, which means the steel can be hardened by a heat treatment to the 
metastable martensitic phase. To understand this metastable phase, we need 
to look at the Fe-C phase diagram in Fig. 3.9. The as-received steel has the 
ferritic BCC phase at room temperature and transform into the austenitic fcc 
phase when temperature increases above 980 °C. If the temperature is 
decreased slowly, the material will transform back into its original stable 
ferritic BCC phase. However, if the steel is cooled fast, the austenite phase 
transforms into the body centre tetragonal martensitic phase. In the 
continuous cooling diagram in Fig. 3.10 is seen at which cooling rates 
martensite is formed in AISI420. The martensitic phase transformation 
occurs at high cooling rates because the carbon, dissolves into the austenitic 
phase at high temperature and it does not have enough time to diffuse out of 
the matrix. The carbon therefore will be fixed into the BCC lattice and act as 
an interstitial causing the lattice to expand into a certain direction. The 
martensitic phase is much harder than ferritic phase and more brittle because 
of the pinned down dislocations due to interstitial carbon. However, the 
ferritic phase is more favourable for deformation processes because of its 
soft and ductile properties. 

3.5.1 Microstructural analysis 

 The goal of the thesis is to evaluate the microstructural changes by 
different deformation and heating steps. For this we first need to analyse the 
microstructure of the material in the as received state. The zero measurement 
will act as the comparison material for texture analysis and observation of 
microstructural changes. This material is also referred to as the 0% strain 
state. Of course, there is some internal strain due to the production process at 
the manufacturer and processing history of the material. This state of the  
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Fig. 3.9: Fe-C phase diagram, from[5]  

Fig. 3.10: Continuous Cooling Transformation diagram for AISI420, from 
[6]. 
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material is the same the industrial starts with. The exact processing history at 
the manufacturer is unknown. 

 In Fig. 3.11 a SEM image of a representative area shows the as received 
microstructure after polishing. Grains, grain boundaries and carbides are 
clearly distinguishable on the SEM image. The grains are in the BCC ferritic 
phase and have an average grain size of 10 um. The grain boundaries 
separate different grains with crystal lattices having a misorientation larger 
than 5°. Next to the ferrite grains the microstructure also contains chromium 
carbides. These chromium carbides can reside on the grain boundary or intra 
granular. On the SEM image also holes in the surface are visible and appear 
black in Fig. 3.11. The holes are created during the polishing of the sample 
and contained chromium carbides which came loose to the high shear forces. 

 The type of chromium is Cr26C6 and it has a hexagonal lattice structure. 
The chromium carbides are a pile up of Cr and C and are harder than the 
relatively soft Fe-Cr grain. Two types of chromium carbides can be found in 
AISI420 steels, Cr26C6 and Cr7C3, however only Cr26C6 is stable in the 
material at room temperature [7]. EDS spot scans measure an increase of Cr 
content up to 40 at.% and a decrease of Fe content up to 50 at.% in the 
carbides.  
 

 

Fig. 3.11: Microstructure of a polished piece of the as received AISI 420. 
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Table 3.3: Elemental composition of AISI420 

Elements Fe Cr Mn Si O C 
Composition 

(at.%) 78.97 14.05 0.04 0.34 4.69 1.92 

 

 
Fig. 3.12: Compositional maps of the elements (A) Fe (orange), (B) Si (light 
blue), (C) Fe and Mn (pink), (D) Fe + O (green), (E) Fe + Cr (blue) and (F) 
Fe + C (red) 

 
 The elemental composition of the AISI420 steel was measured by EDS 
and listed in Table 3.3. The majority of the matrix is Fe and Cr, whilst some 
traces of minor elements as Si and Mn are present. Please note that the 
quantification of light elements contains relative large errors. The 
distributions of the different elements are made visible with the elemental 
maps of C, O, Si, Cr, Mn and Fe in Fig. 3.12. From the elemental maps a 
clear distinction between the Fe-Cr matrix and chromium carbides is visible. 
The Fe-Cr matrix contain Fe, Cr and most of the Mn, whilst the carbides 
contain low amount of Fe and high amount of Cr, O and C. Si is distributed 
homogenously of the sample.  

3.5.2 Initial texture 

The as received AISI420 has a strong crystallographic texture. The strong 
texture Is seen in PFs of the cross section in Fig. 3.13. A distinction was 
made between the centre of the plate and the material near the surface, but no  
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Fig. 3.13: <111> PF of AISI 420 in the as-received state of (a) at the near 
surface and (b) in the center of the sheet. Crystallographic texture in this 
material does not change with thickness. 

 

Table 3.4: Quantification of the γ-fiber of AISI420 in the as received state 

  
Randomness   

 
γ-fiber  

 fraction fraction Width 2σ (°) 

0% 0,399 0,571 19,9 

 
significant difference in texture has been observed. The pole distribution 
corresponds to a strong γ-fibre texture easily recognised by the high pole 
density of <111> poles in the ND. This type of texture is mainly the product 
of the rolling process. However, the fibre is not fully symmetric around the 
ND explaining the anisotropic behaviour in the plane. This γ-fibre texture is 
very beneficial for deep drawing purposes. But due to the anisotropic 
behaviour the earing effect will be visible after punching the caps.  

 A quantification of the γ-fibre can be performed according to the 
described analysis in Chapter 3.3. In Table 3.4 the γ-fibre fraction of is 
presented. As expected the quantification shows a high-volume fraction for 
the γ-fibre with some spread. 
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Chapter 4 

Anisotropy study of AISI 420 
 

In this chapter we investigate the crystallographic texture development in 
AISI 420 stainless steel as a result of uniaxial tensile deformation and heat 
treatments. The results presented in this chapter are linked to the industrial 
part of the project concerning the production of accurate metal parts in an 
industrial environment. Due to the initial texture present in the as-received 
material, the mechanical behaviour of the metal is anisotropic. Here, we 
quantify the differences in texture development dependency on the tensile 
direction. At the end, a model is proposed to predict the crystallographic 
texture for different degrees of strain based on crystal rotations due to 
dislocation slip. 

4.1 Introduction 

The anisotropic mechanical behaviour of the AISI 420 sheet material leads to 
unwanted distortion in the shape of accurate metal parts, as was 
aforementioned in Chapter 1. The degree of distortion depends on the 
processing parameters for each of the production steps, given by the solid 
line in Fig. 4.1. The cold forming and the subsequent heat treatment are 
identified as the largest contributors to the total amount of distortions of the 
final shape. Moreover, the sensitivity of the shape change due to processing 
parameters is of great importance and is given by the bars in Fig. 4.1. Crucial 
is the development of the crystallographic during these industrial processes. 
To gain a better understanding of the texture development, we studied the  
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Fig. 4.1: Schematic overview of the distortion in an accurate metal part after 
a production step. The forming and austinization step are the main 
contributors to the total distortion [1]. A finishing step removes all the 
distortion at the end of the production.  

 
texture development of this particular stainless steel after straining and after 
a heat treatment. For the straining part we studied the directional dependency 
of the texture development. Concerning the heat treatment, we studied the 
texture development as result of a tempering process, i.e. to temperatures 
below the recrystallization temperature, and after hardening, i.e. after 
martensitic transformation. The changes in texture are quantified with respect 
to the as-received state (Chapter 3.5). Finally, we propose a model to predict 
the crystallographic texture for different degrees of strain which is based on 
crystal rotations due to dislocation slip.  

4.2 Texture change due to deformation 

The effect of cold forming on the crystallographic texture is experimentally 
simplified to uniaxial tensile experiments. For this study, AISI 420 samples 
were strained to different levels of strain and the change in texture was 
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quantified with respect to the as-received state. To quantify the anisotropic 
behaviour of the texture development according to the method in Chapter 
3.3.4, two sets of samples were made from the as-received AISI420 metal 
strip. The first set consists of tensile bars with their length parallel to the 
metal strip length and thereby parallel to the rolling direction (RD) of the 
strip, see Fig. 4.2. The second set consists of tensile bars with their length 
orthogonal to the metal strip length, the transverse direction (TD). All pole 
figures (PFs) and inverse pole figures (IPFs) are presented according to the 
sample reference system given in Fig. 4.2. The normal of the sheet plane 
corresponds to the normal direction (ND). The tensile experiments performed 
at room temperature were done for both the RD and TD deformed samples. 
For the tensile experiments performed at 500 °C only the RD samples were 
used.  

4.2.1 Deformation at Room temperature 

The deformation at the room temperature experiments mimics the cold 
forming of the accurate metal parts. We know that the as received AISI 420 
material has a strong <111> ||ND texture or γ-fibre texture. The found fibre 
texture is not rotational symmetric in the sheet plane, i.e. the distribution of 
the γ-fibre is not homogeneous (see Fig. 4.3), and therefore the material has 
plane anisotropic behaviour; this results in earing of the cup after the sheet is 
deep drawn. By studying the texture development as a result of straining in 
the RD and TD separately, we can quantify directional dependency of the 
texture development.  
 
 

 
Fig. 4.2: Sample reference system for the tensile measurements. RD tensile 
bars are cut out of the metal strip with its length parallel to the direction in 
which the strip was rolled. TD tensile bars are cut out of the metal strip with 
its length orthogonal to the direction in which the strip was rolled.  
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Fig. 4.3 <111> PF of the as received AISI 420. The pole distribution is 
rotational inhomogeneous and asymmetric in the plane of the sheet which 
results in planar anisotropic behaviour.  
 

 

Fig. 4.4 Euler plots of the samples with the tensile direction in the RD at 
room temperature. With increased strain, the γ-fibre is decomposing to two 
preferential orientations. 
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4.2.1.1   Results 

 For the tensile direction in the RD, we strained the samples up to four 
different strain levels 0.34%, 3%, 10% and 25%.The texture development is 
presented in the Euler plots in Fig. 4.4. The Euler plots show the 
decomposition of the γ-fibre with increasing strain. The γ-fibre develops 
from line along φ1 with a homogenous density and breaks up into separate 
high density orientations. The orientation density at φ1=30° decreases whilst 
on the other hand the orientation density for φ1=0° and 60° increases. The 
width in Φ of the γ-fibre does not change.  

 For the quantification of the change in texture, we calculated the 
difference in the randomness and the γ-fibre fraction with respect to the as-
received material, see Table 4.1. For the RD samples, we calculated with 
increasing strain an overall increase in randomness fraction and an overall 
decrease in the γ-fibre fraction. The 3% strained samples stand out, because 
it does not follow this general trend. For the calculation of the randomness 
according to the used method the minimum of the pole plot is used. However 
the pole plot for the 3% strained sample contains slightly higher amount of 
noise than the other samples. This results in a standard deviation of the 
randomness of 3% for the sample strained to 3%, compared 1% for the other 
samples. 
 

Table 4.1: Randomness fraction and γ-fibre fraction of samples strained at 
room temperature: Area major is the area of the major distribution peak of 

<111>; Width γ-fibre is the full width half maximum of the distribution peak 
of <111>; ΔRandomness is the change in randomness fraction with respect 
to 0% strain; Δfraction γ-fibre is the change in γ-fibre fraction with respect 

to 0% strain 

 

  Randomness   γ-fibre  
 fraction Δ fraction width Δ 

0% 0,399  0,428 19,87  
0,34% 0,438 + 9.8% 0,392 19,39 - 8,4% 

3% 0,395 -1,2% 0,438 21,65 +2,3% 
10% 0,446 +11,8% 0,398 21,73 - 8,0% 
25% 0,493 +23,6% 0,386 22,98 - 9,2% 
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Fig. 4.5: Rotation of the {111}<1-21> orientation to the {111}<1-10> and 
{111}<0-11> orientation due to tensile in RD. 

 
 During the decomposition of the γ-fibre we observe a decrease in the γ-
fibre fraction after straining, whilst at the same we observe an increase in 
density for the <110>||RD orientations within the γ-fibre texture after 
straining. The decomposition of the γ-fibre and the rotation towards a 
<110>||RD orientation corresponds to the rotation of the <111>{112} 
orientation towards the {111}{110} orientation as shown in Fig. 4.5. These 
are rotational symmetric orientations with a <111> rotation axis and a 
misorientation of 30°. Taken into account the increase in randomness 
fraction and decrease in γ-fibre fraction, we can conclude that by straining a 
fraction of the crystals with an orientation belonging to the γ-fibre rotates to 
the favourable <110>||RD orientation; whilst another fraction rotates to 
orientations belonging to the random fraction.  

 For the tensile in the TD, we strained the samples up to similar strain 
levels as for the RD samples: 0.7%, 3.3%, 13.3% and 18%. A similar 
decomposition of the γ-fibre is observed for tensile in the TD as for tensile in 
the RD, see Fig. 4.6. The Euler plots show the same effect in crystal rotation, 
the fact that the crystal rotates such that the <110> direction planes will be 
parallel to the tensile direction, is observed. The preferred orientations for 
TD lie in between the preferred orientations of RD. The width in Φ of γ-fibre 
does also not change significantly, before decomposition. For the 
quantification of the change in texture we calculate change in the 
randomness and γ-fibre fraction for tensile in the TD, which is presented in 
Table 4.2. We calculated a significant decrease of randomness volume 
fraction and a significant increase in γ-fibre volume fraction with respect to 
the as received steel. Mind this is the opposite effect compared tensile in the 
RD. Similar, the change in randomness and γ-fibre fraction for strain around 
3% is inconsistent with the general trend.  
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Fig. 4.6: Euler plots of the samples with the tensile direction in the TD at 
room temperature. With increased strain, the γ-fibre is decomposing to two 
preferential orientations.  
 

Table 4.2: Change in Randomness fraction and γ-fibre fraction after 
straining in TD. An overall decrease in randomness and increase in γ-fibre 

fraction has been observed. 

  Randomness   γ-fibre  
 fraction Δ fraction width Δ 

0% 0,399  0,571 19,9  
0.3% 0,368 -7.8% 0.574 19,2 +0.6% 
3.3% 0,438 +9.8% 0,512 18.5 -10.3 
13.3% 0,345 -13.5% 0,613 20.8 +7.4% 
18% 0,358 -10.3% 0,602 21.7 +5.5% 
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Fig. 4.7: <111> pole figures of the as received and 25% strain samples after 
tensile in the RD. The texture was measured at the centre of the bulk and 
surface of the sample. No difference in texture measured in the centre and at 
the surface for both the as received material as for the strained sample. The 
texture is therefore considered homogeneous through the thickness.  

 

 Rolling may cause a gradient in the texture due to the intensive shear 
forces at the surface. To reduce the gradient in the texture hot rolling is 
applied such that the texture gradient is less pronounced. In industry 
lubricants are used in combination with both cold and hot rolling. The 
increased smearing reduces the shear at the surface and therefore the 
tendency for a texture gradient. For our material, we measured if a gradient 
in texture is present for the as received material and for 25% strain after 
tensile in the RD. For both cases the texture at the surface and centre of the 
plate thickness were measured and the PFs are presented in Fig. 4.7. As seen 
in Fig. 4.7, for the as received sample no significant texture gradient is 
found. Also after 25% straining still no significant difference in texture is 
observed. Therefore the texture is homogeneous through the thickness and it 
is concluded that straining does not create a gradient in texture through the 
thickness. 
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4.2.1.2   Discussion 

 An explanation for the rotations of the crystal lattices is found in terms of 
dislocations. When the sample is strained the total dislocation density 
increases. The dislocations may contribute to the rotation of the crystals with 
a higher misorientation at the grain boundary. Due to higher stresses in the 
sample some crystals will rotate to the favourable orientation: <110> crystal 
direction parallel to the tensile direction within γ-fibre. To maintain the 
compatibility with the polycrystalline surrounding, other crystals will rotate 
to orientations outside the γ-fibre, thereby increasing the fraction of 
randomness.  

 By comparing the γ-fibre development with tensile in the RD and TD, we 
can quantify how the initial texture affects the developments of the texture in 
terms of γ-fibre volume fraction and degree of fibre decomposition 
separation. In Fig. 4.8 we compare the texture development of the strained 
samples in RD and TD by analysing the <111> pole figures. To compare the 
difference in texture development the strain after tensile in the RD and TD 
are similar. The global texture development is very similar when straining in 
the RD compared to the TD. The same end situation is created with the 
{110} planes orthogonal to the strain direction. However, if we take a more 
detailed look at the texture development the differences are observed. The 
first difference is decomposition of the γ-fibre as function of the strain. When 
for tensile in the RD the full decomposition of the fibre has not been reached 
at a strain of 25%. However, for tensile in the TD the full decomposition is 
reached already at 13.3%. The second difference is found in distribution of 
poles in the centre of the <111> PF in Fig. 4.8. This is the density of poles 
parallel to the ND. Initially the width of the distribution in the TD is larger 
than in the RD. After the tensile, the width of the centre density distribution 
decreases in the tensile direction and increases in the direction perpendicular 
to the tensile direction. For tensile in the TD this results a more circular 
distribution with original elliptical shaped width of the centre density 
distribution decreases in the TD and increases in the RD. However, the 
average orientation density does not decrease. For straining in the RD the 
distribution becomes more elliptically shaped and the density at the centre 
decreases. The poles corresponding to <111> crystal directions, therefore, 
have the tendency to move in a {110} plane.  
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Fig. 4.8: <111> pole figures of samples after tensile in the RD (left) and TD 
(right) for four different strain levels. Both show a similar texture 
development with an increasing density for preferred orientations depending 
on the tensile direction. However, the degree of texture development is 
different for similar strain levels. This is attributed to the asymmetric 
starting texture of the as-received material.  

 
 The origin of the difference in texture development between RD and TD 
is due to the initial texture. To quantitatively compare the difference in 
texture development for the RD and TD case, the relative change in γ-fibre 
fraction compared to the as-received is plotted against the strain and 
presented in Fig. 4.9. For the tensile in the RD the γ-fibre fraction is 
decreasing, except for 3% strain, as was explained before. However, for the  
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Fig. 4.9: Relative γ-fibre volume fraction as a function of the strain in RD 
and TD. The as received state (0% strain) is set on 100%. The 
development of the γ-fibre is different depending on the tensile direction.  
 
TD straining we see the complete opposite change: the γ-fibre fraction is 
increasing with strain except for around 3% where it is decreasing. It is 
remarkable that for both cases that around 3% strain give an 

opposite effect compared to the general trend. At first, this effect was 
attributed to a higher signal to noise ratio when determining the randomness 
fraction. However, the two different cases show that the measured effect may 
not be due to an increase in error. What physically occurs in the material 
around the 3% strain has not been investigated further.  

 The decomposition of the γ-fibre at lower strain for tensile in the TD 
compared to RD can be explained by the larger fraction of crystal orientation 
with a preferred orientated, <110> parallel to the tensile direction, in the as–
received material. If we look at Fig. 4.3 we can observe a higher orientation 
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density along the RD-axis in the <111> PF of the as-received steel, which 
corresponds to the preferred orientations of tensile in TD. However, in Fig. 
4.4 the opposite appears to be true. The orientation density corresponding to 
preferred orientation for tensile in RD are lower. The additional strain 
necessary for a decomposition of the γ-fibre is therefore lower for tensile in 
the TD than RD and therefore occurs at a lower strain.  

4.2.2 Deformation at 500 °C 

The effect of an elevated temperature during the tensile experiment of the 
AISI420 material is examined. The goal is to quantify the effect of an 
elevated temperature on the texture development whilst straining. For these 
experiments uniaxial tensile of the steel occurred at 500°C, according to the 
method as described in Chapter 3.2. The material was strained up to four 
different strain levels: 0.44%, 1.1%, 4.47% and 16%.  

The texture development during uniaxial tensile at 500 °Cis presented in Fig. 
4.10. It shows for ϕ2=40°, 45° and 50°, which shows the γ-fibre texture. We 
observe that the texture development of the strained sample at 500 °C is 
similar to that of straining at room temperature. The γ-fibre decomposes with 
an increase of strain, however the γ-fibre decomposition is less for similar 
strains for straining at room temperature; the decomposition of the γ-fibre at 
500 °C is retarded. Reason is the dynamic recovery that takes place at 500°C 
(see 4.3.1) which sharpens the texture. Moreover, the strain stress plots for 
tensile at 500°C show a constant stress-strain line, attributed to dynamic 
recovery within the experimental time of 5 minutes. Due to the competition 
between straining and recovery, a superposition of both effects on the texture 
development is visible in the texture. An increase of orientation density of 
the density of the {111}<1-10>/{111}<0-11> orientation and a decrease of 
{111}<1-21> orientation due to straining. 

 The amount of deformation within a grain is measured by the Grain 
Orientation Spread (GOS) (Chapter 3.4), see Fig. 4.11. The GOS distribution 
is shifting to the right with increase of strain. The average GOS increases as 
well as the width of the distribution. This means that the local deformation 
within the grain has increased due to the creation of dislocations during 
straining. The effect of the recovery process is also visible; the average GOS 
of the 16% straining sample at 500°C is lower than the as received sample. 
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Fig. 4.10: Euler plots for tensile in RD at 500 °C. The development of the 
texture is similar to that of straining at room temperature. However 
decomposition of the γ-fibre is significant less than straining at room 
temperature.  
 

 
Fig. 4.11 Grain orientation spread distribution of samples deformed at 
500 °C. A clear shift of the orientation spread to the right is observed. The 
elevated temperature does not compensate completely for the increase in 
local deformation due to straining of the material.  
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4.3 Texture development during thermal treatment 

4.3.1 Texture development by tempering 

 The effect of a heat treatment on the texture we temper the unstrained, as-
received AISI 420 steel for 5 minutes at 500°C and 700° in air; and at room 
temperature deformed AISI 420 steel for 5 minutes at 500°C. After 
tempering the samples are water quenched. The samples were mirror 
polished and EBSD analysis was performed. The change in texture is 
focussed mainly around the change of the γ-fibre.  

4.3.1.1   Results 

 The change in γ-fibre is shown in the Euler plots  with ϕ2= 40°, 45° and 
50° in Fig. 4.12. In the as-received state the γ-fibre is more or less 
homogeneous. Temperature has a clear effect on γ fiber texture as a noticable 
change in γ-fibre. The differences between RT and 500 °C are rather small. 
From Fig. 4.12 almost no texture change is visible after tempering at 500 °C. 
However, the differences between RT and 700 °C are more pronounced. 
After tempering at 700 °C the γ-fibre is more inhomogeneous in which the 
two preferred orientations, which are also seen after straining, are more 
pronounced. 

 Quantification of the change in γ-fibre texture with respect to the as-
received material as a result of a temperature treatments leads to the 
following change in γ-fibre fraction and randomness fraction, as presented in 
Table 4.3. The randomness in the samples after tempering has slightly 
decreased from 39.9±0.7 % at RT to 37.9±2.8 % at 700 °C. The increase in 
γ-fibre fraction increases from 0.428 at RT to 0.450 at 700 °C, an increase of 
~5 %. However, taking into account the decrease in height of the distribution 
the γ-fibre should also widen, as is observed in the Fig. 4.12. After the heat 
treatment the γ-fibre is more pronounced and has an increased volume 
fraction. The temperature, therefore, sharpens the texture. 

 The effect of tempering on the intergranular strain is shown in the GOS 
plot in Fig. 4.13. Compared to the as-received material, tempering decreases 
the GOS average and narrows the GOS distribution. This is a result of a 
significant reduction in deformation within a grain by tempering.  
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Fig. 4.12: Euler plots at ϕ2 =40°, 45°and 50° for as received samples and 
after tempering for 5 minutes at 500 and 700 °C, respectively. The γ-fibre in 
AISI 420 becomes more inhomogeneous and the maximum density decreases. 

 

Table 4.3: Randomness and γ-fibre fractions of non-strained, as received 
samples tempered at 500 and 700 °C: A decrease in randomness fraction 

and an increase in γ-fibre fraction are observed as result of a heat treatment. 

 
 We have investigated the development of the texture due to tempering 
with samples deformed at room temperature. During deformation residual 
stress is introduced into the material. The residual stress can be relieved by 
means of a heat treatment. We tempered two strained samples of 3% and 
25% for 5 minutes at 500 °C. The effect of the tempering on the γ-fibre is 
significant and is shown in the Euler plots in Fig. 4.14. We observe a slight 
decomposition of the γ-fibre which is attributed to the deformation, as is 
described previously. The γ-fibre is gradually decomposing into two 
preferred orientations with increasing strain accumulated in the sample. After 
tempering the γ-fibre remains intact and also the preferred orientations are  
 
 

  Randomness   γ-fibre  
 fraction Δ fraction width Δ 

RT 0.399  0.428 19.9  
500°C 0.381 -4.5% 0.442 20.0 +3,3% 
700°C 0.379 -5,0% 0.450 21.9 +5,1% 
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Fig. 4.13 Grain orientation spread distribution of 0% strain sample as 
received and annealed at 500°C. Tempering reduces the average GOS and 
GOS distribution is narrowed.  

 
still visible in the distribution. However, it is visible that the orientation 
density of the hard orientation decreases and the decomposition of the γ-fibre 
is retarded compared to the strained sample at room temperature, i.e. more 
homogenous γ-fibre. Also the preferred orientations,  

 Quantification of the effect of tempering on the γ-fibre is presented in 
Table 4.4. A similar texture development is observed in the tempering of the 
strained samples as in tempering of the unstrained samples: (i) a decrease in 
randomness due to tempering attributed to recovery and corresponding lattice 
rotation, (ii) an increase in area of the distribution meaning an increase in γ-
fibre fraction and (iii) a decrease in height of the pole distribution due to the 
widening of the γ-fibre. The higher the randomness fraction is before 
tempering, the higher increase in γ-fibre fraction is after tempering. The 
sample with the highest randomness fraction is the 25% strained sample 
where an increase of 9% in γ-fibre fraction is observed. For 0% strain sample 
this is 3.27% and for 3% strain it is 3.20%.  
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Fig. 4.14: ϕ2 =40°, 45°and 50°  of the Euler texture plots for unstrained and 
strained at room temperature of  3% and 25% samples, and after tempering 
for 5 minutes at 500°C. These plots show the γ-fibre and the effect of 
tempering on unstrained and strained samples. 
 

Table 4.4 Quantification of the relative change in randomness and γ-fibre 
fraction for samples with tensile direction in RD compared to the same 

samples tempered at  500°C. 

4.3.1.2   Discussion 

 The temperatures applied of 500 and 700 °C initiate dynamic recovery 
within the steel. Macroscopically this results in stress relieve and recovery of 
the material leaving the metal more ductile. An explanation can be found in 
terms of statistically stored and geometrical necessary dislocations. 
Dislocations start to move and annihilate each other or move to the surface, 
reducing the total dislocation density and thereby the overall residual stress 
in the sample. In terms of dislocations an opposite effect of what happens 
when we strain the sample: there are less dislocations. Therefore the opposite 
effect in randomness and γ-fibre fraction is expected to happen and is 
experimentally observed. This does not mean that that recovery leads to an 
opposite texture compared to strain. We think it reduces the sharpness of the 

  Randomness fraction  γ-fibre fraction  
 strained strained 

+tempered 
Δ straine

d 
strained 

+tempered 
Δ 

0% 0.399 0.381 -4.5% 0.428 0.442 +3,2% 
3% 0.395 0.379 -4.1% 0.442 0.452 +3,2% 

25% 0.493 0.418 -15.3% 0.450 0.422 +9,3% 

3% 
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texture introduced by strain by relaxation. With dislocation movement the 
crystals will rotate in such a way that they meet the boundary conditions, e.g. 
neighbouring grains, as with deformation and therefore the randomness 
fraction and γ-fibre fraction changes. However, there is no clearly well-
defined slip system. But, the crystals rotations in this case are such that they 
rotate around the <111> crystal direction and therefore stay in an orientation 
within the γ-fibre. The crystal rotates an orientation belonging to the random 
fraction into an orientation belonging to the γ-fibre fraction. To maintain 
compatibility, the crystals rotate such that the final crystal orientations are 
similar to the crystal orientations already present in the sample. This means 
that this γ-fibre is a stable orientation of this sample. Tempering in this case 
therefore has an opposite effect on the texture as compared to uniaxial 
straining in the RD. In the GOS plot we see a decrease in both average GOS 
and GOS distribution, meaning that the difference in orientation within a 
grain are smaller and the grains have a more similar spread with respect to 
each other. Dislocations will move out the grains reducing the orientation 
spread within the grains. 

 The relative high increase in γ-fibre fraction is strongly related to the high 
randomness fraction before tempering. A hypothesis is that in a sample with 
a higher randomness fraction, crystals can rotate easier to a specific fibre. 
This is a combination of the high amount of dislocations present in the 
material and that crystals rotate to stable orientations present in the material. 
We observe that the relative effect of the tempering is increased with strain. 
In the strained samples more dislocations present due to deformation and a 
well-defined γ-fibre is present. Due to the higher temperature a higher 
probability of dislocations glide and crystals rotate towards an orientation in 
the γ-fibre. We also observe that all the γ-fibre fraction after the tempering at 
500 °C for 5 minutes are higher than the as received sample and, therefore, 
completely removes the effect of the straining if you look at the randomness 
and γ-fibre fraction. 

4.3.2 Martensite formation and hardening 

 In the production process (Fig. 4.1) the deformed material is hardened by 
a phase transformation from the ferritic to austenitic phase and then to the  
 
 



Anisotropy study of AISI 420 
 

85 
 

 
Fig. 4.15: <111> pole figures of the as received material in the ferritic 
phase (left) and after hardening in the martensitic phase (right).  

 

martensitic phase. This is accomplished by heating the material up to 970 °C 
where the ferrite transforms to austenite. A high enough cooling rate is 
necessary to transform the austenite into martensite without any pearlite. 
Here we investigate the relation between the texture of the martensitic and 
ferritic parent phase. To this end, the AISI 420 samples were strained with a 
strain of 0.34 %, 3 %, 10 % and 25 % at room temperature. These samples 
were heated up to 970 °C for 5 minutes and then quenched in water.  

4.3.2.1   Results 

 A general impression of the texture of the martensitic phase is shown in 
Fig. 4.15 by means of the <111> PF of an as-received sample in the ferritic 
phase and after hardening in the martensitic phase. Already a few differences 
are easily observed. First difference is the symmetry. The ferrite pole figure 
has mirror symmetry, whilst the martensite has a more rotational symmetric 
pole figure. Second difference is the presence of texture. The ferrite has a 
strong γ-fibre texture with, i.e. high centred density in <111>||ND and has a 
quite homogenous distribution of the other poles around it. The martensite 
has also the high density <111>||ND direction, but the distributions of the 
other poles are more localized. Both differences can be related to the 
orientation relationship (OR) between the ferrite and austenite phase and 
between the austenite and martensite phase (Chapter 2), The width of the 
pole densities in Fig. 4.15 can be related to the change in lattice symmetry 
from body centred cubic (bcc) ferrite to body centred tetragonal (bct) 
martensite. 
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Fig. 4.16: [001] and [100] inverse pole figure of RD strained samples after 
hardening into the martensitic phase. The level of strain introduced at room 
temperature leaves some traces in the texture of the martensitic phase. 
Increase in strain level increases the orientation distribution between the 
<111> and <100> direction parallel to the surface normal. In the strain 
direction RD <110> direction are present, however no significant changes 
are observed with increased strain levels.  

 

 The effect of deformation introduced at room temperature on the final 
martensitic has been evaluated. The martensite <111> PFs of those samples 
are very similar, but the small differences which exist are best shown in the  

inverse pole figures (IPFs). The IPFs of four samples strained at RT and 
afterwards hardened are shown. . in Fig. 4.16. A general observation of the 
texture of the martensite shows us that in the sample normal direction [001] 
three orientations are dominant: <111>, <010> and <100>. However,  
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Fig. 4.17: Grain boundary misorientation distributions for (left) as received, 
(centre) strained as received sample in the ferritic phase and (right) 
hardened sample in the martensitic phase.  

 
orientations with crystal directions between the <111> and <100> parallel to 
ND are also formed. For the [100] tensile direction only two orientations are 
dominant <011> and <101>.  

 The grain boundary misorientation distributions of the different samples 
have been investigated, because they give information about the nature of the 
grain boundaries. In Fig. 4.17 the misorientation distributions for the as-
received material, the strained material and the hardened material are shown. 
As a result of straining the number of the high angle boundaries increases in 
the material due to the increase of density of dislocations. After the 
maratensitic transformation the distribution changes drastically with respect 
to ferrite. However, the misorientation distributions for hardened material, 
differently strained at room are very similar. This indicates that the 
misorientation distribution is lost during phase transformation. In Fig. 4.17 
the misorientation distribution of the martensite is shown with two primary 
peaks: 60 and 90°. The 60° is perfectly explained by twinning due to shear 
by a phenomenological explanation (Chapter 2). The origin of the 90° peak 
in misorientations distribution is due to the pseudo symmetry in material due 
to the bct lattice of martensite.  

4.3.2.2   Discussion 

The texture of the martensitic daughter phase shows some resemblance with 
the initial texture of the ferrite parent phase. The <111> crystal direction 
parallel to the ND was already present in the ferrite. Also the <011> and 
<101> crystal directions parallel to the RD correspond to the γ-fibre texture 
of the ferrite parent phase. But the predominance of these two directions is 
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not observed in the texture of the unhardened sample, corresponding to 
{111}<1-10> orientations. However, it has been observed that after straining 
these orientations become more pronounced in the texture of the ferritic 
sample. If a sample is strained stress is built up in the sample through the 
creation of dislocations. Similar, deformation within the sample is increased 
by the stress is built up in martensite due to the interstitial carbon within the 
lattice. So in both cases stress accumulate in the sample and there is a strong 
<111>||ND in combination with the <011> and <101>||RD. 

With increased deformation at room temperature the texture in the 
martensitic daughter samples also changes. We have the <111>, <100> and 
<010> dominant direction parallel to ND, however with higher strains this 
dominance disappears and direction between <111> and <100> become 
more important. For the RD nothing changes,  the <011> and <101> 
direction are still dominant. Even in the strained sample of 25% the 
distribution of the <011> and <101> direction stays unchanged. Effectively 
this means a rotation of crystal around the <011> or <101> parallel to RD. 
This can be a similar effect as in rotation around the <111>||ND direction in 
ferrite. In ferrite the <111> || ND is a stable orientation, therefor similarly for 
martensite the <101> || RD is the stable orientation. When the ferrite is 
strained more <101> || RD is observed, when the ferrite is turned into 
martensite more strain means less <111> and <100> || ND and still no <110> 
|| ND is present in the hardened material. From a merely geometrical point of 
view at rotations around <101> || RD,  the rotation angle from <111> to 
<101> || ND is smaller than from <111> to <100> || ND. Because the angle is 
smaller less energy is needed for the rotation. Therefore some <110> is 
expected due to the smaller angle of misorientation.  

 From this analysis we conclude that the γ-fibre of the ferrite, <111>||ND, 
is transformed in another fibre in the martensite, <101>||RD. With more 
strain introduced in the ferrite phase, the more homogenous the fibre texture 
in martensite becomes. However, it is unclear whether this is a consequence 
of present the γ-fibre texture in the ferritic state or due to the orientation 
relationship between the different phases. 

 The origin of the pseudosymmetry lies in the bct lattice structure of 
martensite and the small differences in lattice constants. For the 
determination of a crystal orientation of the martensite from Kikuchi patterns 
by the software, we used a bct lattice with a=2.847 Å and c=3.018 Å. For a 
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proper distinction between the different crystal directions, better software is 
for a good detection of the bands in the Kikuchi pattern [2], because the 
lattice constants a and c of martensite do not differ that much. One way the 
quantify the quality of the fit is by the Confidence Index (CI). The CI is 
based on a voting scheme and is defined as CI = (V1 - V2)/VIDEAL, with V1 
and V2 the number of votes for the first and second solutions and VIDEAL the 
total possible number of votes from the detected bands. For texture analysis a 
high speed scan should be used to increase statistics, which inherently comes 
with a decrease in resolution of our Kikcuhi pattern. This can result in low 
CI. A 90° misorientation angle in Fig. 4.17 therefore corresponds to the same 
lattice only with the extended c-axis along a different principal axis. This 
effect is attributed to the low sensititivity for properly indexing of bct lattices 
with small distortion. Looking at the CI, some of the 90° grain boundary 
corresponds with a low CI. But some of them have a high CI indicating this 
is not an artefact. One simplification we made is to reindex the martensite 
with the bcc ferrite lattices, instead of bct This means that we assume that the 
martensite is cubic instead of tetragonal, thereby avoiding this problem. This 
is a valid assumption, because the tetragonality of martensite with respect to 
ferrite is small. Ferrite has a lattice parameter of 2.87 Å, whilst martensite 
has a lattice parameter of a,b=2.847 Å and c=3.018 Å. Of course this 
enhances the CI of the EBSD measurement, but it also discards information 
about the tetragonality of martensite and thereby loosing information. This 
approach is more applicable to tempered martensite, because the 
tetragonality is less due to the smaller amount of carbon dissolved in the iron 
matrix [3]–[5].  

4.3.3 Continuous temperature change Dilatometry experiments 

There are two effects regarding the shape change due to a thermal treatment. 
The first is of reversible nature due to the thermal expansion of the material. 
The second is of irreversible nature due to relaxation of stresses, flow and 
creep by a constant load. With a thermomechanical analysis we are able to 
distinguish the reversible and irreversible deformation by adding a 
modulating temperature function upon a linear temperature ramp [6], [7]. The 
change in length of a sample can be expressed by: 
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  𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

= 𝛼𝛼  𝑑𝑑𝑑𝑑
𝑑𝑑𝑑𝑑

+ 𝑓𝑓′(𝑡𝑡,𝑇𝑇)           (4.1) 

 

where 𝐿𝐿 is the sample length, 𝛼𝛼 the thermal expansion coefficient and 
𝑓𝑓′(𝑡𝑡,𝑇𝑇) dimensional changes due to deformation under the applied load or 
relaxation of stresses. This analysis, therefore, gives insight into time and 
temperature dependent dimension changes present in the material. The effect 
of a heat treatment on the change in shape is measured with dilatometry 
experiments. The results presented here are obtained in collaboration with 
Institute of Experimental Physics Košice in Slovakia.  
 
 

For the dilatometry experiments a TA Q400 EM dilatometer (TA 
Instruments) was used. The AISI 420 samples were cut in ‘H’ shaped 
samples, see Fig. 4.18. To study the different phase transformation present in 
AISI 420, the sample was heated up to 950 °C with a temperature ramp of 
10 °C/min and afterwards cooled with a cooling rate of -10 °C/min. For the 
distinction of the reversible and irreversible deformation part, the sample was 
heated up to 900 °C with a temperature ramp of 5 °C/min and with a 
modulation of +/- 3 °C with a period of 300 s. The effect of the cooling rate 
on the number phase transformations occurring in the AISI 420 was studied 
by varying the cooling rate; in both the RD and TD the change in length was 
measured.  

 The dilatometry experiments show that all important phase 
transformations in as delivered AISI 420 steel in temperature region 100 – 
950 °C could be detected and quantified, as seen in Fig. 4.19. The specific 
transformation temperatures for AISI420 were specified and quantified. The 
ferrite to austenite phase transformation occurs at 809 °C, the austenite to 
pearlite phase transformations occurs at 712 °C and the austenite to 
martensite phase transformation occurs at 381 °C. The phase transformations 
are accompanied by a change in density and as a result the length of the 
sample changes. Pearlite is formed if a cooling rate of -10 °C used, because 
the cooling rate is not high enough to prevent carbon diffusion (Chapter 2.1). 
To determine the cooling rates necessary to prevent the formation of pearlite, 
the relative length change for both the RD and TD with temperature were 
measured for different cooling rates, see Fig. 4.20. As is observed, the 
increase of cooling rates prevents the austenite to pearlite phase 
transformations around 712 °C. This is determined by the absence of an  
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Fig. 4.18 ‘H’ shaped AISI 420 samples with a thickness of 0.45 mm used for 
dilatometry measurements. 
 

 

Fig. 4.19: Relative length change as function of temperature for AISI 420. A 
temperature profile with a continuous heating and cooling at 10 °C/min was 
used. Phase transformations are detected by a strong change in relative 
length due to a change in density. A decrease in length is observed at the 
ferrite to austenite phase transformation. And an increase in relative length 
is measured at the austenite to pearlite and martensitic transformation.  
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Fig. 4.20: Relative length change as function of temperature for AISI 420. 
Different cooling rates were used to study the effect on the occurring phase 
transformation. The austenite to pearlite phase transformation is repressed 
by increasing the cooling rate to 100 °C/min; this holds for the RD and TD.  

 
increase in relative length. It was determined that a cooling rate of 100 °C is 
a high enough to prevent the formation of pearlite. This is observed for the 
relative length changes in both the RD and TD. Also, the difference in 
relative change in RD and TD for different cooling rates is neglectable small.  

 Modulation of the temperature in the dilatometer experiment allows us to 
separate the reversible and irreversible part of the shape change, see Fig. 
4.21. The analysis is performed on the relative length changes both in the RD 
and TD. The overall length change is not different for the RD and TD 
direction, see Fig. 4.21a. The reversible part originates from the thermal 
expansion and is the shape change that is made undone after decreasing the 
temperature back to room temperature. As is seen in Fig. 4.21b the expansion 
coefficient increases when the ferrite transforms into austenite, represented 
by the increasing ramp. The curve is identical for the different temperature 
rates in the RD and TD. The irreversible part is the part of the shape change  
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Fig. 4.21: Relative length change as function of temperature for AISI 420. 
The heat treatment consists of a temperature ramp of 5 °C/min plus a 
modulation of +/-3 °C with a period of 300 s. The plots show (a) total 
relative change in length, separated in (b) reversible and (c) irreversible 
part for direction parallel and perpendicular to RD, i.e. RD and TD, 
respectively.  
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that remains after cooling down and is related to creep and relive of stresses 
in our sample. In Fig. 4.21c it is observed that the irreversible part for both 
the RD and TD are similar. However, an extra decrease in length chase for 
RD is observed. This extra change in length occurs before the ferrite to 
austenite phase transformation in the temperature range of 400 to 800 °C. 
This effect may be originating from the anisotropic behaviour of the material 
due to the asymmetric fibre texture in the plane.  

4.4 Modelling 

4.4.1 Schmid factor dependence  

As aforementioned, deformation by uniaxial tensile has a pronounced 
influence on the final texture. The result for these experiments at room 
temperature and at 500 °C can be found in Chapter 4.1. The γ-fibre texture 
present in the as-received material develops into a texture with a high 
orientation density for orientations with <111>||ND and <110>||tensile 
direction. Moreover, a decrease of orientation {111}<1-21> is visible, as 
seen in Fig. 4.8 and Fig. 4.10. The orientation densities for the preferred 
orientations increase with strain. This effect leads to decomposition of the γ-
fibre, which is clearly observed at room temperature, whilst the same 
decomposition at 500 °C is retarded. 

 To evaluate the process of lattice rotations due to the uniaxial tensile in 
terms of the crystallography of the material, we take a look at the Schmid 
factor. The Schmid factor (SF) is the geometric part of the resolved shear 
stress equation for single crystal material given in Eqn. 2.3 and, therefore, is: 
 

   𝑆𝑆𝑆𝑆 = cos𝜆𝜆 cos𝜙𝜙            (4.2) 
 

with 𝜆𝜆 the angle between the slip direction and the loading direction; and 𝜙𝜙 
the angle between the slip plane normal and the loading direction. For the 
room temperature case we assume restricted glide, because the temperature is 
low, (Chapter 2). This means we focus on the {110}<111> slip systems. 
Nonetheless, a similar analysis can be made for pencil glide for the 500 °C. 
As an example, we take the tensile in RD case. Earlier, we found that with 
increased strain the γ-fibre decomposes such that the orientation density for 
{111}<1-21> decreases, and for {111}<1-10> and {111}<0-11> increases,  
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Table 4.5: Schmid factor for {110}<111> slip systems; red = decrease, 
orange = no change, green = increase of the Schmid factor after lattice 

rotation 

Slip system 
{111}<1-21> 
(φ1=30°, 90°) 

{111}<1-10>/{111}<0-11>  
(φ1=0°, 60°) 

 

(110)[-111] 0.0247 0 - 

(110)[1-11] 0.0494 0 - 

(1-10)[111] 0 0 O 

(1-10)[11-1] 0.0741 0 - 

(101)[11-1] 0.0494 0 - 

(101)[-111] 0.0494 0.0247 - 

(10-1)[111] 0 0 O 

(10-1)[1-11] 0 0.0247 + 

(011)[11-1] 0.0247 0 - 

(011)[1-11] 0.0494 0.0247 - 

(01-1)[111] 0 0 O 

(01-1)[-111] 0.741 0.0247 - 

 

see Fig. 4.5. It turns out that when we compare SFs of {110}<111> slip 
systems for the hard {111}<110> orientation with the soft {111}<121> 
orientation, we calculated that  66% of those slip systems show a decrease in 
Schmid factor, as seen Table 4.5. In Table 4.5 the slip systems for which 
{111}<1-10> having a lower Schmid factor are coloured red, the same 
Schmid factor are coloured orange and a higher Schmid factor are coloured 
green, compared to {111}<1-21>. The decrease of the Schmid factor means 
effectively that the dislocations in that particular slip system experience less 
resolved shear stress and therefore tend to move less. Because lattice 
rotations are effectuated by dislocation movement (Chapter 2.2) the 
{111}<1-10> will rotate more than the {111}<1-21>  orientation. A crystal 
has a high tendency to rotate away from a so-called soft orientation 
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({111}<1-21>) and a low tendency to rotate away from a so-called hard 
orientation ({111}<1-10> / {111}<0-11>) which leads to the decomposition 
of the γ-fibre (Fig. 4.5). The {111}<1-10> orientation is less favourable for 
slip and therefore the force needed for elongation is increased. This is 
corresponds to the stress strain plots at RT in which a positive work 
hardening rate during plastic deformation zone is observed. 

4.4.2 Texture prediction based on crystal orientation rotation 
calculations 

For the description of material properties, anisotropy plays an important role. 
The anisotropic behavior during tensile of the material originates from the 
texture present and the development of the texture during tensile. When we 
can easily predict the texture as a function of strain and, therefore, the texture 
development during the straining process, it will be a useful tool for more 
complex modelling calculations in which anisotropy plays a role. For our 
simple prediction model we used the crystallographic texture measured by 
Electron Backscatter Diffraction (EBSD) of the as-received material with 
0 % strain as starting condition. The textures found in deformed material 
after uniaxial tensile test performed in the RD and TD (Chapter 4.2) with 
AISI420 steel in the ferritic phase are used as comparison for the calculated 
textures. In this part, first, we give a description of our model and an 
explanation of the used calculations. Second, we present the textures 
obtained by simulations and we present the comparison with the texture 
found in experiments for different levels of strain. 

To calculate the crystallographic texture of a strained sample from the 
texture of the unstrained sample we use a geometrical model based on 
Schmid’s law. The flowchart of the calculations is schematically represented 
in Fig. 4.22. As input we use the crystal orientations of the texture of an 
unstrained sample, the final elongation and the stress tensor. From those 
inputs the active slip systems, through the Schmid criteria, and rotation 
matrix are calculated. Once we know the rotation matrix we can calculate the 
final orientation. This procedure is repeated for all points of texture 
measurement of the as-received material. We use incremental strain steps to 
calculate the final texture.  

The general idea is to use Schmid’s law to calculate which slip systems are 
active. We are well aware that Schmid’s law is in principle only valid for  
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Fig. 4.22: Flowchart of the texture prediction model to calculate the rotation 
of crystals. As input we used a texture from the as-received material and the 
final elongation. The calculation uses the starting orientation and the stress 
tensor to calculate which slip system is the most active and what the rotation 
matrix is. From that the final crystal orientation and thereby the final texture 
are calculated. 

 

single crystals; however, we think that this is a good first order approach. If 
we know the current crystal orientation and stress tensor, the most active slip 
system can be retrieved by Schmid’s law. For the prediction model we 
present two cases: (i) a single slip case in which we assume that slip is only 
occurring on one slip system and (ii) a multi slip case in which we assume 
slip is occurring on multiple slip systems. The single slip model calculates 
the rotation of the crystal based on the slip only on the slip system with the 
highest SF. For the multi slip model we determine the six most probable slip 
systems, i.e. the six slip systems with the highest SFs. The effective slip is 
determined by a weighted contribution of each of the six slip systems based 
on the Schmid factor, i.e. higher Schmid factor means a higher contribution:  

 

𝑆𝑆𝑆𝑆𝑆𝑆𝑝𝑝𝑒𝑒𝑒𝑒𝑒𝑒 = 1
𝑆𝑆𝐹𝐹𝑠𝑠𝑠𝑠𝑠𝑠

∑ 𝑆𝑆𝑆𝑆𝑖𝑖 ∗ 𝑆𝑆𝑆𝑆𝑆𝑆𝑝𝑝𝑖𝑖6
𝑛𝑛=1            (4.3) 

 

with SFsum the sum of the SFs of the six slip systems, SFi the Schmid factor 
of the ith slip system and Slipi the slip contribution of the ith slip system. For 



Chapter 4 
 

98 
 

both the single slip as the multi slip model a few assumptions have been 
made. First, we assume Schmid’s law is good approximation for determining 
the active slip system of crystals in a polycrystalline material. Second, grains 
are assumed to have a homogeneous crystal orientation. Third, the model is 
not slip rate dependent. And four, we only use the free crystal rotation of 
certain points thereby neglecting the grain boundary, grain size etc., i.e. 
compatibility is violated. Once the slip system is determined the rotation 
matrix can be calculated according to:  
 

   𝜔𝜔 = 𝜏𝜏 × 𝑠𝑠𝑑𝑑𝑖𝑖𝑑𝑑𝑒𝑒𝑑𝑑𝑑𝑑𝑖𝑖𝑑𝑑𝑛𝑛            (4.4) 
 

with ω the rotation axis, τ the tensile direction and sdirection the slip direction. 
To calculate the size of rotation ω we need to know the deformation tensor D 
and slip system tensor S: 
 

𝐷𝐷 = �
1 0 0
0 −0.5 0
0 0 −0.5

�, 𝑆𝑆 = �
𝑠𝑠𝑑𝑑𝑥𝑥 ⋅ 𝑠𝑠𝑝𝑝𝑥𝑥 𝑠𝑠𝑑𝑑𝑥𝑥 ⋅ 𝑠𝑠𝑝𝑝𝑦𝑦 𝑠𝑠𝑑𝑑𝑥𝑥 ⋅ 𝑠𝑠𝑝𝑝𝑧𝑧
𝑠𝑠𝑑𝑑𝑦𝑦 ⋅ 𝑠𝑠𝑝𝑝𝑥𝑥 𝑠𝑠𝑑𝑑𝑦𝑦 ⋅ 𝑠𝑠𝑝𝑝𝑦𝑦 𝑠𝑠𝑑𝑑𝑦𝑦 ⋅ 𝑠𝑠𝑝𝑝𝑧𝑧
𝑠𝑠𝑑𝑑𝑧𝑧 ⋅ 𝑠𝑠𝑝𝑝𝑥𝑥 𝑠𝑠𝑑𝑑𝑧𝑧 ⋅ 𝑠𝑠𝑝𝑝𝑦𝑦 𝑠𝑠𝑑𝑑𝑧𝑧 ⋅ 𝑠𝑠𝑝𝑝𝑧𝑧

� 

 

with sd the normalized slip direction and sp the slip plane normal. Because 
we only look at the rotational part of the system we only look at the anti-
symmetric part of D and S, D- and S- respectively. The ratio of the slip rate 
and strain rate is estimated by 

𝑔𝑔 =
�̇�𝛾
𝜖𝜖̇

=
1
𝑆𝑆𝑆𝑆

 

with �̇�𝛾 the shear rate and 𝜖𝜖̇ the strain rate. Finally, the rotation rate of the 
crystal by shear is calculated by: 

ω̇ = 𝐷𝐷− − 𝑔𝑔 ⋅ 𝑆𝑆− 

In the calculated textures a time step of 0.1 s is used. In this way the new 
crystal orientation and values of the new stress tensor can be calculated. For 
the single slip approach the shear is calculated for the slip system with 
highest SF. For the multi slip approach the shear vector is averaged with the 
SF as weight. This model is based on the Sachs model.  



Anisotropy study of AISI 420 
 

99 
 

4.4.3 Comparison between simulation and experiments 

Of upmost importance is the comparison between the calculated textures 
according to the recipe above with the experimental measured textures. In 
this section we compare both the experimentally acquired textures by 
straining in the RD and TD at room temperature with the calculated textures. 
In Fig. 4.23 the comparison of <111> texture pole figures of the 
experimental data, the single slip model and the multi slip model are shown 
for straining in RD. When we compare the calculated textures with the 
experimental acquired texture for tensile in RD, the multi slip approach 
shows the best correspondence. The single slip approach tends to 
overdevelop the texture for higher strains, i.e. the texture is stronger than the 
experimental data shows. By taking 6 slip systems the multi slip model tends 
to compensate for the overdeveloping of the texture. This is a result of a 
combination of slip on various slip systems such that the effective slip is 
reduced and therefore the texture development is slower. When we focus 
only on the multi slip calculation for the RD samples we obtain the following 
Euler plots with ϕ2=45° in Fig. 4.24 and the calculated textures show a good 
agreement with the experiments. 

 In Fig. 4.25 the comparison of <111> texture pole figures of the 
experimental data, the single slip model and the multi slip model are shown 
for straining in TD. When we compare the two models with the experimental 
data for straining in TD, the single slip approach gives the best results. The 
multi slip model tends to under develop the texture for higher strains, i.e. the 
texture is weaker than the experimental data gives. We already observe a less 
developed texture with the single slip model; the multi slip model even 
further reduces this development due to averaging of the slip direction, 
therefore reducing the effective slip. When we focus only on the single 
calculation for the TD samples we obtain the following Euler plots with 
ϕ2=45° in Fig. 4.26 and calculated textures show a good agreement with 
experiments. 

 A few remarks on the samples have to be made. The samples for the 
tensile test in the TD direction are smaller than for the RD direction. The 
reason is that we were limited to the size of the steel strip, which has a 
certain width. Therefore, size effects can play a role and may be a cause for 
the difference in which approach fits the data the best. Also, the procedure  
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Fig. 4.23: <111> pole figures of the experimental tensile tests and the 
calculated textures in RD. The strains used for the experiment are 0.34 %, 
3%, 10% and 25% . The strains used for the calculations are 1 %, 3 %, 10 % 
and 25 %. 

 

 

 
Fig. 4.24: Euler plots with ϕ2=45° of the experimental tensile tests and the 
calculated multi slip textures in RD. The strains used for the experiment are 
0.34 %, 3%, 10% and 25% . The strains used for the calculations are 1 %, 
3 %, 10 % and 25 %. 
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Fig. 4.25: <111> pole figures of the experimental tensile test and the 
calculated textures in TD. The strains used for the experiment are 3.3 %, 
13.3 % and 18 %. The strains used for the calculations are 3 %, 13 % and 
18 % 

 

 

 
Fig. 4.26: Euler plots with ϕ2=45 of the experimental tensile test and the 
calculated single slip textures in TD. The strains used for the experiment are 
3.3 %, 13.3 % and 18 %. The strains used for the calculations are 3 %, 13 % 
and 18 % 
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Fig. 4.27: Quantitative comparison between the texture development of 
experiment (solid) and simulation (dashed). A comparison is made for 
uniaxial stress in the RD and multi slip approach (left) and in the TD and 
single slip approach (right). The quantification is based on the development 
of the γ fiber. The mean value (green) and the difference in minimum and 
maximum values (pink) are plotted. The simulations show a rather good 
agreement with the experimental data.  

 

for making the tensile bars is different: the TD samples where laser cut and 
the RD samples were not. This means that the TD sample edges and most 
likely also the TD sample interior underwent a short heat treatment. This 
small increase in temperature due to the laser could have induced a small 
change in microstructure. 

 To compare the crystallographic textures of the simulations and the 
experimental data we quantify the orientation density in the γ fiber. A visual 
inspection of the Euler plots (Fig. 4.24 and Fig. 4.26) shows us already a 
good agreement between the simulations and experimental data. To quantify 
this agreement we focus on the γ fiber. We know that the development of the 
γ fiber after uniaxial tensile is distinct due to the preferred orientations we 
obtain two maxima and two minima within in γ fiber. The orientation 
densities along γ fiber therefore can be approximated by a sinusoidal 
function and this property we can use to compare simulations and 
experiment. We us the characteristics of the sinusoidal shape, which are the 
average and the amplitude, i.e. half the difference between minimum and 
maximum. These two parameters were calculated for the experimentally 
obtained texture and for the modelled texture at the different strain levels.  
The comparison between experiments and modeling are shown in Fig. 4.27 
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for both TD and RD direction straining based on these two parameters. We 
observe that the simulation and experimental value are in good agreement 
with each other. There is however a small deviation especially in the mean 
value of the density of the RD texture and a difference in minimum and 
maximum value in the TD texture. However these differences are acceptable 
small.  

 We conclude that the multi slip model predicts the texture development in 
the RD and the single slip model the texture development in the TD for 
uniaxial tensile tests. Also, the quantification shows a good agreement 
between the experimentally obtained textures and the calculated ones. With 
this model a tool has been developed to predict in a rather simple way the 
texture development during straining. 

4.5 Conclusions 

An extensive analysis of the texture development in AISI 420 stainless 
steel has been made. The results are part of industrial part of the project 
to better understand the texture development in AISI 420 material. The 
following can be concluded: 

- We performed uniaxial tensile test which gave a strong texture with 
two preferred orientations.  

- The texture development, in this case the decomposition of the γ 
fibre, as function of the strain is directional dependent. 

- Heat treatment reduces the sharpness in the fibre texture made by 
straining. A part of the texture development is made ‘undone’. 

- Hardening of the material removes information of misorientation on 
the grain boundaries.  

- Dillatometry test show the cooling rates of 100 K/s are needed to 
prevent pearlite to be formed. 

A simple model based on geometrical consideration was made and the 
calculated textures correspond with experimentally obtained textures.  
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Chapter 5 

Oxidation Behavior of AISI 420a,b 
 

The focus of this chapter is the oxidation behavior of AISI 420, the dynamics 
of the continuously changing microstructure at an elevated temperature and 
the relation between the crystallography and oxidation layer. We have 
observed in-situ the microstructural changes like grain growth, grain-
boundary movement and modification in crystal orientations. By subsequent 
imaging of the outer surface area, the evolution of the microstructure can be 
examined leading to a better understanding of the dynamics of the tempering 
process of stainless steel. In particular we discuss the results of the 
microstructural changes at a fixed temperature of 500 °C. Furthermore, we 
discuss the relation between the crystallography of the AISI 420 substrate 
and the oxidation products found when we heat treat the material under 
industrial conditions. We conclude that preferred oxidation occurs during 
heat treatment and that dynamic in-situ observations are possible. Moreover, 
a deviating relationship between the crystallography and oxide layer is 
found compared to literature.  

                                                      
a Adapted from Leo .T.H Jeer, Václav Ocelík, and J. Th M. De Hosson. 
“Dynamics of tempering processes in stainless steel” (2017) WIT Transactions 
on Engineering Sciences. WITpress, 116, pp. 187-193. doi: 10.2495/MC170191 
b Adapted from Gerrit Zijlstra, Leo .T.H Jeer, Václav Ocelík, and J. Th M. De 
Hosson. "The effect of crystal orientation on the oxidation behavior of 
polycrystalline stainless steel." (2017) Manuscript submitted to Corrosion 
Science 
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5.1 Introduction 

In Chapter 4 we concentrated on bulk material and the change in 
crystallography after mechanical deformation and temperature treatments. 
However, besides changes in the bulk of the stainless steel also changes at 
the surface of the stainless steel are taking place. The behavior at the surface 
of materials due to temperature treatments is an old, but still active subject of 
research and holds a large interest in the manufacturing of the accurate metal 
parts. One of the key processes during the temperature treatment is the 
oxidation of the surface. A thorough understanding of the oxidation process 
on the surface of the stainless steel is crucial for the development of 
corrosion resistant metal parts. 

 The positive influence of chromium on the retardation of oxidation of 
iron has been noticed already for almost 2 centuries. Pioneers like Faraday & 
Stodart started in 1820 by alloying iron with noble metals [1]. Bertier 
followed with adding Chromium and developed Ferrochromium [2], which 
in turn inspired Faraday & Stodart to alloy with 3 wt.% Chromium [3]. It 
was concluded in 1911 by Monnartz that there is a steep drop in the 
corrosion rate when the alloy contains nearly 12 wt.% of Cr [4]. 

 Ferritic-martensitic (iron-chromium) steel is commonly used for plastic-
casting molds and cutlery. This category of steel is a trade-off between 
forming and corrosion resistance, as the chromium content approaches the 
critical concentration of 12 wt.%. The bulk corrosion resistance depends 
critically on applied thermal treatments such as hardening and tempering, 
which promote either the dissolution or growth of chromium carbides [5]–
[7]. The microstructure of the oxide layer on iron-chromium steel subjected 
to severe corrosion conditions was reported in literature: the oxidation of 
steel under steam pipe conditions in wet and dry air at 600 ̊C of ferritic Fe-Cr 
and austenitic Fe-Cr-Ni 304L steel [8]–[10], and both types at a high 
temperature of 1000 ̊C [11]. The failure mechanism of a Fe-Cr-Ni steel at 
700 ̊C in steam is presented in [12]. As the scale structure, growth and failure 
has been studied, no special attention was given to the bulk grain orientation. 
The thickness of the oxide scales varied from 100 nm – 100 μm. Only a 
single study focused on the orientation of oxides found on polycrystalline Fe-
Cr steel, with respect to the substrate [13]. Due to the high temperatures of 
650 - 800 C̊ and Cr content of 22%, mainly Cr-oxides were found. Work on 
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polycrystalline iron revealed that after oxidizing several hours 450 C̊ in air, 
mainly μm-thick magnetite-hematite duplex layers evolve, independent of 
the substrate microstructure [14].  

 It is well known that the protective passive layer on iron-chromium steel 
consists of a mixture of iron- and chromium oxides such as (Fe,Cr)2O3 and 
(Fe,Cr)3O4 [15], with a thickness of  the order of several nanometers [16]–
[18]. For an extensive background on iron oxides as Fe2O3 and Fe3O4  
reference is made to the  reviews in [19], [20]. The formation of these oxides 
depends critically on the conditions such  as oxygen pressure and 
temperature. Studies involving the particular oxide growth along the three 
main directions, i.e. <100>, <110>, <111>, focus on e.g. iron [21], [22] and 
chromium [23]–[26] single crystals, often under well-controlled laboratory 
conditions with precisely dosed amounts of oxygen at low pressure. The 
phase transformation between Fe2O3 and Fe3O4 has also been considered on 
deposited nano-layers [27], [28]. 

 Nevertheless because steel used in service is polycrystalline, the systems 
in literature on single crystals may not apply. Moreover, oxidation during 
daily use often takes place in ambient conditions, as opposed to laboratory 
conditions with very low oxygen pressure. The initiation of corrosion in the 
early stages has still to be understood for ferritic-martensitic stainless steel 
with a minimum amount of Cr. Therefore this work focusses on exposure in 
air for low temperatures, up to 450 C̊. The resulting thin oxide film with a 
thickness below 100 nm demands a non-trivial approach, as study by cross-
section is only (local) achievable by TEM. A combination of optical- and 
electron microscopy, X-ray photoelectron spectroscopy (XPS) and X-ray 
Diffraction (XRD) is used to characterize the oxide film. 

 Next to oxidation, at temperatures around 1/3 of the melting temperature 
recovery processes take place at temperatures just before recrystallization 
starts [29]. These processes involve the release of residual stresses 
introduced by various production process steps, e.g. cold rolling. Due to 
elevated temperature the dislocations can rearrange by a combination of glide 
and climb near the surface and grain boundaries. This usually is visible in the 
microstructure by lower misorientation between neighbouring points within a 
grain. However, during recovery during tempering of the material oxidation 
on the surface will occur of the stainless steel. The oxidation process at the 
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surface is in particular relevant for the corrosion resistance of stainless steel 
[30]–[32]. Several high temperature experimental methods exist to explore 
the mechanisms behind surface oxidation. A couple of attempts combining 
high temperature and optical microscopy were performed for example on Fe-
C [33]. For steel, oxidation at temperatures above the recovery temperature, 
i.e. T~1000 °C, are usually applied [33], [34]. For martensitic stainless steel 
usually the tempering behavior after hardening of martensitic steel is studied 
[35], [36]. However, scant literature exists on the effect of the microstructure 
on the oxidation process on stainless steel at recovery temperatures.  

 In this chapter we correlate the crystallography and microstructural 
changes on the surface of stainless steel to the oxidation behavior. The 
novelty of this experiment is that we observe in-situ the effect of oxidation at 
an elevated temperature in combination with the change of the microstructure 
using Electron Backscattered Diffraction. Moreover, we concentrate on the 
influence of the different crystal orientation of the substrate of the 
polycrystalline stainless steel and its influence on the formation of the oxide 
layer. The aim is to investigate whether the substrate orientation has a 
dominant influence on the oxide layers in experimental conditions 
representing industrial conditions. The understanding of bulk processes on 
nano- and micro level will brdige the gap between metallurgy, 
microstructural analysis and the onset of corrosion. 

5.2 Methods & Materials 

Specimens were taken from the as-received AISI 420 material. During the 
sample preparation the specimens of 1x1 cm2 were cut out with an abrasive 
saw and mirror polished up to 0.04 μm sized particles for EBSD analysis. 
EBSD data were analyzed by using the OIM Analysis 7.3 software. Grain 
boundaries were defined for a misorientation angle larger than 5°. 

 The High Temperature (HT) Experiments were performed in a Scanning 
Electron Microscope (SEM) (FEG TESCAN, Czech Republic) 
environmental pressure (10-6 bar) in combination with a Heating Module 
specimen stage (Kammrath & Weiss GmbH, Germany). Electron 
Backscattered Diffraction (EBSD) (Edax Inc., Draper, Utah, USA) was used 
for the crystallographic characterization. For the HT-EBSD experiments the 
specimen was heated up with a rate of 35 °C/min up to 500 °C. The 
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tempering time was 90 min at a fixed temperature of 500 °C. During the 
tempering in-situ EBSD scans were made of a selected area. By scanning the 
same area for whole duration of the experiment the microstructural and 
crystallographic orientation changes were tracked. The selected area of 
20x20 μm2 was scanned in a hexagonal grid with a step size of 0.4 μm. Each 
EBSD scan took 2 minutes to complete.  

 For the characterization of the oxide layer under industrial environment a 
range of measuring techniques were used. Also the mechanical polishing 
procedure deviated from the usual protocol: the final step consisted of 
polishing with 0.25 micron diamond particles. Colloidal water-based silica 
particle suspension was not used to avoid chemical etching. Exposure to 
water was also prevented by making use of an alcohol-type lubricant during 
polishing with diamond particles. After polishing, the specimens were rinsed 
with ethanol and dried in hot air. The recovery of the passive layer was 
executed in ambient conditions, i.e. at room temperature and 50 %RH, for at 
least 24 hrs.  

 The crystal orientation of the stainless steel substrate was detected by an 
EBSD system (Edax Inc., Draper, Utah, USA) within a FEG-ESEM (Philips, 
The Netherlands). By adding markers in the area of interest through micro-
indentations, the same area prior and after the recovery of the passive layer 
was analyzed. Both the polished and recovered surfaces were still suitable for 
detailed EBSD examinations. The area of interest has a size of 250x200 μm2, 
was scanned in a hexagonal grid with a step size of 0.4 μm and an 
acceleration voltage was 30 kV was used.  

 The corrosion films were established by oxidizing the mirror polished and 
recovered surfaces in air. The specimens were put in a quartz tube with 
openings at both ends and were introduced into a heat induction furnace 
(ThermoFisher, Waltham, Massachusetts, USA). Temperature was measured 
with a thermocouple placed inside the quartz tube, and kept constant within 
±5 ̊C. After the temperature treatment the area of interest was investigated 
with an Olympus VANOX-T light microscope (Olympus, Tokyo, Japan), 
making use of the indentations as markers.  

 The elemental composition of the oxide layer was characterized by X-ray 
photoelectron spectroscopy (XPS) and was performed with a Surface Science 
SSX-100 ESCA operating with a monochromatic Al Kα X-ray source. An 
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elemental composition depth profile was obtained by sequential removal of 
the top layer by sputter removal. The sputtering removal took place by using 
Ar+ ions of 2 kV, under a 50° degree angle of incidence with the normal of 
the specimen surface. For the crystallographic and phase characterization of 
the oxidation layer, both classical X-ray Diffraction (XRD) (Brukers, 
Billerica, Massachusetts, USA) as well as grazing incidence XRD (GIXRD) 
(PANalytical, Almelo, The Netherlands) operating with Cu anodes, were 
performed. With XRD crystal orientations and crystallographic phase of the 
bulk were measured. With GIXRD the angle of incidence is so small that 
information at a limited depth is obtained. The phase and distribution of the 
crystal orientations were measured from the outermost layer of the specimen. 
Information of the formed oxide layer was retrieved accordingly. In contrast 
to EBSD, the XRD methods do not give spatial information, but only the 
volume averaged crystallographic information over a large area. 

5.3 Results 

5.3.1  Oxidation during in-situ EBSD at High Temperatures 

The general microstructure consists of ferrite grains of ~10 μm in diameter 
and Cr23C6 chromium carbides of ~1 μm in diameter. The majority of the 
chromium carbides reside intergranular on grain boundaries and triple points, 
but some intragranular chromium carbides are also observed. The 
microstructures of the selected area at the onset, during and at the end of the 
500 °C tempering process are shown in Fig. 5.1. The local average 
misorientation (LAM) values in Fig. 5.1 clearly show an increase with 
respect to the start. Also the number of non-indexed points increases. Due to 
the prior cold rolling process the material is highly textured, i.e. has an 
inhomogeneous crystallographic orientation distribution,  

 In Fig. 5.2 the distribution of kernel average misorientation (KAM), with 
which we calculate the misorientation at a certain distance, for different 
heating times is plotted. We observe an increase of misorientation and 
therefore strain at the surface during the heat treatment. The change in 
distribution of the short-range strain is plotted in Fig. 2a where the 
misorientation with respect to the 1st nearest neighbor is used. The shift in 
distribution shows a continuous increase in the KAM average and widening  
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Fig. 5.1: Microstructure of the stainless steel with 2nd order local average 
misorientation (LAM) maps superimposed over it. (a): Map at t=0 min. (b): 
map at t=56 min. (c): map at t=90 min. Black points are non-indexed points 
due to oxidation. The white lines correspond to low angle grain boundaries 
(5°-15°) and the black lines correspond to high angle grain boundaries 
(>15°). Visible is that the LAM is significantly increased during tempering 
and an increase in number of non-indexed points. 

 
of the KAM distribution. The same holds for the distributions of the long-
range strain, Fig. 5.2b, where the misorientation with respect to the 3rd 
nearest neighbor is shown. The high KAM values are mostly found at the 
grain boundaries and triple junctions. 
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Fig. 5.2: Increase of Kernel Average Misorientation with time at a constant 
temperature of 500°C. An increase of KAM is observed despite the recovery 
process. This holds for both (a): the short range (1st neighbor) as well as 
(b): the long range (3rd neighbor). The surface has therefore a higher strain 
gradient after tempering. 

 

 
Fig. 5.3: Non-indexable fraction of the surface as a function of the time. 
Main contributor of the non-indexability is the formation of an amorphous, 
oxide film during tempering. Surface oxidation rate is decreasing over time. 
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Fig. 5.4: Optical image of sample surface after tempering. The right side of 
the surface is blue due to the formation of an oxide film during tempering. 
The left side was covered during tempering and therefore was (partially) 
protected against oxidation. This resulted in non (white) or partially 
(brown/blue) oxidized areas. The amorphous, oxide film degrades the quality 
of the Kikuchi pattern during the EBSD scan. After cooling the white areas 
are well indexable and the blue areas are not. 

 
 During the tempering process at 500 °C a gradual loss of Kikuchi pattern 
is observed. In Fig. 5.3 the non-indexed sample surface fraction is plotted 
versus time. A point is considered non-indexed if the probability of proper 
indexing is smaller than 0.9. The plot shows a fast increase in the number of 
non-indexed points after 30 minutes and a reduced increase at the end of the 
experiment. 

 At the end of the heat treatment the surface of the stainless steel was 
oxidized, see Fig. 5.4. The different colors correspond to different thickness 
of oxide layer. A distinct appearance between the covered part and the non-
covered part can be observed. The right non-covered part is light blue and 
has the thickest oxide layer. The left covered part is white to dark blue 
depending on the degree of oxidation on the surface. After cooling EBSD 
scans have been performed on areas with different colors. At the white areas 
with a thin oxide layer a good Kikuchi pattern was still obtained. Contrary, at 
the blue areas with a thick oxide layer no Kikuchi pattern was obtained. We 
therefore hypothesize that the oxide layer is a major contributor for the loss 
of Kikuchi pattern during the in-situ HT-EBSD experiment. 



Chapter 5 
 

114 
 

5.3.2 Oxidation dependence on crystal plane orientation 

Oxide layers were grown by a series of heat treatments. The applied 
temperatures are typical used at annealing for stress relieve, and well above 
the 200 C̊ to stimulate Fe diffusion to the surface [37]. First, the specimen 
was kept at 260 C̊ for 20 minutes. Thereafter the specimen was brought 
subsequently to 300, 350, 400 and 450 ̊C, with a dwell time of 20 minutes at 
each temperature (see Table 5.1). After each oxidation step the specimen was 
taken out of the furnace for observation with the optical microscope. A 
palette of various colours is obtained at the surface for the different thermal 
treatments, as shown in Fig. 5.5 and Fig. 5.6. The colour originates from the 
oxide layer by thin film interference, where the thickness of the layer 
controls the interference at certain wavelengths. The thickness of the oxide 
layer depends on the oxidation temperature and exposure time [38]–[40]. 
The order from thin to thicker oxide layers is: straw yellow, brown yellow, 
rosy mauve, blue [39]. For a pure Fe system this colors correspond with an 
oxide thickness of 35 to 46 nm (straw yellow) and 59 - 72 nm (blue) [39], 
[41]. This general colour scheme/order can also be recognized in Fig. 5.5. 
Within each image, local colour differences are noticed: the general coloured 
surface is decorated with lighter areas. The particular areas remain a bit 
lighter at the end of the tempering scheme. The lighter areas are attributed to 
a thinner oxide layer compared to the remaining surface. The difference is 
estimated to be in the order of several nm. The surface colour can be a 
combination of oxide thickness and surface morphology. Differences in 
surface structures as in [13] were not seen. Large sized nodules up to almost 
1 μm as in [40] were not found either. Small spheres of about 100 nm, 
however, cover the surface. In any case, the “lighter” areas are lacking 
behind in the corrosion scheme compared to the rest of the surface.  

When the lighter areas are compared to the [001] inverse pole figure (IPF) 
map on the crystal plane parallel to the specimen surface, it is noticed that 
they correspond to particular crystal planes parallel to the surface. On a local 
level this is observed very clearly. The lighter areas have the same size and 
shape as the grains with the {100} plane on the surface (red/orange grains in 
Fig. 5.5a). Not only “pure”, but also orientations close to {100} planes show 
a lack of oxidation. The surface after oxidation step 5, shown in Fig. 5.5f, is  
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Table 5.1 Temperature treatment of the different samples used for the 
comparison of relative oxide thickness and crystal orientation. 

Oxidation step Temperature treatment 

1  260 °C for 20 minutes 

2 After step 1 + 300 °C for 20 minutes 

3 After step 2 + 350 °C for 20 minutes  

4 After step 3 + 400 °C for 20 minutes 

5 After step 4 + 450 °C for 20 minutes 

  

 

Fig. 5.5: Two sequences (I & II) of local change in colour due to oxidation. 
Each sequence shows (a) a [001] inverse pole figure map and the 
microstructure after heating at (b) 260 °C; (c) 260, 300 °C; (d) 260, 300, 
350 °C; (e) 260, 300, 350, 400 °C and (f) 260, 300, 350, 400, 450 °C, for 20 
minutes at each temperature (also described in Table 5.1) 
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Fig. 5.6: (a) [001] inverse pole figure map of the global area of interest. 
Optical images with EBSD grain boundaries superimposed after heating at 
(b) 260 °C; (c) 260, 300 °C; (d) 260, 300, 350 °C; (e) 260, 300, 350, 400 °C 
and (f) 260, 300, 350, 400, 450 °C, for 20 minutes at each temperature. The 
superimposed boundaries are varied in colour to enhance the contrast of the 
boundaries and the microstructure. 

 
different compared to oxidation step 1 to 4. Here three main colours can be 
distinguished: dark red, dark blue, light blue. The intense light blue 
grains,which are the most oxidized, correspond to the grains with {101} 
planes (in green) of Fig. 5.5a. The dark red spots correspond to the {100} 
grains, however they are not homogeneously coloured and partly decorated 
by ridges of blue oxide spheres. There are two reasons to exclude that the 
orientation of the planes at the surface are influencing the reflectivity and 
therefore the brightness of individual grains. First, no difference in 
brightness between the grains are observed on a fresh polished surface, but 
after short oxidation it is seen (Fig. 5.5b). Second, these particular {100} 
grains should also be brighter in the final oxidation step in Fig. 5.5f, which is 
not the case. A similar observation was confirmed on a more global scale in 
Fig. 5.6 and therefore the correlation between surface crystal plane and its  
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Fig. 5.7: Specimen surface after sequential heating at 260, 300 and 350 °C 
for 20 minutes at each temperature. (a) (001) Inverse Pole Figure with grain 
boundaries (white) on which the different crystal plane orientation parallel 
to the surface of the substrate are shown. (b) Optical image on which a 
difference in degree of oxidation is observed on the surface. The degree of 
oxidation increases corresponding with lighter to darker colored areas. The 
observed difference in oxidation degree is in the order of a grain size. A 
good correlation between the grain with a {001} plane on the surface and the 
lighter degree of oxidation is observed. Furthermore, {011} and {111} 
planes have a similar degree of oxidation. Darker patches on the surface are 
encircled in yellow. 

degree of oxidation is not due to local effects. In Fig. 5.6 for each oxidation 
step the global microstructure is seen with the grain boundaries highlighted. 
Hence the relative oxidation speed of the particular grain orientations can be 
categorized in two stages. Fig. 5.5 and Fig. 5.6 show snapshots of the 
oxidation at discrete temperatures. The different oxidation processes change 
gradually whereby the first stage is mainly present up to 350 °C; the second 
stage is most pronounced at 450 °C. 

- At the first stage of oxidation the system is split in {001} planes lacking 
behind and {111} & {101} both progressing more: {001} < {111} & {101}. 

- The second stage of oxidation is split into a threefold system with {001} 
planes still behind but {101} more progressed than {111}: {001} < {111} < 
{101}. 
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Fig. 5.8: Fe-2p XPS spectra after bombarding for 0, 20, 110 210 and 345 
minutes, from a specimen oxidized for 20 minutes at 300 °C. Observed is the 
transition from Fe3+ (0 min.) to fully metallic Fe (345 min.). 

 
 In Fig. 5.7 an area of 240 x 240 µm2 shows that stage 1 oxidation is not a 
local or incidental phenomenon, but observed on a global scale. The clearly 
visible bright areas again coincide with the grains with {100} planes parallel 
to the surface, underlining their relation. Darker patches are also observed, 
but the colour difference is caused by the lack of carbides in these areas. 
There is no relation between these patches and the orientation of the grains. 

 In order to characterize the chemical composition of the oxide layer, an 
XPS depth-profile was obtained by alternating measurements and sputtering 
of the surface by Ar ions. The specimen was oxidized for 20 minutes at 
300 °C in air. A selection of the Fe-2p spectra with increasing sputtering 
time is shown in Fig. 5.8. The initial –not bombarded- surface shows a Fe-2p 
spectrum with the Fe-2p3/2 peak position around 711.3 eV and a satellite peak 
at around 720 eV, which is associated to the Fe3+ valence and therefore the 
chemical compound is Fe2O3 oxide [42], [43]. After 20 minutes of etching 
the satellite at 720 eV vanished, but it reappears at 716 eV after 110 minutes.  
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Fig. 5.9:  XPS depth profile of the surface, after tempering for 20 minutes at 
300 °C in air. The top layer (t=0-100 min.) consist mainly of iron oxide, 
presumably Fe2O3 with a Fe/O ratio of 40/60; a chromium enrichment is 
observed before bulk composition values are reached (t = 345 min.). The 
intensity of each element is the summation of all valence peaks. 

 
In the latter structure, where the Fe 2p3/2 peak position also shifts towards 
710.5 eV a structure containing Fe2+ valence is suggested. A structure 
containing solely Fe2+, e.g. wüstite (FeO), also shows a satellite at 715.5 eV, 
but also a main peak at 709.5 eV [42], [43]. Magnetite (Fe3O4) has a main 
peak at 710.6 eV, but no clear satellite peak [42], [43]. The clear spectrum 
after 345 minutes bombarding has a peak at 707.4 eV, which agrees very 
well to metallic Fe; it indicates that the oxide layer has been removed and the 
bulk/substrate is reached. Therefore it is clear that the spectrum from the 
surface  matches very well to Fe2O3, and the spectrum at the end of the 
oxide layer to (bulk) metallic Fe, however in-between the results are 
inconclusive. This is most likely an artefact of the argon ion etching, 
whereby Fe3+ is chemical reduced to Fe2+ and preferential sputtering of O 
can take place. It is demonstrated in [44] how an XPS spectrum can change 
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by sputtering of pure Fe2O3, in which the first three stadia of the depth 
profile as seen in Fig. 5.9 can also be recognized. It is important to mention 
that the magnetite can be written as FeO.Fe2O3, however since wüstite is 
only stable at a temperature above 550 °C, it is not likely to be present. Pure 
magnetite is an inverse spinel with divalent and trivalent Fe and describes as 
Fe3+(Fe3+Fe2+)O4 [45], [46]. In contrast Chromite, FeCr2O4 is a normal spinel 
with Fe2+(Cr3+)2O4. Due to the relative abundance of Fe, it is more likely that 
Cr inhibited in the spinel will be present in an inverse spinel of 
Fe3+(Cr3+Fe2+)O4 [47]. As the XPS Fe-2p spectra cannot provide a 
conclusive answer to the question which iron oxide types are present in the 
core of the oxide layer, we turn to the quantitative information from the 
elemental distribution ratio. 

 We have examined in detail the crystallography and crystal phases with 
XRD and GIXRD. Both X-ray methods give us global information about the 
crystallographic phases present, in contrast to the EBSD measurement which 
gives primarily local information. The crystallinity and texture of the 
substrate was measured with powder-XRD and was used as a reference 
measurement. For the phase and crystallinity information of the grown oxide 
layer we performed GIXRD measurements after short tempering, 20 minutes 
at 300 °C (yellow surface), and after long tempering procedure, oxidized up 
to 450 °C (purple surface) with the same treatment as oxidation step 5 in 
Table 5.2. The information depth was varied by changing the incident angles; 
we used three different incident angles 0.25°, 0.33° and 0.50° corresponding 
to an information depth of 18, 24 and 37 nm, respectively. The GIXRD 
spectra for both specimens are shown in Fig. 5.10 for both the short tempered 
(yellow) and long tempered (purple) specimens with the corresponding 
crystal planes of the phases present. For the short tempered specimen the 
peak positions and intensities for the different depths are similar. However, 
small differences in peak intensities are observed for peak 1 and 3, whilst 
peak 2 has a constant intensity. PPeak 1 and peak 3 correspond to both the 
Febcc as well as the Fe3O4 phase. Whilst both the (Fe-Cr)bcc substrate and the 
Fe3O4 give diffraction peaks at similar angles, by removing the background 
we observed that the peak positions agree better with Fe3O4 than the (Fe-
Cr)bcc phase. that the peak positions agree better with Fe3O4 than the ferrite 
phase. Moreover, the relative peak intensity for the three peaks differs from 
the bulk measurement performed by powder XRD. This difference is in  
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Fig. 5.10:  Information of the top oxide layer measured by GIXRD for 
incident angles (a) Spectrum for the yellow specimen. The composition up to 
a depth of 37 nm has no significant change.. The amounts of oxide products 
are hardly present at all. (b) Spectrum for the purple specimen. The amount 
of oxide products are well detectable, however the amounts do not vary a lot. 
A significant difference in background signal is observable due to a change 
in the amorphous/crystalline ratio. 



Chapter 5 
 

122 
 

agreement with an additional magnetite top layer on the substrate. The 
normalized intensity peaks seen  in the inset of Fig. 5.10a show an increase 
of the Fe3O4 fraction with decreasing incidence angle, i.e. decreasing 
information depth. It is therefore concluded that the measured oxide film 
contains crystalline magnetite, is very thin, and a large part of the 
information is measured from the oxide-substrate interface. 

 The GIXRD spectra reveal that the oxide layer of the purple surface is 
more developed compared to the short tempered specimen and consists of 
crystalline Fe2O3 and Fe3O4 phases. Fig. 5.10b shows a more distinct change 
in diffraction spectrum with depth than the short tempered specimen with 
more peaks. Again, we observe a difference in the relative peak intensities 
for the peaks at 44.8, 65.2 and 82.5° 2θ compared to the substrate 
measurement; thereby confirming a magnetite layer. The additional peaks are 
all attributed to the formed hematite layer due to the extra oxidation steps. 
The hematite crystals grow according to a specific orientation relation on the 
crystalline magnetite surface therefore only specific hematite crystal planes 
are measured. Because the polycrystalline stainless steel substrate is highly 
crystallographic textured, some magnetite and hematite crystal orientations 
are more pronounced present than others, due to the orientation relationship 
(OR) between substrate and magnetite, and a second OR between the 
hematite grown on magnetite. These orientation relationships for a pure Fe 
system with its oxidation products was already demonstrated for single 
crystals in [48].  

 In our analysis of a polycrystalline Fe-Cr system several magnetite and 
hematite crystal planes parallel to the surface were found, an overview is 
presented in Table 5.2. Despite the characterization of a pure Fe oxide phase, 
Cr can also be present in the inverse spinel as FeIII(CrIIFeIII)O4 as well as  
 

Table 5.2 Phases found on oxidized polycrystalline Fe-Cr steel, as detected 
in Fig. 5.10. 

Phase Crystal plane || surface 

Fe-Cr (101); (200); (211) 

Fe3O4 (222); (400); (404); (444) 

Fe2O3 (211); (312); (332); (433) 



Oxidation Behavior of AISI 4200F

,
1F 

 

123 
 

Cr2O3 with the corundum hexagonal structure. These Cr containing phases 
have a similar diffraction spectrum, however in the GIXRD results in this 
work these Cr containing phases show a worse agreement than Fe3O4.and 
Fe2O3. Furthermore, considering the maximum information depth of 37 nm 
at an incidence angle of 0.5°, it is likely that the Cr-enriched layer close to 
the metal/oxide interphase (as seen in Fig. 5.9) is not reached. The total oxide 
thickness of a purple oxidized Fe specimen suggests a total oxide thickness 
of 59 – 72 nm [49], [50]. With increasing angle of incidence, i.e. deeper in 
the oxide layer, we see that the intensity of the peaks of corresponding to 
Fe3O4 (222) decreases as well as Fe2O3 (211) and Fe2O3 (312) which 
decrease significantly; the peak corresponding to Fe2O3 (433) decrease and 
almost vanish. 

5.4 Discussion 

5.4.1 Prediction of oxide nucleation 

The microstructure of the martensitic stainless steel was in-situ investigated 
during a 1.5 hour tempering process at 500 °C. We observe two key changes 
in the microstructure. The first effect is the growth of an oxidation layer 
during the restoration process of the matrix. During a heat treatment Cr 
diffuses from the carbides into the ferritic matrix and are replaced by Fe from 
the matrix [30]. Rosemann et al. performed Thermocalc calculation for 
carbide composition which shows at 500 °C that 10% of the mass in carbides 
is replaced by Fe at the expense of Cr. A Cr depleted zone at the interface 
between the carbides and matrix was present and insufficient chromium 
content in the metal matrix leads to unstable formation of a passive layer and 
therefore a weak resistance to local corrosion [32]. Therefore, the 
relationship between temperature and carbide composition dictates the 
corrosion resistance as a function of the applied heat treatment. 

 From the microstructural observations the preferred nucleation sites for 
oxidation can be inferred. The loss in Kikuchi diffraction pattern is attributed 
to the oxidation layer. A loss in Kikuchi pattern can have multiple reasons, 
e.g. high strain, non-crystallinity. In this case the oxidation layer is an 
amorphous layer exceeding thickness of few nm, which therefore gives no 
Kikuchi diffraction pattern. The locations which are non-indexable therefore 
correspond to the oxidized surface. The final oxidation layer is clearly visible 
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at the end of the tempering process, Fig. 5.4. We expect mainly a chromium 
oxide layer, because the diffusion of Cr is faster than Fe at these 
temperatures [51]. However we do not have definitive evidence. 

 The preferred oxidation sites have a high strain, Fig. 5.1. To determine if 
is not only a local but also a global effect a larger area was scanned. In Fig. 
5.11 the KAM map of an area at three stages are shown. For the construction 
of the maps the 8th nearest neighbor is chosen for the KAM calculation. In 
Fig. 5.11a the map at room temperature is shown. Here we observe that the 
majority of the surface has a small amount of strain, however some locations 
and grains have a KAM larger than 2.5°. If we compare the map at RT with 
the map when the sample just reached 500°C in Fig. 5.11b, the designated 
areas with high KAM at RT are similar. Finally we compare it with the map 
after 52 hours and the positions of non-indexable points correlate well with 
the initial locations with high KAM at RT. 

 From Fig. 5.1 and Fig. 5.11 we conclude that locations having a high long 
range strain gradient are preferred sites for oxidation nucleation. This effect 
is observed at the local level as well as the global level. From the 
observations the following mechanism is proposed. At the locally high- 
strained locations it is easier for Cr to diffuse to the surface and for O to 
diffuse into the substrate, thereby increasing the probability of oxidation to 
start at that location. Initial strain already observed at RT designates these 
higher probabilities locations. Cr diffusion occurs preferentially through 
grain boundaries within the substrate and this remains the dominant path for 
diffusion until the path is obstructed by the continuous oxide growth [33]. On 
the other hand, the oxidation nucleation introduces local strain, represented 
by the increase in crystallographic misorientation, on the surface due to the 
addition of extra atoms. This in turn is beneficial for further oxidation 
nucleation: the oxidation rate therefore increases in the beginning with time 
as seen in Fig. 5.3.  

 The second effect is the increase in crystallographic misorientation. At 
this temperature we are operating in the recovery regime of the material, 
because no nucleation of new grains was observed. Wawszczak et al. 
determined the recovery regime for ferritic steels at temperatures lower than 
400°C and the recrystallization temperature for temperatures above 600°C, 
whilst calorimetric experiments show an exothermic peak at 500°C [52]. In 
the recovery regime no changes in EBSD mapping and microstructure were  
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Fig. 5.11: Kernel Average Misorientation maps of the global experiment. 
The 8th nearest neighbor was used for the construction of the maps. (a) is a 
map at RT before any temperature increase. (b) and (c) are maps 
respectively made 4 min and 52 minutes after reaching 500 °C. The maps 
show that sites with a high KAM at RT are preferred nucleation sites for 
oxidation (encircled in yellow). 

 
observed, however during recrystallization there were modifications; 
recrystallization depend significantly on the stacking fault energy [52] 

 Recovery processes usually lead to reduction  of dislocation density or 
rearrangements to reduce the strain component, rearrangement of crystal 
lattices and stress relieve [29]. Because defects like dislocations are not in 
thermodynamic equilibrium a reduction in misorientation was expected. 
However we observed the opposite effect in the case of stainless steel. The 
local average misorientation increased significantly, not only on the grain-
boundaries but also in the interior of the grain, Fig. 5.1. The same effect is 
visible in the KAM distributions over time for both the short range as well as 
the long -range strain, Fig. 5.2. This means the crystallographic 
misorientation is increasing over time at 500 °C. An explanation is that the 
recovery takes place in the bulk and dislocations glide escape to the surface. 
At the surface they are locked or piled up due to the native oxide resulting in 
an increase of crystallographic misorientation near the subsurface layer. 
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However the increase in misorientation can also be an effect of the oxidation. 
This should be still further investigated. 

5.4.2 Orientation relationship oxide layers 

Notwithstanding the importance of the oxidation process on the surface of 
complex materials as polycrystalline stainless steel rather scant literature was 
found on the detailed relationship between the crystallography and 
microstructure of the substrate. However, comparable work was performed 
to relate the crystallography of Fe based substrates with the thickness and 
crystallography of the oxidation products. Vernon [37] showed for pure iron 
oxidized in air above 200 °C, a double layer with an inner magnetite, and 
outer hematite layer forms. Also Zhou [53] demonstrated that after oxidation 
in air at 300 °C a hematite layer on magnetite is found. It was concluded that 
the formation of hematite on (100) and (111) magnetite, was not epitaxial; 
for (110) magnetite it was unlikely to be epitaxial. The work as presented in 
literature raises the question whether the same relationship holds for Fe-Cr 
based systems and whether crystallography of the different layers can be 
related to each other. For single crystal magnetite specifically oriented 
hematite crystals form on the differently orientated crystal planes, as listed in 
Table 5.3. For temperatures above 600 °C the oxidation film consists of a 
mixture of iron oxides, where wüstite, magnetite and hematite are present. A 
layer by layer growth is observed on polycrystalline Fe for a pressure of 
2x10-4 mbar at 500 °C, whilst for 700 °C island growth is observed due to 
wüstite formation [54]. The question that arises for polycrystalline Fe-Cr 
steel is whether there is an orientation relationship (OR) between the 
substrate and the inner magnetite; and the magnetite and the outer hematite. 

 The oxidation rate on ferrite depends on the crystal plane; in decreasing 
order of oxidation rate that is {001}>{111}>{011}>{320} [55], [56]. 
Therefore, less dense packed planes are more susceptible to oxidation, 
because diffusion from and into the substrate is more likely. It is shown for 
Fe at 500 °C  that planes with an higher atom density exhibit faster oxidation 
kinetics in the initial oxidation reaction [54]. The diffusion rate of Fe to the 
surface is around 1-2 10-15 cm2/s [56]. For the case of iron, at 250 °C and a 
low O2 pressure a pure magnetite layer is formed on all planes; whilst at 
550 °C for a higher O2 pressure the oxidation film consists of an inner 
magnetite and outer hematite layer; the found OR for this layer was 
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{001}Fe||{001}M||{114}H  [57]. The growth rate of the hematite cap layer on 
the different magnetite planes (and therefore the oxidation speed) was 
ordered as (100) > (110) > (111) [48].  

Study on the initial oxidation at low pressures (~10-8 mbar) of Fe-Cr single 
crystals with composition close to the material in this work, gives us an 
insight in the dynamics of particular grain orientations when Cr is involved. 
At room temperature oxidation starts with an initial Cr oxide layer, followed 
by an iron oxide  layer [58]. These thin oxide layers do not seem to have a 
“three-dimensional periodicity”. If the oxidation takes place at 800 K, also an 
initial Cr oxide layer will form. The later formed iron oxide outer layer on 
the (100) crystal has a fcc symmetry, however no ordering is found on the 
(110) crystal [58]. 

For polycrystalline stainless steel we observed a similar construction of the 
oxidation layer as found in Fe systems. For the short tempered (yellow) 
specimen at 300 °C, XPS results indicate both the outer hematite and inner 
magnetite layer, as observed in literature. However, the GIXRD results show 
mainly the peaks of the {111} magnetite crystal planes, where also multiple 
peaks for hematite were expected. This suggests that magnetite with a {111} 
crystal plane parallel to the surface is the only magnetite which grows 
crystalline on the polycrystalline surface. The lack of detected hematite in the 
GIXRD results, despite the hematite outer layer found by XPS, is attributed 
to the non-epitaxial growth of the hematite on the {111} magnetite, as well 
as the possible amorphous state of hematite. Amorphous or nano-crystalline 
domains cannot be detected by GIXRD. 

On the purple specimen, which was heated with a final temperature of 
450 °C, both magnetite and hematite were detected by GIXRD, as 
summarized in Table 5.2. When we compare the crystallographic 
information to the results of oxidation of magnetite single crystals by Zhou et 
al. [48], as shown in Table 5.3; we conclude that the hematite phases found 
in this work correspond mainly to the oxidation products found on {111} 
magnetite. Similar in literature, after heating several hours at 450 °C, also a 
double layer was found, though with a very small top layer of hematite, 
compared to magnetite [59]. Also after continued heating, the magnetite sub-
layer grew faster than the hematite top layer. 
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Table 5.3 Iron oxide phases found on magnetite single crystals, from Zhou et 
al. [53]. 

Magnetite Fe3O4 Fe2O3 

(100) (400) (120); (132) 

(110) (220); (440) (-211) 

(111) (222); (444) (121); (132); (343) 

 
 It has to be noted that the magnetite layer does not grow directly on the 
Fe-Cr substrate, but rather on the passive layer present prior to the tempering 
treatment. As indicated in Fig. 5.10 the passive layer is an (Fe,Cr)-oxide 
which is too thin to be detected by SEM, EBSD and GIXRD. Moreover, 
FeOOH could be present at the start of the tempering treatments, which 
decomposes to form Fe2O3 with increasing temperature.   

 Magnetite has the inverse spinel structure at low temperatures with an fcc 
oxygen sub-lattice structure. This means that all ions of Fe2+ valence and half 
of the Fe3+ occupy the octahedral sites and half of the Fe3+ occupy the 
tetrahedral sites [45], [46]. Magnetite {111} planes therefore consist of 
octahedral and mixed octahedral/tetrahedral located atoms along the <111> 
direction. A relationship between oxidation rate and dense packed planes can 
be retrieved, namely that more dense packed planes are more susceptible for 
oxidation. Magnetite has a Verwey transition around -153 °C, above this 
temperature it will act as a half metal with mobile electrons. Therefore it is 
treated as one type of Fe without valence difference and their behavior is 
considered identical [60].  

 The attributed mechanism for oxidization of magnetite is mainly diffusion 
of iron cations, in which the diffusion constant is greater for <100> than 
along <110> and <111> directions [48]. In contrast, our observation is that at 
temperatures < 400 °C the oxidation rate for the different crystal planes of 
the Fe-Cr substrate are in an increasing order {001} < {111}~{110}, which 
would mean that the dense packed planes are more susceptible to oxidation. 
Pöter et al. [54] showed that in the initial oxidation phase diffusion of cations 
from the bulk through the oxidation layer is faster than oxygen from the gas 
phase to the metal phase. For higher temperatures, and therefore also larger 
diffusion times, we observed a further distinction between oxidation rate and  
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Table 5.4:  Orientation relationship between an α-Fe substrate and 
magnetite layer as well as a magnetite substrate and a hematite layer, from 

[56]. 
α-Fe Magnetite Hematite 

{001}<010> {001}<110> {114} 

{011}<100> {111}<110> {001}<100> 

{111}<011> {210}<100> {211} 

 
crystal planes of the substrate: {001} < {111} < {110}. Given that the OR in 
Table 5.4 is correct and the presence of the magnetite layer on the substrate 
at temperatures > 400 °C, the following relation of oxidation rate and crystal 
planes of the magnetite can be deducted: {001} < {210} < {111}.  

For the diffusion of Fe towards the surface, the respective diffusion constant 
through the different oxide products, magnetite and hematite, is of great 
importance. However, also the vacancies present in the oxidation product 
play a crucial role [61]. 

 The oxidation of polycrystalline Fe-Cr reveals a clear distinction between 
(100), which is less oxidized, and (111) & (110) crystal planes, as shown in 
Fig. 1. For the initial oxidation of an Febcc substrate, as summarized in [62], 
the adsorption of oxygen at room temperature results in faster oxidation on 
the more open Fe(111) surface. When oxidation proceeds, ordered phases on 
Fe(100) and Fe(110) are formed [62]. However, for unknown reasons the 
presence of Cr seems to cause an ordered oxide on Fe-Cr(100) and not on Fe-
Cr(101) [63].  

The initial oxidation in our polycrystalline material at a temperature below 
400 °C seems a steady diffusion of cations through the spinel/magnetite 
layer. Oxidation seems to be controlled by bulk diffusion. Because, if 
transport of ions would occur dominantly along the grain boundaries, a 
thicker oxide on the grain boundaries would be present. Also lateral growth 
of the oxide from the boundaries on the grains would take place: a 
phenomenon which is not observed in Fig. 5.5. On the contrary, the 
individual grains possess a very uniform colour contrast and brightness, an 
indication of a uniform oxide layer. A process which is changing when the 
temperature is increased towards 450 °C: a non-regular grain decoration is 
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started to be seen, with possible iron oxide substructures, not corresponding 
to grain boundaries. 

It could be argued that the systems on single crystals studied in literature 
may apply to describe the system of a polycrystalline alloy. Surprisingly the 
polycrystalline structure oxidized in a uniform way per grain, where for the 
first oxidation stage the oxide growth direction was normal to the surface. 
This allowed for a multi “single crystal” approach where results obtained for 
single crystals in literature contributed to the understanding of the oxide 
structure per grain. It is observed that due to the alloying with Cr, the ORs 
between the substrate and magnetite are not identical compared to a system 
with a pure iron substrate. 

5.5 Conclusions 

We studied the oxidation behavior of AISI 420 in the ferritic state in relation 
to the crystallography of the grain of the surface. An in-situ high temperature 
EBSD experiment is performed to trace the nucleation and growth of the 
oxide layer in a low vacuum environment. We observed in situ the recovery 
process of the stainless steel and correlated the oxidation nucleation to the 
amount of strain in the microstructure of the material. Moreover, the 
oxidation growth in conjunction  with the crystal plane orientation of the 
grain has been investigated after temperature treatments similarly found in an 
industrial environment. We conclude the following: 

- Loss of Kikuchi pattern is attributed to the growth of an amorphous 
oxidation layer.  

- Locations with high kernel average misorientation (KAM) values are 
preferred locations for oxidation nucleation and are mainly in the 
neighborhood of grain boundaries and triple junctions.  

- Preferred oxidation nucleation locations are already visible at RT by high 
KAM values. 

- A general increase in crystallographic misorientation is observed at the 
surface during tempering of stainless steel.  

- There is a grain direction-oxidation relationship for polycrystalline AISI 
420 stainless steel. 
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- At the start of oxidation the surface oxidation is decomposed in {001} 
lacking behind and {111} & {101} planes: {001} < {111} & {101}. 

- The second stage of oxidation is split into a threefold system with {001} 
planes still lacking behind but {101} progress faster than {111}: {001} < 
{111} < {101}. 

- The oxide layer consists of a crystalline magnetite inner, and hematite 
outer sublayers.  

- The order of oxidation velocity, i.e. {001} < {111} & {101}, has not been 
reported in literature. In fact for a Fe based system, {001} is found to 
have the relative highest oxidation velocities, as opposed to results of 
this work for a Fe-Cr alloy. 
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Chapter 6 

Nanoporous Gold & Transmission 
Kikuchi Diffractiona,b 
 
In contrast to the previous Chapters, the present Chapter 6 concentrates on 
the exploration of a rather new technique which is coined transmission 
Electron Backscatter Diffraction (t-EBSD). To examine the strength and 
weakness of the method we took an interesting material, namely a highly 
porous system, as a test case.  In particular t-EBSD was used to investigate 
the effect of dealloying on the microstructure of 140-nm thin gold foils. 
Statistical and local comparisons of the microstructure between the non-
etched and nanoporous gold foils were made. Analyses of crystallographic 
texture, misorientation distribution, and grain structure clearly prove that 
during the dealloying manufacturing process of nanoporous materials the 
crystallographic texture is enhanced significantly with a clear decrease of 
internal strain, whereas maintaining the grain structure. 

                                                      
a Adapted from: De Jeer, Leo TH, Diego Ribas Gomes, Jorrit E. Nijholt, Rik van 
Bremen, Václav Ocelík, and Jeff Th M. De Hosson. "Formation of Nanoporous 
Gold Studied by Transmission Electron Backscatter Diffraction." Microscopy 
and Microanalysis 21, no. 6 (2015): 1387-1397 
b Adapted from: Van Bremen, Rik, D. Ribas Gomes, L. T. H. de Jeer, Václav 
Ocelík, and J. Th M. De Hosson. "On the optimum resolution of transmission-
electron backscattered diffraction (t-EBSD)." Ultramicroscopy 160 (2016): 256-
264 
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6.1 Introduction 

 Transmission electron backscatter diffraction (t-EBSD) is a recent 
technique for microstructural analysis and it is based on the collection of 
Kikuchi diffraction patterns generated by the transmitted electrons in a 
scanning electron microscope (SEM). The main difference between t-EBSD 
and standard EBSD is that the Kikuchi diffraction pattern is formed by 
transmitted, forward scattered electrons rather than backscattered electrons. 
The advent of this method has led to a multiple nomenclature like SEM 
transmission Kikuchi diffraction (SEM-TKD) [5] and also transmission 
electron forward scattered diffraction (t-EFSD) [3], [4]. However, here we 
stick to the term that was coined in the original publication, namely t-EBSD 
[6]. The forming of the Kikuchi pattern is based on the same mechanism for 
t-EBSD as it is for standard EBSD, namely by incoherently scattered 
electrons through the sample. A key point of t-EBSD is that the resolution is 
enhanced compared to the resolution achieved through standard EBSD mode 
[1]–[4]; which is owed to the smaller beam diameter at the exit plane of the 
specimen surface [1]. Another advantage of t-EBSD includes the fact that the 
technique is accessible for all instrumental setups with an EBSD system, 
provided that the specimen is, like for transmission electron microscopy 
(TEM), electron transparent at SEM acceleration voltages and that it can be 
tilted in the opposite direction compared with the standard EBSD case [1]–
[5].  

 The starting point of our work is a thin gold foil; a material with a long 
history even dating back to 2690 BC [7], [8]. Ancient Egyptians already 
mastered processing techniques for producing gold leaves with thicknesses 
as small as 300 nm. The ability of gold to be deformed by cold rolling and 
hammering down to a thickness of about 250–500 atoms without any 
annealing step, while several metals fracture at a thickness of around 1 µm 
[9] makes it a unique material. This special behavior of Au foils has been 
attributed to the absence of an oxide film on the surface and as a 
consequence the ability of dislocations to escape from the foil when it 
becomes plastically deformed [9]. 

 As will be shown in the following, it is argued that the t-EBSD method is 
a valuable tool to unravel the detailed processing steps when making highly 
porous nanostructured materials. In particular, nanoporous materials have 
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drawn considerable attention owing to remarkable mechanical behavior [10] 
and exotic properties that arise from its high-specific surface area, pore size, 
and ligament size, which can be easily controlled by cost-effective 
procedures of chemical or electrochemical dealloying [11]. From an 
application point of view nanoporous gold (NPG) thin films and 
nanoparticles are surprisingly good catalysts [12] and excellent plasmonic 
sensors [13] for molecular-sensing applications based on enhanced Raman 
scattering [14] and surface-enhanced fluorescence [15]. 

 Computational efforts were able to describe the nanoporous morphology 
and characteristics of the electrochemical process. The model description of 
the nanoporous AuAg alloy suggests a dynamical pattern formation process 
that involves aggregation of the gold atoms into clusters by spinodal 
decomposition and dissolution of the silver atoms in the electrolyte [16]. 
However, details of the etching process are not clear, although the 
microstructural evolution after etching has been studied by means of X-ray 
diffraction (XRD) techniques in samples with a thickness of 0.1 mm [17], 
[18], showing that the grain morphology and orientation of the original alloy 
sample are usually  maintained. 

 Thin gold foils also received attention in the past from a scientific 
viewpoint [19], [20] and the microstructure was extensively characterized 
through transmission electron diffraction in the 1950s [21]. The gold foils 
that were used in our work are described in [22] In the following, it will be 
shown that t-EBSD is a versatile and sophisticated method that can address 
detailed questions about how the microstructure and texture develop before 
and after etching. It will be shown that the method governs advantages over 
previously used methods for microstructure analysis such as X-ray 
microdiffraction and EBSD when considering resolution, speed, and 
topography information. 

6.2 Resolution determination by simulations 

 The main advantage of t-EBSD over standard EBSD is that it can acquire 
a far better resolution. This improvement of resolution is acquired by the 
decrease of beam diameter on the exit plane by the scattered electrons 
thereby improving the lateral resolution. Moreover, the area of  
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Fig. 6.1: Set-up in the Philips-FEI FEG XL30 ESEM. (left) A schematic 
representation with working distance (WD), detector distance (DD), sample 
tilt angle (ϕ), detector tilt angle (θ). The specimen coordinates are defined as 
A1 (orthogonal to the tilt axis), A2 (parallel to the tilt axis), and A3 (normal 
to the sample surface). On the detector the position (x,y) of the pattern center 
projection (PC') is shown. The exact values corresponding to these 
geometrical parameters are given in Table 6.1. (right) The t-EBSD setup 
with: (1) the sample in a TEM sample holder, (2) the in-house made t-EBSD 
sample holder, (3) phosphor screen of the EBSD detector and (4) SEM 
electron pole. 

 

Table 6.1: Geometric parameter values of this specific Philips-FEI FEG 
XL30 ESEM set-up for which the optimum resolution is determined 

Geometric parameter Value 
θ 10° 
DD 26 mm 
H 154.4 mm 
y0 111.9 mm 
x 0 mm 
y 37.7 mm 
 

the projected incident electron beam on the sample surface is reduced due to 
the use of smaller tilt angles between incident electron beam and sample 
surface. However, the resolution is still direction dependent as it is with 
standard EBSD. The formation of Kikuchi patterns in standard EBSD have 
been thoroughly investigated [23] as well as the determination of the 
resolution by Monte Carlo simulation [24], [25]. For t-EBSD such a 
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thorough investigation did not yet existed. Some literature has been found on 
the influence of the experimental setup on the resolution; the effect of tilt 
angle, sample thickness, working distance and electron beam accelerating 
voltage have been investigated experimentally [2]. Moreover, combining t-
EBSD with other techniques as EDS [3], [26] or focused ion beam [27] have 
also been explored.  

 Monte Carlo simulations performed by Rik van Bremen as part of his 
master thesis-research  project were focused on the finding the optimum 
resolution of t-EBSD for thin film samples taking into account only the 
elastic scattering. It was shown how the resolution and quality of the 
diffraction pattern depend on the experimental setup-parameters. In this 
regard two different kinds of resolutions are important, namely: (i) the 
physical resolution, controlled by the sample surface area from which the 
coherent electrons originate, and (ii) the resolving power, controlled by the 
fraction of electrons, which are actually detected by the detector. These two 
resolutions differ because of the difference in angular spread near the exit 
plane and near the detector, caused by the higher concentration of electrons 
in the direction of the incident beam [28]. Moreover, the optimum resolution 
found depends on the particular geometry of the EBSD setup. In Fig. 6.1 a 
schematic representation of the used setup is shown. The geometry is defined 
by the working distance (WD), detector distance (DD), tilt angle of the 
sample (ϕ), angle of detector (θ) and the relative position between the sample 
and detector. The relative position of the detector with respect to the sample 
is determined by the DD and the pattern center (PC), the projection of the 
origin pattern along the DD in detector coordinates (x, y). The values 
corresponding to the geometric parameters for this particular set-up are given 
in Table 6.1. In Fig. 6.1 also an image of the set-up in the electron 
microscope is shown with (1) the sample in a TEM sample holder, (2) the in-
house made t-EBSD sample holder, (3) phosphor screen of the detector and 
(4) SEM electron gun pole. 

 For the scattering of electrons a number of mechanisms are important: 
elastic scattering [29], inelastic scattering, thermal diffuse scattering (TDS) 
[23], [30]–[32] and phonon assisted scattering [33]. Although TDS has an 
influence it was neglected in this study. It most probably has a positive 
influence on the estimation of the spatial resolution. The influence of TDS is 
believed to have a larger effect on thinner samples and lighter atoms
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Fig. 6.2: The resolution as a function of tilt angle for an Au sample of (top) 
100 nm thickness and (bottom) 20 nm thickness. The specimen is tilted from 
0° to 60° in the negative direction such that transmission through the sample 
is possible. The resolution calculated at the specimen is indicated with the 
dashed lines, while the resolution calculated from the detected electrons is 
indicated with the solid lines. Schematic inset defines geometry between 
sample and detector.  
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compared to thicker samples and heavier atoms, because the relative 
contribution to the total scattering is much larger. The resolution for a 100 
nm and 20 nm thick Au samples are simulated in Fig. 6.2. A distinction is 
made between the resolution at the specimen, where the electrons exit the 
sample, and the resolution at the detector, where the electrons are detected by 
the detector. For the detected resolution only the electrons which reach the 
phosphor screen are used for the resolution calculations. Both the resolutions 
for the A1 and A2 direction are calculated. The general trend is that the 
resolutions get worse with increasing tilt angle. For the 100 nm sample it is 
interesting to note that the resolution at the detector is better than the 
resolutions at the specimen for each tilt angle. The best resolution obtained 
for a 100 nm thick Au sample is 65.9 nm at a tilt angle of -20°. The 
resolution in the A2 direction is better than the resolution in the A1 direction 
with a resolution ratio between 1.2 and 1.5. For the 20 nm Au sample some 
different results were found compared to the resolution for 100 nm thick 
samples. The overall resolution is much better for the 20 nm than 100 nm 
thick samples,  ̴ 10 nm vs  ̴ 90 nm. Due to the reduced thickness of the 
sample, fewer collisions occur within the sample and the electrons are 
therefore less scattered. Moreover, the resolution at the detector is worse than 
at the specimen for the 20 nm thick sample. The best resolution found was 
10.3 nm at a tilt angle of -20°. The tilt angle used in the nanoporous gold 
experiments will therefore be set on -20°. 

 The resolution attained is highly dependent on the thickness of the 
material. The thicker the sample, the higher the probability for elastic and 
inelastic scattering events to occur due to the longer trajectory of the 
electrons through the sample. Heavier element and denser materials also 
increase the probability of scattering events by the decrease of the mean free 
path in the material. Simulations have been performed for calculating the 
resolution in the A1 direction as a function thickness of the sample for 
different elements, see Fig. 6.3. The resolution in the A2 direction was not 
simulated, because the resolution in A1 is the limiting factor. The physical 
resolution at the detector is shown for this is the most physical meaningful 
resolution. The calculated resolution is set-up specific and needs to be 
recalculated for each specific arrangement of phosphor screen, electron gun 
and sample position. As seen in Fig. 6.3 the deterioration in resolution with 
sample thickness for heavier elements is much faster than for lighter 
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Fig. 6.3: The resolution in the A1 direction calculated from the detected 
electrons as function of the thickness of the specimens for different elements. 
Heavier atoms reduce the resolution compared to lighter atoms. Schematic 
inset defines geometry between sample and detector. 

 
elements. For thin samples in the order of 20 nm, the resolution is similar for 
all elements, in the order of 3-10 nm. For thicker samples of 150 nm the 
spread increases to 67-150 nm resolution. For the used gold foils in the 
nanoporous gold experiments a resolution in A1 of around 150 nm can be 
expected. 

 The information depth is the depth the electrons which form the Kikuchi 
pattern are originating from. Because every incoherent scattering event acts 
as a point source for Kikuchi diffraction, the depth resolution is related to the 
depth of the last incoherent scattering event of an electron. The information 
of depth does not vary significantly with specimen thickness, but it does with 
other parameters, such as elemental composition, sample density and 
operating acceleration voltage. In Fig. 6.4 the depth of the last incoherent 
scattering is displayed for a 20 nm Au film at 30 kV. As is denoted by the 
vertical line, 80 % of the electrons originate from a depth less than 5 nm. The 
fit of the curve is an exponential curve, because the mean free path between 
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Fig. 6.4: Depth of information graphs. (top) Depth distribution in which 
electrons had their last incoherent scattering for a 20 nm thick sample with a 
tilt angle of -20° at 30 kV. Depth resolution is defined by 80% of the 
electrons denoted by the vertical line. (bottom) Depth resolution as function 
of the acceleration voltage for Au, Ag, Cu and Al at a tilt angle of -20°. 
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scattering events is exponential decaying with the distance. Also, the 
information depth as a function of acceleration voltage is displayed in Fig. 
6.4. Lighter elements have a worse depth resolution than heavier elements 
owing it to the lower probability of scattering and long mean free path. 
Therefore the last incoherent scattering can occur earlier in the sample. 
Lower acceleration voltages lead to a better resolution, however the signal to 
noise ratio decreases. The best depth resolution for Au is 1.8 nm, obtained at 
5 kV. This means that the lateral resolution is worse than the depth resolution 
for Au. However, due to the limited decrease in resolution of 21 nm at 30 kV 
compared to 5 kV, we used an operating accelerating voltage of 30 kV for 
the nanoporous gold experiment. 

6.3 Materials and Methods 

 We have analyzed a commercial 12 karat (50–50 wt.%) AuAg foils 
(Noris Blattgold GmbH, Schwabach, Germany) with a thickness of 140 nm 
that were placed onto a double folding gold TEM grid (Fig. 6.5). The 
nanoporous foil was obtained by dealloying of the AuAg foil by immersing 
the grid-mounted samples in a 65% HNO3 solution for 15 min. The etched 
foil was rinsed with demineralized water to remove any residuals and was 
dried in air. Subsequently, Kikuchi patterns were collected in a Philips XL30 
field emission environmental SEM (Philips, Eindhoven, Netherlands) 
equipped with an EDAX DigiView 3 CCD camera (Edax Inc., Draper, Utah, 
USA). An in-house designed holder was used to position the sample in 
transmission mode at a tilt angle of −20°, i.e., −20° between the normal of 
the foil and the incident electron beam (Fig. 6.5). For these experiments, a 
beam acceleration voltage of 30 kV and beam current of 2.2 nA was applied. 
The tilt angle and acceleration voltage were determined by simulations so as 
to obtain the best resolution in practice. The speed of automatic EBSD 
pattern indexing was 20–40 points/s. The chemical composition of the foil 
was measured by energy- dispersive X-ray spectroscopy (EDS) with an 
EDAX SUTW+ detector (Edax Inc., Draper, Utah, USA) in combination 
with the Philips XL30 FEG ESEM.  

The size of the ligaments in nanoporous structure after dealloying has been 
observed and measured by Philips XL30S FEG SEM (Philips, Eindhoven, 
Netherlands) using ultra-high-resolution mode. 
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Fig. 6.5: (Left) Schematic overview of the transmission electron backscatter 
diffraction set up. The sample holder fixes the angle between the normal of 
the sample surface and the incident electron beam at −20°. The measured 
crystal orientation is of the opposite side, i.e. the surface which faces the 
EBSD detector. (Right) Scanning electron microscope (SEM) images of the 
AuAg foil fixed in a double transmission electron microscope grid set in the 
in-house made sample holder. On the SEM image the whirlpool grain 
morphology of the foil is already visible (Right, inset). 

 
 To get a complete view of the change in microstructure, we followed two 
different approaches to compare the microstructure of the nontreated and 
nanoporous foils. First, statistical changes in the microstructure due to 
etching were documented, as observed in a rather global view. Large areas 
were scanned to have enough statistical t-EBSD sampling. A step size of 500 
nm was used with a working distance (WD) of 14 and 11 mm for the 
nonetched and etched foil, respectively. In the second approach, the local 
microstructural changes due to etching were observed in a more local view. 
The same area of the foil was scanned before and after etching in this case. 
To observe the local changes, the size of the scanned area is smaller with a 
much smaller step size compared with the statistical case. A step size of 100 
nm was used with a working distance of 8 mm. In both cases, a hexagonal 
scan grid was applied. 
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 The resolution of the t-EBSD method has been determined by performing 
line scans with a step size of 3 nm and by measuring the change in image 
quality (IQ) [34] and in crystal orientation. A grain boundary is defined in 
the microstructure as a boundary between two neighboring scanning points 
having crystallographic misorientation larger than 5°. All t-EBSD data were 
acquired using TSL OIM Data collection 7 and analyzed with TSL OIM 
Analysis 7.1.1 software. 

6.4 Results 

6.4.1 Microstructural Characterization of Thin AuAg Foil 

 The as-received AuAg foil has a 12k (50–50 wt.%) AuAg alloy content, 
which crystallizes in a binary solid solution face-centered cubic (fcc) phase. 
EDS shows that the AuAg contents are homogenously distributed over the 
foil. 

 A rather inhomogeneous grain structure was observed and it is best 
described as having a whirlpool morphology with the grains rotated around a 
central point. The grain shape morphology can be recognized in the SEM 
inset of Fig. 6.5, and in Fig. 6.6a, the inverse pole figure (IPF) maps with 
(black) grain boundaries. The foil consists of large matrix grains with some 
smaller grains in between. 

 We found that the foil has a single through-thickness grain. Two t-EBSD 
mappings were done on the same area from both sample sides. As t-EBSD 
provides the crystallographic information from the area near the exit surface 
of the transmitted electrons [1]–[4] these two scans yield the crystallographic 
mapping of both opposing surfaces (see Fig. 6.6a). For the ease of 
comparison, the map on the right has been flipped over horizontally. Overall, 
the grain structure, grain boundaries, and fiber axis direction are the same for 
both surfaces. Up to a thickness of 140 nm, the foil usually contains only a 
single through thickness grain as observed by t-EBSD. This is also indicated 
by the similarity in the observed grain structure in the SEM image, where the 
information comes from the “upper” side of the foil; and the t-EBSD grain 
boundaries map, that is generated from the “bottom” side (Fig. 6.5). Local 
spots where this is not the case hint to a local multigrain thickness of the foil 
(Fig. 6.6b), but this is a minority of the investigated area. Most likely they  
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Fig. 6.6: (a): [001] Inverse pole figure maps of opposite surfaces from the 
same area of the AuAg foil with grain boundaries indicated by black lines. 
The right map is vertically flipped for the ease of comparison. The majority 
of the areas have the same grain size and morphology, and the same fiber 
axis as at the opposite site of the area. This strongly suggests a one grain 
thickness. (b): Possible configurations of grains through the thickness: (1) 
one grain thickness, (2) pancake configuration, (3) multigrain thickness. 

 
are double grain thick areas in a pancake-like structure. This pancake-like  
structure has been observed by Detsi et al. (2012) [35] in heavily deformed 
cold rolled AuAg sheets. 

 The crystallographic texture in the non-etched AuAg foil is strong. In Fig. 
6.7a and Fig. 6.7b, the texture is represented in an IPF for crystal directions 
parallel to the normal of the foil surface and the <001> and <111> pole 
figures. Two fiber axes are found in the texture, i.e., parallel to the <111> 
and the <001> direction. If we quantify the texture averaged over 18·104µm2, 
65% of the area possesses a <001> fiber axis and 29% has a <111> fiber 
axis. The other 6% has a random orientation. An example of the distribution  
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Fig. 6.7: Texture of the non-etched AuAg foil. (a): The inverse pole figure 
(equal area projection) shows that the AuAg foil has two fiber axes 
<001>||ND and <111>||ND; (b) The pole figure (equal area projection) of 
the <001> fiber axis and <111> fiber axis, respectively, show that the 
orientations within a texture fiber are distributed homogenously before 
etching. 

 
of the two fiber axes is seen in Fig. 6.6a in which we observe the <001> and 
<111> fiber axis characterized by two colors: red and blue, respectively. 

 The boundaries between grains are related to grains with different fiber 
axes. The majority of the grain boundaries coincide with grain boundaries 
going from the <001> to the <111> fiber axis, as expected. However, also 
grain boundaries are found between grains with the same fiber axis. This is 
clearly shown in Fig. 6.6a in which the grain boundary also runs through a 
<001> direction (red) surface. In general, we can say that the misorientation 
angle is smaller between grains with similar fiber axes than between grains 
with different fiber axes. 

 The origin of this strong texture is based upon the rolling and the 
hammering production steps of the AuAg film. Cold rolling of an fcc 
material can result in different textures depending on the degree of rolling 
[36]. Low degree of rolling lead to the α-fiber, <110> parallel to normal 
direction (ND), or β-fiber texture, <110> tilted 60° towards rolling direction 
(RD). For high degree of rolling particular texture components become more 
pronounced along the α and β fiber, such as the Goss, copper and brass 
orientation (see also Chapter 2.2.1). However, also a <111> fiber texture can 
be present after rolling if more annealing steps are included [35]. Hammering 
on the other hand results in a strong <001> fiber texture [21]. Apparently, the 
hammering step was the final step and therefore has the largest impact on the  
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Fig. 6.8: (Left) Schematic of the procedure to assess resolution. A line scan 
with step size 3 nm is performed over a grain boundary in transversal 
direction to measure the crystal orientation and image quality (IQ). (Right) 
The width of the IQ-values valley along the grain boundary gives the 
physical resolution of the transmission electron backscatter diffraction 
method for the AuAg foil. 

 
eventual texture of the AuAg foil. However, as one deformation mode does 
not annihilate the texture of the previous deformation mode a combination of 
<001> and <111> fiber texture is found in highly plastically deformed AuAg 
foils. 

 In the IPF map (Fig. 6.6a), we observe distinct variations in fiber axis 
within the large matrix grain, i.e. <001> crystal directions with respect to the 
surface normal. The spread in orientation within the grain is large but the 
local misorientation is smaller than 5°. The same local fiber axis variations 
are found on the other side of the foil, also suggesting that these variations in 
fiber axis are preserved through the thickness of the specimen. A good IQ of 
observed EBSD patterns and clear detection of grain boundaries allows for 
testing of the resolution of the t-EBSD technique in our particular case (140-
nm thick AuAg foil, 30 kV acceleration voltage and −20° tilt angle). 

 We found a resolution of 39 nm with the t-EBSD technique on the 
nonporous films and this corresponds well with resolution calculated by 
Monte Carlo simulation with use of the identical geometry of sample and 
detector positions [1], [23]. Single line scans with 3 nm steps were 
performed in the A2 direction. No beam distortion in the A2 direction is 
expected and therefore an enhanced resolution is expected. The measured 
crystal misorientation value was used to identify the position of the grain 
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Fig. 6.9: (Left) Distribution of the width of the image quality valley for 26 
grain boundaries as a function of the misorientation of the grain boundary. 
(Right) Box plot of the distribution displays the median physical resolution 
(horizontal line) and 50% interval (box) with at both sides a 25% interval. 

 
boundary. The IQ value as function of position on the line scan is shown in 
Fig. 6.8. A local minimum of IQ value at the grain boundary was measured. 
The width of the IQ valley was measured as the distance between the two 
local IQ maxima. The best resolution achieved in these data sets of 26 
boundaries was 39 nm. The resolution distribution is shown in the attached 
box plot in Fig. 6.9 and agrees quite well with previous reports for  
 
 

bulk samples [1], [23]. The scatter is relatively large, but one must consider a 
few factors that would impact the measured IQ drop, e.g., the angle of the 
boundaries with respect to the foil normal were not controlled. There is also 
an effect from the misorientation between grains, with a perceived inverse 
relationship with a resolution marked by the regression line in Fig. 6.9. 

6.4.2 Comparison of Nonetched and NPG Samples 

 We make a distinction between a global analysis in which large scans of 
different areas were made, and a local case in which the same area has been 
scanned before and after etching for 15 min in HNO3 solution. By combining 
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Fig. 6.10: Grain size distribution before (black) and after etching (red). The 
overall grain size distribution does not change significantly after etching. 
Any difference is owing to the nature of the foil and dependent on the 
scanned area. 

 
those two cases, we get a full picture of the microstructural changes during 
formation of nanoporous gold by dealloying process. The general grain 
morphology found after etching is one with large matrix grains having a 
whirlpool morphology with some smaller grains inside. This is very similar 
to our observations of the nonporous foil. The smaller grains are somewhat 
elongated and are clustered within the large grain. Owing to the dealloying, 
the foil has on both sides a nanoporous microstructure with ligaments of 10–
20 nm and EDS showed 8 at% of retained Ag. 

 No change is observed in the grain size distribution owing to the violent 
dealloying process and therefore no extra grain boundaries are created. The 
comparison of grain size distribution before and after etching is shown in 
Fig. 6.10. The overall grain distribution before and after dealloying is very 
similar for either small or large grains. However, differences are noticed for 
grains larger than 200 µm2. These differences are owed to the inhomogeneity 
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of grain sizes in the foil. The grain morphology is such that a large matrix 
grain is present with smaller grain spread in the matrix grain. Depending on 
the place and size of scanned area the distribution of large grains may vary. 
Therefore, the spread in the bigger grains is larger than in the smaller grains. 
Moreover, etching has a small local effect on the grain morphology, see Fig. 
6.11. Fig. 6.11 is the [001] IPF map with crystal direction parallel to the 
normal of the foil. The black lines denote the grain boundaries. The grain 
size distribution is similar as in the global case. 

 The character of the grain through the thickness is preserved after 
etching. A scan is made from both surfaces and the same features as 
described to the nonetched foil (same grain morphology, same fiber axis 
orientation for opposite points in the foil) are found in the etched foil. 
Therefore, it is concluded that no new grain boundaries through the thickness 
of the foil are created during the etching process. 

 We found a conservation and even enhancement of the overall 
crystallographic texture (<001> and <111> fiber texture) after etching. Both 
in the <001> and <111> fiber, we observe an increase in volume fraction. 
The <111> pole plots of the texture and distribution of pole density, for the 
nonporous and the nanoporous foils, are shown in Fig. 6.12. The peaks at 0 
and 70.5° correspond to the <111> fiber axis and the peak at 54.7° 
correspond to the <001> fiber axis. Both the peaks at 54.7 and 70.5° are 
narrowed and increased in height after etching. For the <001> fiber axis the 
volume fraction increases from 51.9 to 66.5%. For the <111> fiber axis the 
volume fraction increases from 16.4 to 22.2%, therefore increasing the 
volume fractions significantly by 30%. This enhancement of the texture can 
already be observed in Fig. 6.11 by the distinct difference in color 
corresponding to fiber axes. So, crystals within a fiber orientation will rotate 
to a specific orientation, but also more crystals outside a fiber will rotate to 
an orientation within a fiber. 

 The accumulated strain within the sample is reduced by etching, which is 
measured by the average misorientation inside one grain. The large 
orientation spread in large grains indicates that there is not only strain near 
the grain boundaries, but also within the grain interior. Therefore, two 
misorientation distributions are interesting: at the grain boundary and within 
the interior of the grains. 
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Fig. 6.11: [001] Inverse pole figure map of an area of the AuAg foil before 
(left) and after (right) dealloying. Black lines represent grain boundaries. 
The arrows denote locations with a changed grain boundary. Etching does 
not affect the grain size and morphology in general. 

 

 
Fig. 6.12: <111> Pole plots for the nonetched foil (black) and the etched foil 
(red). The pole distributions at 0 and 70.5° correspond to poles of <111> 
and pole distribution at 54.7° to <001>. After etching the peak of the 
distribution becomes larger and the width of the distribution narrower for 
both <001> and <111> peaks. Therefore, the texture becomes stronger due 
to etching. 
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Fig. 6.13: (a): Misorientation angle on the grain boundaries of the 
nonetched foil (black) and an etched foil (red). Owing to etching there is a 
reduction of high-angle grain boundaries (50–58°) and an increase in low-
angle grain boundaries (5–15°) and an increase in twin boundaries (60°). 
(b): Grain orientation spread distribution shows the spread in orientation 
within a particular grain. An overall slight decrease in-grain orientation 
spread is observed. This shows the reconfiguration with less spread also 
seen in stronger fiber texture. 

 
 Etching reduces the high-angle grain boundary and enhances twin 
boundaries in the foil. The misorientation distribution of the grain boundaries 
for the non-etched and an etched foil are shown in Fig. 6.13a and are not 
random. We can observe a distinct difference between these two 
distributions. In the non-etched foil, we observe a peak at high-angle 
boundaries (50–60°), which corresponds to the grain boundaries between 
grains with a <111> and <001> fiber axes. Another separate peak is found at 
60° indicating that twinning plays a significant role within the foil, which is 
likely for silver and gold having both a low stacking fault energy, ranging 
between 10 and 20 mJ/m2. After etching we observe an increase in low-angle 
grain boundary density (5–15°). The minor peak in the low-angle regime 
boundary (5–15°) corresponds to grain boundaries between grains with 
similar fiber axes. A decrease in the high-angle grain boundary density is 
observed. However, the separate peak at 60° increases. 

 The misorientation within the grain is reduced after etching. Both the 
grain orientation spread (GOS) distribution and kernel average 
misorientation (KAM) [37] are used as a measure of the internal 
misorientation within grains. The GOS calculates the spread of orientation by 
calculating the sum of the orientation difference with respect to the average  
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 Fig. 6.14: (a): Kernel average misorientation distribution for the nonetched 
area (left) and the etched area (right) for distances of 100, 200, 400, and 800 
nm with respect to a central point. Short range misorientations (100, 200 
nm) are reduced due to etching, long range misorientations (400, 800 nm) 
stay similar. The reduction of strain therefore happens locally. (b): Point-to-
origin misorientation profile along the same line within one grain for the 
nonetched and etched state. The deviation in misorientation profile between 
nonetched and etched foils starts out small and deviates more with 
increasing distance. 

 
grain orientation. It is normalized for grain size and is shown in Fig. 6.13b. 
The fraction of grains with a GOS>1° is reduced, whereas the fraction of 
grains with GOS<1° is increased. The KAM analysis calculates the average 
misorientation from a central point with respect to perimeter points with a 
certain distance, if and only if the perimeter point lies in the same grain. To 
measure the effect of etching on the long and short range distance within a 
grain the KAM has been calculated for different distances. Fig. 6.14a shows 
the distribution of the KAM of the nonetched and etched area for 100, 200, 
400, and 800 nm distances. The larger the distance from the kernel the larger 
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the average KAM becomes. Moreover, the point-to-origin misorientation 
profile of the same line on the foil is taken before and after etching in Fig. 
6.14b. For the nanoporous foil, the short and long range misorientation is 
lower than for the non-etched foil. We observe the same small misorientation 
at the short range and an increase in misorientation with respect to the origin 
at the long range.  

6.5 Discussion 

 From the analysis we found that etching influences slightly the grain 
structure and morphology of the foil. In Fig. 6.11, we observe multiple 
locations where small changes are visible, pointed out by arrows. These 
changes are characterized by the appearance and disappearance of grain 
boundaries, which had been defined as a line between points with a 
misorientation higher than 5°. 

 It must be realized that a quantitative texture characterization requires a 
number of grains in the order of 104 [38]. The fact that the AuAg foil has 
large grains makes it difficult to reach this number in one orientation imaging 
microscopy (OIM) scan. So the texture analysis is a way to clarify what 
globally occurs with the orientation distribution of the crystals and as we can 
scan the same area before and after the etching process, we can provide a 
texture analysis for local changes. For instance, the enhancement of the 
texture is clearly visible if we make a local microstructure comparison before 
and after dealloying. Compared with the global case, we found less low and 
high-angle boundaries. However, already a significant peak at 60° appears. 
After dealloying, we observe no peak at the low-angle boundary and a slight 
increase in twin boundaries. We propose that high-angle grain boundaries 
form the nuclei for etching, and owing to the high mobility of atoms in those 
regions, the removal of an Ag atom can occur easier. The gold atoms 
reorganize and agglomerate at gold islands. The process results in a low 
misorientation, low-angle grain boundary, or a twin boundary dependent on 
the initial surface properties of those gold islands. 

 We observed a very distinct change in the original crystallographic 
texture owing to dealloying, namely strengthening of the <111> and <001> 
fiber axis, in contrast as mentioned in [18], in which they concluded that 
dealloying fully preserves the original crystallographic structure. That study 
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also stated that the orientation spread within the grains increased, while we 
observed the opposite effect. After etching, the distributions of the KAM for 
the different ranges are shifted to smaller angles (Fig. 6.14a). For the short 
distance misorientation, the distribution peaks shift from 0.29 to 0.13° for 
100 nm distance and from 0.39 to 0.28° for 200 nm distance, indicating that 
the average misorientation becomes smaller after etching. For the 
misorientation over long distances of 400 and 800 nm the difference in the 
misorientation distribution observed becomes smaller and disappears for 800 
nm. These effects indicate that the misorientation distribution within the 
interior of a grain becomes smaller and hence more homogeneous owing to 
etching. The decrease in overall KAM and a decrease in orientation spread 
within the grains after etching clearly demonstrate that a small amount of 
strain is removed during dealloying. It is reasonable to attribute these 
contrasting result with Petegem’s study to the difference in thickness of the 
studied specimens which is two orders of magnitude apart. It can be argued 
that the small thickness of the present work specimens allows for smaller 
concentration and expansion mismatches and easier strain relaxation by 
diffusion. 

 Dotzler et al. (2011) [39] identified tensile and compressive components 
in the shifts of XRD peak profiles during dealloying of 100 nm thick foils, 
which were related to the radial and axial direction of the formed ligaments. 
This observation was claimed to be a strong evidence for a preferred 
orientation of ligaments in the <00n> directions and this is strengthened by 
our findings. Simulations of the evolution of nanoporosity in binary gold–
silver systems presented by Erlebacher et al. [16] suggest a movement of 
gold atoms in the plane which is in contact with the etching solvent. These 
gold atoms in the plane move to agglomerations of gold to form islands in 
the plane owing to reduction of surface energy. In this way, a strained 
structure would be relaxed by the removal of the silver atoms, so that the 
remaining islands would contain less misorientation owing to the absence of 
the previous constraint. The strain anisotropy generated by the cylindrical 
shape of the gold islands would therefore impose a preferred orientation of 
the ligaments, resulting in the observed strengthened texture. 

 An interesting observation in the SEM images of the dealloyed foils was 
the presence of relatively thick nonporous lines coinciding with the grain 
boundaries, as can be seen in Fig. 6.15. It has been argued that the 
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recrystallization steps of the foils manufacturing process by hammering 
induces a segregation of the solid state solution by diffusion of Au atoms to 
the grain boundaries, thereby preventing etching in these regions [22]. The 
thickness of these lines was in the order of 100 nm. One could expect that 
this feature would be absent for the case of the disappearing grain 
boundaries, as it would make the grain boundary movement much more 
difficult considering the lower local diffusion of silver atoms.  

 We propose a simpler method to measure EBSD resolution here. The 
advantages of this method are the ease and speed with which line scans can 
be performed. Previous studies have measured the EBSD resolution by 
measuring the similarity between registered Kikuchi patterns of two grains 
using techniques based on digital image correlation [23], [40]. This involves 
calculating the correlation between successive images in the region of 
interest as a function of the position for each of the crystals, adding both 
curves, and measuring the full width at half maximum of the resulting peak. 
The IQ-parameter is a measure of the diffraction patterns quality, and 
depends on factors such as the specific experimental parameters and video 
processing, and the “perfection” of the local diffraction-generating volume’s 
lattice—for this reason it has been used to quantitatively describe the strain 
distribution [41]. If so, a decrease in IQ is observed at the grain boundaries, 
as the diffraction pattern is generated from two different crystals. A potential 
limitation of the proposed technique concerns the characteristic grain size of 
the specimen that cannot be smaller than the beam diameter at the exit plane, 
as this would prevent the local IQ to reach its (potential) maximum value, in 
this way hiding or displacing its actual position. For this reason, the 
resolution is defined for this method in the same way as the physical 
resolution, i.e., in the case of crossing a grain boundary the smallest distance 
over which the influence of the previous crystal cannot be discerned in the 
diffraction pattern. It is analogous to the distance that the incident electron 
beam must cover before the exit diffraction beam moves completely to the 
second grain. The effective resolution, in contrast, is defined as the smallest 
distance at which the influence of a second crystal can be discerned, and is 
therefore much smaller [42] 
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Fig. 6.15: (Left) Electron backscatter diffraction image quality map of 
nonetched foil with green highlighted grain boundaries and (right) scanning 
electron microscope picture of etched foil. The arrows corresponds to one of 
the grains in Fig. 6.11 

 

 

Fig. 6.16: Scanning electron microscope (SEM) image with the scanned area 
for the SEM, electron backscatter diffraction (EBSD) measurement and area 
where a hydrocarbon film is created. The energy-dispersive X-ray spectra 
show the composition of foil after etching inside and outside the scanned 
area. It proves that the hydrocarbon polymer film formation reduces the 
etching rate significantly in the EBSD scanned area and with it the final 
composition. 
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Fig. 6.17: Image quality map of a 1×1 µm2 area of the etched foil, with 10 
nm step size. A characteristic nanoporous Au structure with randomly 
oriented ligaments can be seen quite clearly. 

 
 During our experiments several interesting observations were made. 
Observing the same region of the foil before and after dealloying was not 
straightforward, as a hydrocarbon polymer develops on the sample as a 
consequence of the radiation from the first t-EBSD mapping. This 
hydrocarbon film prevents etching in that particular area. This effect was 
confirmed by EDS, as shown in Fig. 6.16. The facts that the composition of 
the foil together with the formation of the film remained practically 
unchanged and that no nanoporous structure was present in this area after 
etching suggest that this film must be formed on both sides of the foil. This 
phenomenon could be exploited in order to create patterns of nanoporous and 
solid regions in the foil via electron beam lithography with the carbonaceous 
film as a resist mask, with the resolution as good as 5 nm [43]. In order to 
allow SEM and OIM comparisons before and after etching in the same 
region, the removal of the protective film was accomplished by exposing the 
foil to a hot electric lamp in air for 15 min before etching. Such exposure 
destroys the protective film by desorbing the hydrocarbon molecules [44]. 
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 Another noteworthy observation is that the randomly oriented ligaments, 
typical for dealloyed nanoporous metals, could be discerned in the t-EBSDs 
IQ maps (Fig. 6.17) with enough quality to allow the measurement of its 
characteristic sizes. The use of IQ maps to investigate topographic features 
have been reported previously, but only for bulk samples [34]. 

6.6 Conclusions 

 The microstructural characterization of thin AuAg foils before and after 
dealloying process by t-EBSD reveals the following facts about the 
formation of nanoporous gold: 

- The majority of the 140 nm thick AuAg foil has only a pancake structure 
that is conserved after dealloying. 

- The following observations indicate consistently that movement of atoms 
during dealloying results in a more perfect lattice: (i) a strengthening of 
the rolling and hammering texture, (ii) decrease of in-grain 
misorientation, (iii) removal of high-angle grain boundaries, and 
formation of low-angle grain and enhances the number of twin 
boundaries. 

- The in-plane strain decreases owing to the more perfect lattice within the 
grain and on the grain boundaries by etching, which leads to the release 
of stress and therefore the shrinkage of the foil. 

- Local microstructural changes were observed in the AuAg foil after 
etching. Etching slightly alters the grain size and morphology due to the 
removal of grain boundaries.  

- The crystallographic texture is enhanced significantly due to etching. An 
increase of 30 % in volume fraction of both the <001> and <111> fiber 
texture occurs. 

- The experimental observations of reduction in crystallographic 
misorientation match with simulations on the Au atoms during the 
formation of nanoporous material as reported in the literature. 
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Chapter 7 

Orientation Relationship in 
Al0.7CoCrFeNi High Entropy Alloya 
 

A detailed microstructural evaluation was executed on the crystallographic 
texture as well as the mechanisms for nucleation, phase transformation, and 
grain growth in an Al0.7CoCrFeNi high-entropy alloy. The microstructure 
and crystallographic orientations were characterized by electron backscatter 
diffraction and the chemical composition variations by energy dispersive X-
ray spectroscopy. The cast Al0.7CoCrFeNi alloy started in the bcc phase and 
partially transformed into the fcc phase. It was found that the Pitsch 
orientation relationship (OR) dominates the nucleation mechanism of the fcc 
phase; however, deviations with respect to the Pitsch OR are observed and 
are attributed to the differently sized atoms forming an ordered B2 phase in 
the alloy causing lattice distortions. The dual phase bcc–fcc microstructure 
contains fcc Widmanstätten plates oriented parallel to the {110}bcc planes of 
the parent grain. It was found that the crystal orientation distribution after 
the bcc–fcc phase transformation is confined and is explained as a product 
of the governing mechanisms. 

 

                                                      
a Adapted from: De Jeer, L. T. H., Ocelík, V. and De Hosson, J. T. M. (2017) 
“Orientation Relationships in Al0.7CoCrFeNi High-Entropy Alloy,” Microscopy 
and Microanalysis. Cambridge University Press, pp. 1–11. doi: 
10.1017/S1431927617012442. 
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7.1 Introduction 

 The advent of high-entropy alloys (HEAs) as introduced by Yeh et al. [1] 
has given an impetus to the design of multicomponent alloy systems, which 
are particularly mechanically stable at elevated temperatures. HEAs are 
defined as alloys containing five or more principal elements with about 
equivalent atomic percentages so as to maximize the effect of the 
configurational entropy contribution to the total Gibbs energy of mixing. In 
recent years considerable attention has been paid to the microstructure, alloy 
preparation, and mechanical performance of various HEAs [2]. This interest 
was caused by the extraordinary properties of HEAs compared with their 
principal elements and other known alloys. A wide range of combinations of 
principal elements has already been explored in the literature [3]–[5]. One of 
the more popular combination of elements is AlCoCrFeNi, in which the 
concentration of one of the precursor elements is varied [6]–[10]. Despite the 
rather extended literature dealing with processing, almost no detailed work 
has been reported concentrating on the crystallographic orientation 
relationships (ORs) and distributions in multiphase HEAs. Needless to say, 
to fully understand the structure–property–performance relationships detailed 
information about the OR, which influences the materials’ microstructure, is 
a critical issue and of major concern. 

 An attractive feature of this particular alloy is that it consists of both the 
fcc phase and bcc phase. For AlxCoCrFeNi this multiphase character exists 
for the range 0.45≤x≤0.88 [8] and it provides the possibility to examine the 
OR between the bcc phase and fcc phase in detail. The absence of other 
phases makes the material suitable to investigate the OR in relation to the 
nucleation and growth of these two phases. The investigation of the OR in 
this material leads to the set of classical possibilities resulting in the 
generally known rational ORs of Bain [11], Pitsch [12], Kurdjumov–Sachs 
(K–S) [13], and Nishiyama–Wassermann (N–W) [14], [15]. Stimulated by 
various applications, research has been carried out on these ORs; i.e., not in 
HEAs but rather in other material systems ranging from relatively simple 
binary systems [16], [17] to complex martensitic steels [18]–[22]. Only a 
single study on the OR in HEA can be found, which was, in fact, recently 
published [23] using transmission electron microscopy (TEM), yielding only 
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very local information about the existing OR between the bcc phase and fcc 
phase. 

 In contrast to conventional TEM, here we use the strength of electron 
backscatter diffraction (EBSD). The combination of EBSD and scanning 
electron microscopy (SEM) allows us to collect a large statistical sampling of 
phase boundaries to determine the bcc–fcc OR distribution found in 
Al0.7CoCrFeNi. In particular, during phase transformation of this alloy the 
fcc phase nucleates within the bcc phase grains, providing the possibility to 
observe the OR of the bcc to fcc transformation in detail, which is less 
frequently discussed in literature than the reverse transformation; i.e., of the 
transformation from the fcc phase to the bcc phase. In this study, we 
identified a set of mechanisms that determine the final microstructure and 
crystal orientation distribution after this bcc to fcc phase transformation. 

7.2 Methods and Materials 

 The Al0.7CoCrFeNi alloy was synthesized by the arc melting method in 
an in-house home-made electric arc-furnace. The high-purity precursor 
principal metals were melted in a protective Ar gas environment in a vacuum 
of 10−6 bar after pumping. After melting and mixing, the alloy was cast and 
cooled at a high cooling rate of about 100 K/s. No post-heat-treatment was 
applied. The cast alloy button with a mass of about 10 g was prepared for 
EBSD analysis by mechanical polishing and finished with a 0.04 µm sized 
polishing agent. 

 A field emission gun-SEM (TESCAN, Brno, Czech Republic) in 
combination with an EBSD system (Edax Inc., Draper, UT, USA) was used 
for the crystallographic and microstructural characterization and an energy-
dispersive X-ray spectroscopy (EDS) system (Edax Inc.) was used for the 
elemental characterization of this sample. To determine the crystallographic 
orientations with high accuracy, we used a large number of detected Kikuchi 
bands (10–12) for the indexing of the bcc and fcc phases, and we used the 
maximum resolution (no binning) of the Hikari Super EBSD (Edax Inc.) 
detector. The EBSD step size (500 nm) in a hexagonal grid was adjusted to 
fulfill the condition of having more than 1,000 points per fcc variant [24]. 
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 The EBSD data were analyzed using the orientation imaging microscopy 
(OIM) Analysis 7.3 software and the MTEX MATLAB Toolbox for 
Quantitative Texture Analysis [25]. The studied HEA provides very good 
Kikuchi patterns for 20 kV with 100% of the points being indexed. 
Nonetheless, a data-cleaning procedure was used to increase the probability 
for correct indexing. In the first step, confidence index (CI) standardization 
was realized with a grain tolerance of 5° and a minimum grain size of 5 
pixels in at least two rows. This cleaning step does not change the detected 
phase or crystal orientation, it just equalizes the probability of correct 
indexing for all points in one grain to its maximum. In the second cleaning 
step, the orientation of points with a low CI (CI<0.1) have been modified to 
the orientation defined by the majority of its neighboring points with a good 
CI. No more than 2.5% of the scanned points have been modified by this 
cleaning procedure; in the presented OIM results only points with a CI>0.1 
are shown. 

7.3 Results 

 After quenching, the very distinct and particular microstructure found in 
the Al0.7CoCrFeNi HEA has a Widmanstätten pattern; see Fig. 7.1. This 
pattern has a clear ribbon-shaped structure that is commonly found in Fe–Ni-
based meteorites [26]–[29] and in steel [22]. This HEA has a microstructure 
consisting of a mixture of the bcc phase and fcc phase. The bcc parent phase 
is shown in Fig. 7.1a in red color and the fcc daughter phase in green color. 
The bcc phase and fcc phase have a surface fraction of 34.6 and 65.4%, 
respectively. In Fig. 7.1 two bcc parent grains are observed, which are shown 
in the Euler angle map for the bcc phase in Fig. 7.1b. The Widmanstätten 
pattern is formed by the fcc phase daughter grains. The daughter grains have 
different crystallographic orientations, which are shown in the Euler angle 
map for the fcc phase in Fig. 7.1c. The image quality map in Fig. 7.1d shows 
the general microstructure of the HEA. In this case we have two bcc parent 
grains and many fcc grains originating from these two parent grains. In the 
cross-section, the observed fcc daughter grains are all ribbon shaped. The 
same microstructural picture is observed for many other bcc parent grains 
and, therefore, it is easy to conclude that the fcc grains must have a plate-like 
shape. The chemical composition differs slightly between the bcc phase and 
fcc phase; see Table 7.1. The bcc phase contains relatively more Al and Cr, 
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Fig. 7.1: Representative microstructure of Al0.7CoCrFeNi high-entropy 
alloy after casting. (a): The combined phase with image quality map, with 
the bcc phase in red and the fcc phase in green, shows the distinct 
morphology of the two phases. (b): The Euler color map of the bcc phase 
shows that the map consists of two bcc parent grains. (c): The Euler color 
map of the fcc phase shows the variety and limited possibilities in 
orientations of the fcc daughter plates inside these two bcc grains because of 
an orientation relationship. (d): Image quality map shows the general 
microstructure. 
 

Table 7.1: The overall elemental composition of the HEA and the elemental 
composition of the bcc and fcc phase ,separately 

  Average   BCC   FCC  

Element at. % error 
(at. %) at. % error 

(at. %) at. % error 
(at. %) 

Al 12.8 0.7 14.3 0.3 12.0 0.3 
Cr 22.3 0.5 23.7 0.2 21.9 0.2 
Fe 22.0 0.5 21.7 0.2 22.4 0.2 
Co 22.9 0.5 20.9 0.2 22.4 0.2 
Ni 21.0 0.5 19.4 0.2 21.3 0.2 
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Fig. 7.2: Misorientation characterization. (a): The misorientation angle 
distribution between the bcc and fcc phases (black) with a peak at 45.7° and 
the misorientation angle distribution between fcc phase plates (red). (b): 
Misorientation angle-axis distribution between the bcc and fcc phases for a 
given angle ±2.5° shows that the common rotation axis lies near the <001> 
crystal direction for misorientation angles close to 45°. 

 
and the fcc phase contains relatively more Fe, Co, and Ni. This means that 
the slightly heavier atoms have a larger concentration in the fcc phase than 
the lighter atoms. 

 The distribution of the crystallographic misorientation angle between the 
bcc and fcc grains, shown in Fig. 7.2, indicates that a strong OR is present. 
The misorientation angle distribution between the bcc and fcc grains shows a 
narrow distribution between 40.0 and 46.5° with a peak at 45.7°; see Fig. 
7.2a. The misorientation axis distribution lies mainly near the <001> crystal 
direction; see Fig. 7.2b. This misorientation distribution corresponds to the 
Pitsch and K–S OR, which have a misorientation axis/angle of <0.08 0.20 
0.98>/45.98° and <0.97 0.18 0.18>/42.85°, respectively [20]. 

 The crystal orientation distribution displayed by the pole figures 
presented in Fig. 7.3 indicates which variants of the Pitsch and K–S ORs are 
present. The data shown in Fig. 7.3 correspond to the parent grain on the 
right-hand side of Fig. 7.1 and its daughter grains. The data were rotated in 
such a way that the main poles of {001}bcc correspond with the directions of 
sample axes A1, A2, and A3. The bcc parent grain (in red), the fcc daughter 
plates (in orange), as well as the theoretical orientations of the Pitsch (in  
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Fig. 7.3: OR in the high-entropy alloy. (a): {001}, {011}, {111} PF show the 
bcc parent phase (red) as well as the agreement between the fcc daughter 
phase (orange), the Pitsch OR (green), and the Kurdjumov–Sachs OR (blue). 
(b): {001} Pole figure magnified with a maximum polar angle of 15°. The 
theoretical angular distance between the center and the Pitsch variant is 
9.696° and the experimental angular distance between the center and the 
center of {001} pole distribution along A2 is 9.24±0.01°. The deviation, 
therefore, is 0.46°±0.01°. (c): Pole plot distributions in vicinity of the central 
point. The peak for the pole density of the bcc phase has a full-width half-
maximum (FWHM) of 2.00°; the peak for the pole density of the fcc phase 
has a FWHM of 1.83°. 



Chapter 7 
 

176 
 

green) and K–S variants (in blue) are presented in the pole figures shown in 
Fig. 7.3a. The experimental data show a clear overlap with the theoretical 
Pitch and K–S variants and also show a continuous point’s distribution 
between the Pitsch and K–S variants. It is also clear that the choice of the 
variant is random; no preference for one of the 12 Pitsch or 24 K–S variants 
is observed. To emphasize the experimental spread in the pole distribution, 
the center of the {001} pole figure is magnified to a pole figure with a 
maximum polar angle of 15.0° in Fig. 7.3b. The distribution of the bcc and 
fcc pole densities along the A2 axis are given in Fig. 7.3c. For the bcc and 
fcc pole density a spread with a full-width half-maximum (FWHM) of 2.00 
and 1.83° are found, respectively. The expected precision of the EBSD 
system is estimated around 0.5° [30] and, therefore, a pole distribution with a 
FWHM of around 1.0° is expected. A more precise estimation of the 
experimental error was made by examining the distribution of correlated 
point to point misorientations inside one bcc grain, which results in an 
average misorientation of 0.36°. A similar estimation for the fcc phase was 
not possible due to the presence of a much higher local misorientation 
gradient. As the FWHM of the bcc pole density is wider than the 1.0° 
expected due to experimental error, the bcc grains must contain a small 
variation in lattice orientation, as was confirmed by grain reference 
orientation deviation map (not shown here). Therefore, a spread in the fcc 
poles is also expected. In spite of the observed overlap between the poles of 
the data and the theoretical OR variants, a small difference is still observed, 
which is well visible in Fig. 7.3b. The centers of the {100}fcc pole 
distributions do not correspond exactly with the {100} poles of the 
theoretical Pitsch and K–S variants. The measured difference between the 
pole of the theoretical Pitsch variants and the centers of the experimental 
pole distribution is 0.46±0.01°. 

Fig. 7.4: The four high-index pole figures of fcc phase show the orientation 
relationship. The {001} poles of the bcc phase coincide with sample axes A1, 
A2, and A3. 
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Fig. 7.5: (a): A three-dimensional view of the Euler subspace in Bunge 
notation (0°<φ1<10°, 44°<Φ<50°, 0°<φ2<8°) to determine the orientation 
relationships (ORs). This view shows the experimental data cloud (black) 
and the projection of the data cloud on the three surfaces (φ1=0°, Φ=50°, 
and φ2=0°). Depicted in dark blue are the theoretical Pitsch (9.74°, 45.0°, 
0.0°) and Kurdjumov–Sachs (K–S) (5.77°, 48.19°, 5.77°) ORs. The data 
cloud shows a good match with the dashed dark-blue line connecting the 
theoretical Pitsch and K–S OR. The local maximum is depicted in red (8.58°, 
45.45°, 0.75°). (b): Distribution of the orientations along the Pitsch to K–S 
line (dark-blue line). For this, the data have been projected on the Pitsch to 
K–S line. A majority of the points have a near-Pitsch variant orientation. The 
peak is found at 1.25°. 

 
 Due to symmetry, the low-index pole figures are not always suitable to 
study the OR due to overlap of poles and, therefore, the use of pole figures 
with high-index lattice planes has been suggested [31]. Fig. 7.4 shows a few 
high-index number pole figures of the same experimental data as in Fig. 7.3. 
Excellent distinction between the different poles of the fcc phase is evident, 
which means there is almost no overlap effect of multiple narrow peaks; 
however, a comparison of these high-index pole figures with pole figures 
predicted for individual ORs does not provide a clear answer about which 
OR is predominant in our sample. 

 A different presentation of the orientation spread is possible in the Euler 
subspace; Fig. 7.5. To study the orientation distribution of the fcc phase, we 
take a particular subspace in the Euler space and, therefore, a confined set of 
orientations in the vicinity of the theoretical Pitsch and K–S variants. The 
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crystal orientations in Euler angles (Bunge notation) of the fcc plates (black 
points), the local density maximum (red), and the position of the Pitsch and 
K–S variant pair (blue spheres) are plotted in a 3D Cartesian space in Fig. 
7.5a. For clarity, we also plotted both the data and OR variants in Fig. 7.5a as 
projections on each of the three side planes with φ1=0°, Φ=50o, and 
φ2=0°,respectively. It is clearly visible that the experimental data are spread 
along the Pitsch to K–S line; however, a small difference between the 
orientation distribution and the Pitsch to K–S line is observable. The 
maximum of the orientation density (φ1=8.58°, Φ=45.45°, φ2=0.75°) lies in 
the vicinity of the Pitsch variant (φ1=9.74°, Φ=45°, φ2=0°); see Table 7.2. To 
quantify the experimental orientation distribution between the Pitsch and K–
S variant, the data points were projected onto the line connecting the Pitch 
and K–S OR in the Euler space. The density of this projection is depicted in 
Fig. 7.5b. Fig. 7.5 clearly demonstrates a strong Pitsch OR with a clear 
confined set of orientations along the Pitsch to K–S line. 

 The deviation of the orientations with respect to the nearest Pitsch variant 
in the microstructure of the fcc phase is visualized in an OR map as shown in 
Fig. 7.6a. This map was constructed as a crystal orientation map in which all 
12 Pitch variants were included as a reference orientation with a maximum 
misorientation angle of 5.5°. The Pitsch variant orientations were calculated 
on the basis of the average crystal orientation of the bcc parent grain. All fcc 
orientations lie between a Pitsch and K–S variant, with the K–S variant 
having a misorientation of 5.26° with respect to its nearest Pitsch variant 
[32]. In this way, the continuum of orientations between the Pitsch (blue) and 
K–S (red) ORs is represented. The OR map makes clearly visible how the 
OR continuum is distributed within this sample. The distribution of the 
misorientation with respect to the nearest Pitsch variant is displayed in Fig. 
7.6b. The distribution clearly proves that the majority of the orientations lie 
near a Pitsch variant. The orientation density maximum is found at 0.88° of 
misorientation and is therefore larger than expected for a maximum 
resolution of 0.5°. A part of the deviation with respect to a Pitsch variant is 
attributed to the slight crystal orientation spread in the bcc grain, which was 
determined to be about 0.3° from the uncorrelated misorientation distribution 
inside one bcc grain. These two deviations together explain the maximum 
position around 0.88°. 
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Table 7.2 Orientations of the theoretical Pitsch and K-S variant and the local 
maximum of the given Euler subspace in Euler angles (Bunge notation) 

OR φ 1 (°) Φ (°) φ 2 (°) 
Theoretical  
    Pitsch  9.74 45 0 
    K-S 5.77 48.19 5.77 
Local Maximum 8.58 45.45 0.75 
 

 

Fig. 7.6: Distribution of Pitsch to Kurdjumov–Sachs (K–S) orientation 
relationship (OR) continuum through the sample. (a): The orientation map of 
the fcc grains shows which areas have a Pitsch orientation (blue), which 
areas have a K–S orientation (red), and which areas have an orientation 
between a Pitsch and K–S orientation with respect to the average orientation 
of their parent bcc grain. The grain boundary between the two bcc grains 
has been highlighted (black). (b): The misorientation distribution with 
respect to the nearest theoretical Pitsch variant. The theoretical K–S 
variants have a 5.26° misorientation with respect to the nearest Pitsch 
variant. The misorientation peak is found at 0.88°. 
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7.4 Discussion 

 The EBSD data reveal detailed features in the crystal orientation 
distribution. Together with a detailed analysis of the microstructure, we will 
explain and discuss the OR in relation to the mechanisms for nucleation and 
grain growth of fcc Widmanstätten plates in Al0.7CoCrFeNi. Indeed, the 
combination of the Widmanstätten plates, the well-defined orientation 
distribution, and the two-phase microstructure make this Al0.7CoCrFeNi an 
attractive material to study the bcc to fcc phase transformation. 

 The two main features of the crystal orientation distribution are the 
splitting of the {111}fcc pole distribution, which are parallel to the {110}bcc 
poles, and the continuum of orientations between a Pitsch variant and K–S 
variant. 

 Initially, the OR for this bcc to fcc phase transformation is determined as 
the Pitsch OR – i.e., {111}fcc ||{110}bcc and <011>fcc ||<001>bcc – however, a 
more detailed analysis reveals a discrepancy between the theoretical Pitsch 
OR and the OR found here. A misfit of 0.46±0.01° was already observed 
between the centers of the pole distribution and the Pitsch variants in Fig. 
7.3; moreover, we also observed no common {111}fcc plane for two variants 
in the HEA, whereas according to the Pitsch OR a common {111}fcc plane 
parallel to a {110}bcc plane should be present for these two variants. To 
visualize the discrepancy, the data were rotated such that a {111}fcc pole 
cluster is parallel to sample axis A3 and each of the two Pitsch variants have 
been given a color; Fig. 7.7. It is clearly visible that the {111}fcc pole clusters 
of these two Pitsch variants do not overlap, but are slightly shifted from each 
other. Our analysis confirms that this discrepancy holds for all the {111}fcc 
pole clusters. The pole distribution along the 45° line in Fig. 7.7c quantifies 
the shift of both similar-shaped pole clusters at 0.38±0.01° with respect to 
the center. 

 The second characteristic feature is a continuous set of varying 
orientations between a Pitsch and K–S variant. The pole density decreases 
with a rotation toward a K–S variant as is seen in Fig. 7.5b and Fig. 7.6b. 
Both distributions show a dominant peak near the Pitsch variant. In terms of 
Euler angles a small difference between the theoretical Pitsch variant and the 
local maximum is measured; see Table 7.2. Moreover, we observe in Fig. 
7.6a clusters of a Pitsch variant in all grains, whereas clusters of a K–S  
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Fig. 7.7: Shift of the {111} pole peaks. (a): Observed separation of the 
theoretical {111} pole distribution of two Pitsch variants. (b): The magnified 
pole figure with maximum angular distance of 15° shows two pole clusters 
with some overlap. (c): The pseudo-rocking curve shows a similar 
distribution for both clusters and the peak shift from the center of 
0.38°±0.01°. 

 
variant are only observed in larger, thicker grains. This fact, together with the 
assumption of the same nucleation mechanism for all plates and with a 
predominance of Pitsch OR observed in distributions shown in Fig. 7.5b and 
Fig. 7.6b, lead to a conclusion that the Pitsch OR is the most favorable OR 
during nucleation. The character of the experimental OR distribution is one 
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particular dominating OR (Pitsch), which gradually rotates to another one 
(K–S). This character is different from a case when a simple combination of 
two or few ORs was detected [20], [33]. 

 A continuous variation of orientations between the classical OR variants 
of K–S, N–W, Pitsch, and Bain were mentioned before in the literature and 
various terms were assigned to these phenomena, such as “Visible Transition 
Path” [27] and “Continuity between orientations” [24]. The origin of these 
variations of orientations were brushed aside as an artifact introduced by low 
signal–to-noise ratio in crystal orientation measurements, or due to the 
inhomogeneity of orientations within a grain [20]. Further, an OR with more 
than 24 cubic variants is suggested, which gives more irrational [34] or 
hybrid ORs in comparison with the commonly accepted ones. In [24] an 
explanation for the continuum of orientations seen in the pole figures is 
given using a one-step model for the martensitic fcc to bcc phase 
transformation. In this one-step model, the spread in misorientation is due to 
a distortion introduced by differences in lattice parameters of the (110)fcc 
plane in the (111)bcc plane during grain nucleation according to the Pitsch 
OR. This is called a Pitsch distortion. The newly formed martensitic grain is 
nucleated with the Pitsch OR and upon nucleation distorts the surrounding 
lattice of the parent grain. The further growth of a fcc daughter grain is 
therefore distorted by a small angle with respect to the initial nucleation. 
Cayron [24] showed that the continuous distributed orientations are closing 
the K–S close-packed directions through the Pitsch OR. Due to the Pitsch 
distortion, a symmetric gradient in orientation rotation with respect to a 
Pitsch variant is therefore expected in the daughter phase as a function of the 
thickness during its growth. The continuous variation of orientations between 
the different theoretical ORs (K–S, N–W, Pitsch) can be described as a single 
rotation with a maximum angle of 5.26°. The orientations between Pitsch and 
K–S can therefore be described by a rotation around the [111]bcc direction 
with an angle between 0 and 5.26°; the orientations between K–S and N–W 
can be described by a rotation around (110)bcc plane normal with an angle 
between 0 and 5.26°; however, a lattice cannot convert directly from a Pitsch 
variant to an N–W variant. The Pitsch variant first needs to rotate to a K–S 
variant around <111>fcc. This is followed by a rotation from the K–S variant 
to the N–W variant along the <110>fcc direction. These two separate rotations 
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match with the rotations going from one OR to another already described 
using the in-line invariant method described by Dahmen [32]. 

 In the microstructure of the HEA, a gradient in orientation is found, but 
the gradient is not symmetric. We exclude the possibility that a difference in 
elemental composition is the cause of the difference in OR. EBSD in 
combination with EDS was performed and the elemental composition was 
compared with the rotation angle from the Pitsch variant to the K–S variant. 
The comparison shows no correlation between the misorientation angle with 
respect to a Pitsch variant and the elemental composition. 

 Both the discrepancy as well as the continuous variation of orientations 
can be related to the differently sized atoms present in the HEA. Although 
the bcc parent phase was indexed as a disordered A2 phase it also contains an 
ordered B2 phase [23], [35]. The B2 lattice parameters differ locally 
depending on the spread in different sizes of the constituting atoms. 
Therefore, the surrounding lattices are strained and deviate from a perfect 
cubic structure. The first consequence of differently sized atoms is that the 
lattices are not perfectly cubic but tetragonal and, therefore, the Pitsch OR 
does not hold completely [36]. The following correction should be made for 
the tetragonality of the phase according to Muehlmann and Koumatos in the 
parallel plane description of the Pitsch OR: 

 

{111} fcc ||{1r0} bcc and <011> fcc ||<001> bcc   

 

with r being the ratio of lattice parameters c/a of the tetragonal symmetry. 
The description reduces to the original Pitsch OR if the lattice is cubic. From 
the {111}fcc pole splitting in Fig. 7.7 and the deviation of the {001}fcc pole 
distribution center in Fig. 7.3, the average tetragonality ratio can be 
calculated for the HEA and it ranges between r=1.013 and r=1.016. The 
second consequence of differently sized atoms is that the lattice parameters 
vary locally, which affect the fit for the planes at the interface. From an 
invariant line point of view, the lattice parameter ratio dictates the relative 
rotation between a {111}fcc and {110}bcc plane at the interface [32] and, 
therefore, the OR in this case ranges from the Pitsch to K–S OR. The mean 
lattice parameters determined by X-ray diffraction [37] for the equilibrium 
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bcc phase and fcc phase for this type of HEA are 2.899 and 3.596 Å, 
respectively. The lattice parameter ratio a fcc/a bcc, therefore, is 1.240. 
According to Dahmen, rotations of around 5.26° with respect to Pitsch are 
favorable for this lattice parameter ratio and therefore the exact K–S OR is 
most favorable; however, we observe a majority of Pitsch OR in our HEA. 
From an interfacial energy point of view the preferential nucleation and 
interfacial OR are related to the ratio of atomic radii [16]. Gotoh et al. 
investigated the preferential epitaxial OR at (110)bcc||(111)fcc interfaces. This 
is exactly the Al0.7CoCrFeNi case: the continuum of orientations within a 
Pitsch to K–S pair satisfies the (110)bcc||(111)fcc condition. As Al0.7CoCrFeNi 
is a compound and consists of both ordered B2 phase and disordered A2 
phase, the radius varies considerably and the elemental composition may 
very locally be inhomogeneous. From the mean lattice parameters, an 
“apparent” atomic radius can be calculated from geometrical arguments and, 
therefore, the mean ratio of atomic radii as follows: 

 

 𝛂𝛂� = 𝐝𝐝𝐛𝐛𝐛𝐛𝐛𝐛
𝐝𝐝𝐟𝐟𝐛𝐛𝐛𝐛

= √𝟔𝟔
𝟐𝟐
∗ 𝐚𝐚𝐛𝐛𝐛𝐛𝐛𝐛
𝐚𝐚𝐟𝐟𝐛𝐛𝐛𝐛

      (7.1) 

 

with α is the atomic radius ratio, d the atomic radius, and a the lattice 
parameter. From Eq. (7.1) it follows that the Al0.7CoCrFeNi HEA has a mean 
atomic radius ratio of α�  =0.987. According to Gotoh et al. [16] the Pitsch OR 
is favorable for 0.83<α<0.88 and 1.02<α<1.19 and a K–S OR is favorable for 
0.88<α<0.96. The mean atomic radius ratio of therefore does not fit within 
any specific intervals suggested by Gotoh et al.; there is no preference for 
either the Pitsch or the K–S OR. From Eq. (7.1), depending on the lattice 
parameter ratio [32] and the atomic radii of Al, Co, Cr, Fe, and Ni, the range 
of rotation of the {111}fcc with respect to the {110}bcc plane can be 
calculated. Given the atomic of radii of the largest and smallest element, 
dAl=143 pm and dNi=124.6 pm [38], one calculates that the range of lattice 
parameter ratio is from 1.067 to 1.406. According to Dahmen this includes 
the full range of rotation from 0 to 5.5°. Therefore, not only a Pitsch or K–S 
OR is found at the interface, but a continuous set of orientations between 
Pitsch and K–S. Similarly, this is also true for the analysis described by 
Gotoh et al. The fact that the distribution in Fig. 7.6b is not homogenous 
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hints to the fact there is a preferred lattice size due to the differently sized 
atoms and inhomogeneity in composition. 

 The local inhomogeneity of atom distribution introduces a strong local 
lattice distortion in HEA, which is possible because of the ordered and 
disordered phases within the bcc phase and, therefore, influences the 
orientation distribution. This property locally breaks the symmetry by 
forming tetragonal lattices, thereby shifting the parallel planes and 
introducing local variations in lattice parameters. These contributions lead to 
the rotation of the {111}fcc and {110}bcc planes on the interfaces. 

 The morphology of the transformation product highly depends on the OR 
in the HEA. The phase transformation is a solid–solid transformation with 
minimum diffusion, as supported by the high cooling rates. The average 
sample composition corresponds to the nominal composition of the alloy – 
see Table 7.1 – however, a slight difference in composition was detected 
with EDS between the bcc phase and the fcc phase. The bcc phase contains 
relatively more Al and Cr and less Fe, Co, and Ni atoms than the fcc phase; 
however, this difference in composition is significantly smaller than the 
difference in homogenized samples in which the Al composition of the bcc 
phase and fcc phase is ~33 and ~14 at% Al, respectively [8], [10], [37]. For 
the homogenized HEA, an Al-rich bcc phase is solidified during casting and 
enriched by diffusing Al atoms from the fcc phase during homogenization, 
thereby creating an Al-depleted fcc phase. The phase transformation during 
casting does not occur on a solid–liquid interface at which the solidification 
phase is changed because of a change in elemental composition in the liquid 
and moving solidification front. 

 The fcc daughter plate morphology correlates strongly with the crystal 
orientation of the bcc parent grain. From all 12 Pitsch variants there are six 
variant pairs of two variants with a near common <111>fcc direction. Each of 
the six variant pairs are colored differently in the pole figure in Fig. 7.8a. The 
grains corresponding to the variant pairs are found in the map in Fig. 7.8b, 
which was constructed from the pole figure by highlighting points with the 
same <111> direction with corresponding color with a 5° tolerance angle. 

 A number of things are observed comparing Fig. 7.8a and Fig. 7.8b. First, 
each plate belongs to one of six variant pairs represented by six different 
colors. Second, if we compare the projection of the common <111>fcc  
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Fig. 7.8: (a): The {111} pole figure of the fcc grains’ origination from one 
parent bcc grain; 12 Pitsch variants exist, which are grouped in six variant 
pairs of two variants with a common <111>fcc direction. All orientations 
belonging to a variant pair are given the same color. The common <111>fcc 
direction of each pair is parallel to a <110>bcc direction. The arrows depict 
the projection of the common <111>fcc direction of each variant pair. (b): 
Grain map of the fcc map with colors corresponding to the {111} pole figure. 
The arrows depict the projection of the common <111> direction of each 
variant pair corresponding to the pole figure. A correlation has been found 
between the <111> direction projections and the minor axis of the grain. A 
small deviation has been found for the purple and red grains. 
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Fig. 7.9: (a): The {111} pole figure shows the 12 separated {111} pole 
clusters, each labeled with a unique color. Each of the 12 clusters belongs to 
a Pitsch variant plus rotation to two Kurdjumov–Sachs variants. (b): The 
grain map of the fcc phase shows that the grain shape orientations of grains 
from a variant pair slightly differ from each other. The colors in the grain 
map correspond with the colors in the {111} pole figure. 

 
directions of each variant pair in the pole figure with the direction of the 
minor axis of the corresponding plate shape, we observe that they are 
parallel; however, for red and purple grains a small deviation between the 
{111}fcc plane normal and the minor axis of the grain is observed. 
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 If we take the separation of the common <111>fcc direction in each 
variant pair into account, we observe a number of additional features, shown 
in Fig. 7.9. In this case 12 groups can be distinguished corresponding to the 
12 Pitsch variants plus a rotation around the split <111> direction toward a 
K–S variant. Further, in Fig. 7.9, the 12 colors of the pole figure and grain 
map correspond to each other. First, each grain only consists of orientations 
from one Pitsch variant plus a K–S pair; i.e., one Pitsch variant and 
orientations with a maximum misorientation of 5.5° along the <111> 
direction. Second, there is a slight difference between the grain shape 
orientations within a variant pair; for instance the dark green and pink plates. 
This difference is best visible when the projections of the common <111> 
direction in one variant pair in the pole figure create a large angle. This 
difference corresponds to slightly differently orientated plates in the bulk. 
Finally, two variants belonging to the same variant pair are always in the 
vicinity of each other, having a misorientation close to Σ3 (60°@(111)), and 
they probably have the same nucleation origin. 

 A particular reason why Pitsch nucleation is favorable in Al0.7CoCrFeNi 
has not been found. In the literature, different cases for the bcc to fcc phase 
transformation are presented. Each material may show its specific 
combination of nucleation OR and OR continuum. In low-carbon steels the 
K–S OR nucleation is observed and the orientation gradually changes to a 
Pitsch variant [21]; however, duplex steel proved to be useful for 
understanding ORs in steel, in which fcc precipitations nucleate in a bcc 
matrix [19], [39]–[41] and the K–S OR was predominantly found. In Fe–
Mn–Al alloys a K–S OR and a near-Pitsch OR were found for fcc 
precipitates in a bcc matrix [42]. Moreover, the Widmanstätten plates in the 
microstructure are not linked to a specific combination of nucleation and 
growth. Bunge et al. [26] characterized iron meteorites containing 
Widmanstätten plates using synchrotron X-ray radiation and observed a 
continuous variation in orientations between a K–S and N–W pair. In 
addition, in other iron meteorites, characterized by SEM+EBSD, a dominant 
KS and NW OR is observed [27], [28]; however, the Watson meteorite 
characterized by SEM+EBSD had a Pitsch and G–T OR [43]. 
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7.5 Conclusions 

 In conclusion, we may state that EBSD observations provide considerable 
statistics for OR between the fcc phase and bcc phase, which could be used 
for a precise orientation estimation based on an assumption of Gaussian error 
distribution in crystal orientation measurements. The EBSD technique allows 
us to sample with far greater numbers of orientations in comparison with 
TEM, resulting in better statistics in OR studies. We have investigated the 
crystal orientation distribution in great detail and the results are correlated to 
the phase transformation, nucleation, and grain morphology in 
Al0.7CoCrFeNi-cast HEA. We can conclude the following: 

- We found a continuum variation in orientations ranging from the Pitsch to 
K–S due to the different sizes of atoms and local composition 
inhomogeneity due to the ordered B2 phase. This continuum originates 
from the Pitsch OR-based nucleation. 

- The difference in atom sizes inherent to the HEA is the cause for the 
splitting of two Pitsch variants with a common {111} plane. The 
tetragonal ratio c/a has been found experimentally to be between 1.013 
and 1.016. 

- The fcc phase transforms out of the bcc phase through a shear 
transformation with a Pitsch OR-based nucleation and with minimal 
diffusion. 

- We observed Widmanstätten patterns in cast HEA after its phase 
transformation. 

- The fcc grain plates are oriented parallel to a {110}bcc plane and are, 
therefore, a product of the parent grain orientation, the nucleation OR, 
and the shear transformation. The tetragonality of the bcc phase has an 
effect on the grain orientation. 
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Chapter 8 

Summary and Outlook 
 

8.1 Summary 

 This research concentrates on the crystallographic texture development of 
advanced engineering materials. The crystallography plays an essential role 
in understanding the mechanical behavior of the bulk and surface effects of 
materials. Electron backscatter diffraction (EBSD) was used as main 
experimental technique for its powerful ability to map the crystallography on 
a global level but also on a local level. As this thesis has shown, a wide 
variety of approaches and methodologies should be applied, depending on 
the characteristic crystallographic features of the material. The materials 
treated in this thesis are both interesting for industrial applications and 
academic purposes. For industrial application the AISI 420 stainless steel has 
been studied. For academic purposes AISI 420, nanoporous gold and 
Al0.7CoCrFeNi have been studied.  

 For the production of accurate metal parts AISI 420 material is used. A 
better understanding of the crystallography is essential to predict the 
behavior of the material during forming and heating. We studied the 
crystallographic texture development of the material as a result of 
deformation and temperature treatments experiments. The development γ-
fibre texture has been carefully investigated and we have shown how the 
texture development depends on the direction of the strain. The effect of heat 
treatments has been investigated and experiments have shown that it removes 
the sharpness of the texture and making texture development partially 
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‘undone’ by recovery. For industrial interest, a method to predict the texture 
development by deformation is made. The model based on purely 
geometrical considerations. A quantitatively comparison between the 
calculated and experimentally obtained texture shows that the model can 
predict the texture quite well. 

 The surface of AISI 420 is corrosion sensitive and oxidation of the 
surface accelerates by heat treatment. We investigated the oxidation behavior 
of the material by looking at two things: (i) can we predict the nucleation 
sites for oxidation already at room temperature and (ii) how does the 
crystallography affect the oxidation behavior of AISI 420. For the prediction 
of oxidation nucleation sites we conclude that the high strained areas at the 
surface are good indicators for oxidation to start. The crystallography plays a 
role in the oxidation rate of AISI 420. We conclude that the oxidation rate 
decreases for different crystallographic planes according to: 
{011}>{111}>{001}. 

 Nanoporous gold is obtained by dealloying a solid gold-silver alloy. The 
effect of the dealloying process on the crystallographic texture has been 
studied by means of transmission-EBSD (t-EBSD). With t-EBSD thin 
samples can be investigated with improved resolution compared to standard 
EBSD. Simulations have shown that the improvement in resolution is highly 
dependent on the experimental set-up used as well as the composition of the 
material. For 100 nm thick gold-silver film the optimum resolution has been 
determined. Dealloying the gold-silver films removes the silver atoms from 
the material and a nanoporous gold film is obtained. The violent process of 
dealloying leaves the material with an enhanced texture. The volume fraction 
of the already present texture components are increased up to 30%. T-EBSD 
allows us to quantify the change crystallography and study the change in 
microstructure on a global and local level.  

 High entropy alloys (HEAs) are an interesting class of materials for 
containing many different elements, but a limited amount of phases. We 
found an interesting orientation relationship (OR) on the interface between 
the fcc and bcc phase. The OR consists of a continuum between two 
theoretical known OR’s, Pitsch and Kurdjumov-Sachs. The found OR is a 
result of ordered and disordered phase present in the material which have 
small compositional differences. Due to the atoms sizes, a tetragonal instead 
of a cubic symmetry is present resulting in the presence of different ORs.  
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8.2 Outlook 

 The interest in the effect of the crystallography on the mechanical 
material properties will never vanish. Future research should focus on the 
time-dependence of change in microstructure. Nowadays, it is more common 
to perform in-situ experiments in which the time factor is included. State-of-
the-art equipment is available to perform heat treatments, tensile experiments 
or a combination of both in a Scanning Electron Microscope environment 
whilst performing EBSD scans. However, performing such experiments is 
not trivial. Smart solutions for sample preparation and experimental design 
are necessary. One of the difficulties of such approach is the limitation of the 
speed of the EBSD measurements. A fast collection of diffraction pattern is 
necessary to capture the full dynamics of the system. A trade-off between 
statistics and noise reduction must, therefore, always be made. Effects of 
stress relaxation and creep also play a role during time resolved, in-situ 
experiments. Furthermore, the SEM environment has its limitations 
concerning the experimental execution. This kind of approach could give 
only information about the microstructural changes at the surface, but the 
change in the bulk could be completely different due to the different 
boundary conditions. A comparative study should be made to investigate the 
differences between the surface and the bulk. 

 HEA are a relative new class of materials and the effect of composition 
and crystallography should be investigated. The distribution of disordered 
and ordered phases within the bcc phase is interesting. This difference in 
phases could be the origin for more microstructural characteristics, have 
more influence on the phase transformation and mechanical properties of the 
material. Also the precise concentration of elements present is disordered and 
ordered phases are interesting.  

 Oxidation under industrial conditions should be more investigated. A lot 
is known about oxidation under well controlled laboratory conditions, e.g. 
low pressure, well controlled humidity, single crystal. But these conditions 
hardly correspond to conditions in industrial environments. Therefore, there 
is a niche for polycrystalline materials and comparative studies with their 
single crystal counterpart. The oxidation behavior of single grains is 
interesting to study to understand the exact mechanism of oxidation and how 
the crystal planes influence it. 
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