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Motivation and Outline

Ferroelectric materials show a number of desirable properties such as a switchable

polarization, high piezoelectric responses and high dielectric constants. For this

reason they are widely used in devices such as memory elements, ultrasound gen-

erators, capacitors, gas igniters and many more. As the polarization, the defining

property of a ferroelectric, is very sensitive to strain, strain can be efficiently used

to enhance the properties of thin film ferroelectrics. Thin film ferroelectrics can be

grown under epitaxial strain when using suitable crystalline substrates. This strain

originates in the difference in lattice parameters between substrate and ferroelec-

tric. Theory predicts rich phase diagrams with strain as a control parameter [1–3].

This strain tuning has been successfully applied by increasing the transition tem-

peratures by hundreds of degrees or by transforming a paraelectric material, SrTiO3

into a room temperature ferroelectric. [4, 5] Despite this progress, full control of

the structure and properties of ferroelectric thin films under strain has not been

achieved yet. This thesis aims to unveil novel aspects of the effect of epitaxial strain

on the properties of ferroelectric thin films. Thin films close to boundaries between

ferroelectric phases with different symmetry are particularly interesting, as large

piezoelectric and dielectric responses are expected.

In chapter 1, a general introduction on ferroelectricity and thin films will be

given. The properties of the main material under study, PbTiO3, will be described.

Landau-Ginzburg theory is used throughout this thesis to aid interpretation of ex-

perimental data and as a guide to experiments. The phenomenological Landau-

Ginzburg description of (strained) ferroelectrics will be introduced. The last part of

chapter 1 will give a overview on the recent theoretical and experimental progress

xi



xii Motivation and Outline

in using strain to tune the properties of ferroelectrics as well as some notes on the

experimental difficulties in applying strain tuning.

Growing fully strained ferroelectrics requires a high crystalline quality and thick-

nesses low enough to prevent strain relaxation. Molecular Beam Epitaxy (MBE) is

a suitable technique to grow high quality epitaxial thin films. Chapter 2 shows

the basics of MBE and thin film growth. The adsorption controlled growth of

PbxSr1−xTiO3 thin films will be described.

X-Ray diffraction (XRD) is the main technique we used to study both the struc-

tural and ferroelectric properties. Although hysteresis loop and dielectric measure-

ments give the most direct access to the ferroelectric properties, they are difficult

to implement because of the high leakage present at the low thickness required

to prevent strain relaxation. Moreover, buffer electrode layers needed to perform

electrical measurements will most likely modify the misfit strain imposed by the

substrate and/or the electrical boundary conditions, adding an extra degree of free-

dom. That is why XRD is exploited to the maximum in the study of ferroelectric

thin films. The basics of XRD will be described as well as an overview of ways to

study the ferroelectric phases using diffraction. XRD techniques are capable of giv-

ing information about the magnitude and direction of the polarization, the transi-

tion temperature and domain structures, but also in some cases about the presence

of dead layers and substrate/film termination.

Transition temperatures of ferroelectrics increase with increasing magnitude of

the strain. In PbTiO3 grown on SrTiO3 this leads to a transition temperature that

is higher than the growth temperature. In chapter 4 we study the implications

of growing in the ferroelectric phase and its effect on the domain structure and

properties.

Strain tuning is a very promising technique to enhance ferroelectric properties

(increase polarization and TC), but the limited number of suitable substrates ham-

pers its applicability. An approach to overcome this issue is proposed in chapter

5. By combining epitaxial misfit strain with the effect of cation substitution on the

lattice parameters, the misfit strain can be fine tuned. Thin films of PbxSr1−xTiO3

of various compositions grown on on DyScO3 and SrTiO3 substrates are used to
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explore the experimental possibilities. In PbxSr1−xTiO3 on DyScO3 the polarization

can be continuously tuned to be both either predominantly out-of-plane or in-plane

and allows to chose highly responsive materials placed at the boundary between

two phases.





Chapter 1

Introduction

1.1 Ferroelectricity

A ferroelectric is a material that displays a spontaneous and reversible electrical

polarization below some critical temperature, TC. Ferroelectricity was first found

by J. Valasek in 1920 in a compound called Rochelle salt, [6, 7] and has attracted

much attention since [8]. The electric polarization of a ferroelectric can be applied

in memory devices [9]. Moreover, the high dielectric constant and piezoelectric

responses found in ferroelectrics are also widely employed in applications. In this

section, a short introduction of the properties of ferroelectrics will be given. For

more information we would like to refer the reader to the classic book by Lines and

Glass [8] and the more recent book by Rabe, Ahn and Triscone. [10]

Based on symmetry, all crystalline materials can be divided into 32 crystallo-

graphic classes or point groups. Symmetry considerations can be used to find

whether an effect is allowed. For the piezoelectric effect (which is described by

the coupling between the mechanical stress tensor and the polarization vector) to

be allowed, no center of symmetry should be present. 21 of the 32 crystallographic

classes lack such a center of symmetry. One of these classes, the cubic class 432, has

other symmetry elements that exclude the piezoelectric effect, leaving 20 piezoelec-

tric classes. If the crystal has a single polar axis, the materials is pyroelectric. This

1
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P

E

PS

EC

Pr

Figure 1.1: Representation of a polarization versus electric field hysteresis loop as observed
for a ferroelectric material

occurs in 10 of the 20 piezoelectric classes. Pyroelectric materials have a sponta-

neous polarization. If the polarization can be switched with an electric field, then a

pyroelectric material is also ferroelectric. However, whether a polarization can be

switched or not, cannot be determined from symmetry considerations. Symmetry

thus has shown that all ferroelectrics are also pyroelectric and piezoelectric. It has

to be noted that, although symmetry can tell whether a property is allowed, it does

not tell anything about the magnitude of these effects.

A ferroelectric material switches polarization direction when the electric field

applied in the opposite direction exceeds a certain value. The field at which this

occurs is called the coercive field, Ec. Figure 1.1 displays the typical ”hysteresis

loop” as observed for a ferroelectric, showing the coercive field, the spontaneous

polarization, Ps, and the remnant polarization, Pr, which is defined as the polar-

ization at zero applied field. The measured polarization consists of two parts, the

spontaneous polarization and the dielectric polarization, and can be written as:

P = Ps +ε0χE (1.1)

where ε0 is the permittivity of free space and χ the dielectric susceptibility. The

dielectric polarization gives rise to the slope in P at high field. Thus, Ps is defined as

the extrapolation to zero field of the polarization at high fields. In a polycrystalline

sample Ps is often significantly higher than Pr, but in crystals they can be very
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Figure 1.2: Schematic representation of a 180o domain wall in PbTiO3. [11]

close. The difference can be due to domains switching back when the electric field

is decreased, or to a non-linear dielectric constant.

A ferroelectric can consist of regions with uniform polarization called domains.

In a perfect bulk crystal, such domains form upon cooling from the paraelectric

phase, in absence of an applied field, and are the result of random nucleation of the

ferroelectric phase with the different allowed orientations. The boundaries between

such domains are called domain walls. Various types of domain walls can exist in a

ferroelectric. Typically they are labeled after the difference in polarization direction

on either side of the walls, such that a 180o domain wall separates domains with

opposite polarization. In tetragonal ferroelectrics, both 180o and 90o domain walls

can exist. Figure 1.2 shows a schematic representation of such a 180o domain wall.

[11] Formation of domain walls has an energy cost as the long range order is broken

at the domain walls. In contrast to ferromagnetic domain walls, that are generally

very wide, ferroelectric domain walls can be very narrow. In magnetic materials

the domain wall width results from the competition between the exchange energy

and the magneto crystalline anisotropy energy. The former is orders of magnitude

higher and favors a gradual change in magnetization, leading to very wide walls.

In ferroelectrics the anisotropy is very high as the polarization can only be along

certain crystallographic directions. This leads to domain walls that are very narrow.
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If a material has uniform polarization, surface charges will be present. The

amount of surface charge does not depend on the thickness. The strong Coulom-

bic repulsion between the charges on the surface destabilize the ferroelectric phase.

Moreover, these charges also create an electric field in the direction opposite to

the polarization. This electric field works against the polar shift in the material

and hence is called the depolarization field. As the electric field of two parallel

sheets of charges scales with Q
d , where Q is the charge and d the sample thickness,

the depolarization field is more important at small thicknesses. Perfect electrodes

can completely screen the surface charges and thus remove these depolarization

effects. With real electrodes, especially oxides electrodes, such as SrRuO3, the sur-

face charges may not be screened perfectly and some residual depolarization effects

may exist. [12, 13]

Formation of domains is another mechanism to prevent the accumulation of

surface charges. In this case the equilibrium domain structure is determined by a

competition between the electrostatic depolarization energy and the domain wall

energy. For magnetic materials Kittel showed that the domain periodicity w in such

case scales with
√

d. [14] This approach was later expanded to ferroelectric and fer-

roelastic materials. [15–18] In ferroelectrics, the electrostatic energy is proportional

to the domain width w, favoring narrow domains. The domain wall energy scales

with the number of domain walls, which is inversely proportional to w. The en-

ergy of formation of a domain wall is proportional to the domain wall area, which

scales with the thickness (d). If U and γ are used as proportionality constants for

the electrostatic energy and domain wall energy, respectively, this leads to

F = Uw +γ
d
w

(1.2)

Under equilibrium conditions (dF/dw = 0), this leads to

w2 =
γ

U
· d (1.3)

This generic approach can be expanded to a full model for the domain width in

ferroelectric and ferroelastic slabs and thin films. A more elaborate treatment of

domain scaling can be found in Schilling et al. [18], the PhD thesis of Ard Vlooswijk

[19] and references therein.
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1.2 Epitaxial Thin films

A film is a thin layer of material that is supported by a substrate. Thin film tech-

niques are widely used in applications. Some examples are coatings in optics and

the thin film transistor (TFT) matrices in LCD displays, but many more examples

exist.

If a crystalline film is grown on a single crystal substrate it is defined to be epi-

taxial when it has a particular crystallographic orientation relationship with the

underlaying substrate layer. In this definition the film and substrate in-plane lat-

tice parameters are not necessarily identical; the growth of a hexagonal structure

on a cubic substrate can still be epitaxial as long there is a well defined relation be-

tween both crystal structures. A coherent film does have identical in-plane lattice

parameter as that of the substrate.

In heteroepitaxy, where substrate and film are made of different materials, the

film may be strained. This strain is defined as

um =
a f ilm − abulk

a f ilm
(1.4)

where a f ilm is the in-plane lattice parameter of the film and abulk the correspond-

ing lattice parameter of the unstrained bulk material. In case of coherent (or misfit)

strain a f ilm = asubstrate. This sometimes is referred to as fully strained. Strain leads to

stress in the material and vice versa, so for a crystal to be strained carries an energy

cost. This energy cost increases with increasing thickness, up to the point where it

becomes favorable to release the strain through the formation of dislocations [20]

or crystallographic domains. [21] This process is called relaxation, with a film be-

ing fully relaxed when its structure is identical to the bulk. Clearly, the larger the

misfit strain, the smaller the critical thickness for strain relaxation. Between the

fully strained and the fully relaxed situation, there is a large region where strain

is present, but some of the misfit strain is relaxed. [22, 23] Negative strain, forcing

a smaller lattice parameter, is called compressive strain, whereas the opposite is

called tensile strain.

Various models describe the relaxation of a strained film through dislocation
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a) b)

Pb

TiO

c

a
Figure 1.3: a) High temperature structure of PbTiO3. This structure is the ideal perovskite
structure. b) Tetragonal ferroelectric structure of PbTiO3.

formation. Among these models the Matthews-Blakeslee model [20], which consid-

ers thermodynamical equilibrium, is most commonly used. However, for PbTiO3

films under small strain it has be shown that the model by People and Bean [24],

which is more phenomenological in origin, reproduces the observed large critical

thickness better. [19, 25]

As ferroelectricity is the result of the competition between the attractive long-

range Coulomb interaction and the short-range inter-atomic repulsion [26], it was

long believed that there exists a critical thickness below which ferroelectricity would

disappear. In the last ten years various theoretical studies [12, 27, 28] and experi-

mental results [29–31] have shown that ferroelectric thin films can maintain their

polar distortion down to 3 unit cells. However, at such low thicknesses, the depo-

larization effect does lead to the formation of 180o domains with no net polariza-

tion.

1.3 Lead Titanate

Lead Titanate (PbTiO3) is a classic perovskite ferroelectric material. The ideal per-

ovskite structure is cubic with a general formula ABO3 and has space group Pm3m.

The B cations, situated at the corners of the cube, are octahedrally surrounded by

oxygen ions, leaving for the A cation a 12 coordinated site at the center of the cube.
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a) b)

Figure 1.4: a) Lattice parameters of PbTiO3 as a function of temperature. b) Polarization of
PbTiO3 as a function temperature. From Haun et al. [34]

Figure 1.3a shows a representation of the cubic PbTiO3 unit cell. BaTiO3 was the

first perovskite found to be ferroelectric; not much later ferroelectricity was discov-

ered in PbTiO3 as well. [32, 33] Although both materials are very similar, there are

important differences. Ferroelectricity in both BaTiO3 is driven by the hybridiza-

tion of the empty 3d orbitals on the Ti4+ ion and the oxygen 2p orbitals, the po-

larization in this case is carried by the shift in the Ti4+ position with respect to the

oxygen ions. In BaTiO3 this leads to a sequence of phase transitions from cubic to

tetragonal (P4mm) to orthorhombic (Amm2) to rhombohedral (R3m). PbTiO3 has

the same TiO6 octahedra, but here the polarization is also driven by a lone pair in

the Pb 6s orbitals and a significant part of the polarization is carried by the Pb2+

ion [26], see figure 1.3b. Therefore both the polarization and the transition tem-

perature in PbTiO3 are significantly higher than those of BaTiO3. The Pb lone pair

stabilizes the tetragonal ferroelectric phase and PbTiO3 thus has only one phase

transition. For these reasons BaTiO3 is called a B-site ferroelectric and PbTiO3 and

A-site ferroelectric. Another important A-site ferroelectric is bismuth ferrite, where

the Bi3+ ion has a similar lone pair.

Figure 1.4a shows the evolution of the lattice parameters of PbTiO3 with tem-

perature. At 490oC there is a first order transition from the high temperature cubic

phase to the tetragonal phase. [32,33] Just above the transition, the cubic lattice pa-

rameter is 3.969Å; at room temperature c=4.152Å and a=3.904Å, giving a c/a ratio,
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or tetragonality, of 1.064. The line noted by ac’ in figure 1.4a is the extrapolation of

the cubic lattice parameter, which is used to define the strain, both the spontaneous

strain leading to the tetragonal ferroelectric distortion as well as the epitaxial strain.

The polarization as a function of temperature is shown in figure 1.4b. At room tem-

perature the polarization is along the [001] direction and has a value of 75 μC cm−2,

which decreases with increasing temperature until it abruptly drops to zero at the

transition temperature. The phase transition in bulk PbTiO3 is thus of first order.

Although pure PbTiO3 has good ferroelectric properties, it is most often used

in solid solutions of which PZT is best known. PZT is a trademark of Vernitron

Inc. and refers to lead titanate zirconate, a solid solution between PbTiO3 and the

antiferroelectric PbZrO3. Figure 1.5 shows the phase diagram of PZT. The defining

feature is the steep boundary between the tetragonal and rhombohedral phases

at 48% PbTiO3 (x = 0.48) called the morphotropic phase boundary (MPB). At this

MPB the piezoelectric coefficients, di j (di j=
(

∂Pi
∂σ j

)
T
; where σ is stress) and dielectric

constant ε (εi j = χi j + 1; χi j =
(

∂Pi
∂Ej

)
T
) show a peak [35]. The high values and the

tunability of these responses are the reasons why PZT ceramics are widely used in

applications.

In 1999 an intermediate monoclinic phase was found in PZT [36] and the view

of the MPB changed considerably. This monoclinic phase has a Cm space group,

with a mirror plane as sole symmetry element. This mirror plane in the only sym-

metry element common to both the tetragonal (P4mm) and rhombohedral (R3m)

phases. The observation of the monoclinic phase led to a model according to which

the possibility of the polarization rotating in the mirror plane of the monoclinic

phase was responsible for the high responses [37]. Similar MPB’s with enhanced

properties were observed in other solid solutions of PbTiO3, such as PMN-PT1 and

PZN-PT2 [38]. This shows that enhanced properties may be expected at boundaries

where the crystal structure changes abruptly. More recently, Ahart et al. [39] found

that applying pressure to pure PbTiO3 could induce a MPB and the accompanying

1Pb(Mg1/3Nb2/3)1−xTixO3, a relaxor ferroelectric with the MPB at x ≈ 0.35
2Pb(Zn1/3Nb2/3)1−xTixO3, a relaxor ferroelectric with the MPB at x ≈ 0.08
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Figure 1.5: Phase diagram of PbTixZr1−xTiO3 (PZT). [35, 40, 41]

high responses, and thus that no complex chemical environment was needed to in-

duce a MPB. This shows that the main mechanism for obtaining a MPB is applica-

tion of pressure to the structure. In the case of PZT, this is obtained by substitution

with ions of different size, which is called ”chemical pressure”. Epitaxial strain is

also a means of applying pressure, but in contrast to that applied by a pressure cell

or chemical pressure, it is biaxial in nature rather than hydrostatic.

1.4 Phenomenological description of ferroelectrics

Phenomenological Landau theory can be used to describe the macroscopic proper-

ties of ferroelectric materials. Landau theory states that the free energy of a system

close to the transition can be described as a series expansion of the order parame-

ter. In the case of (proper) ferroelectrics, the polarization, P, is an order parameter,

which is zero above and has a non-zero value below the transition. The general

Landau expansion in one dimension for a ferroelectric is

U = −EP +
α

2
P2 +

γ

4
P4 +

δ

6
P6 + . . . (1.5)

where E is the electric field and α, γ and δ the Landau coefficients. Landau theory

is based on symmetry and thus the free energy must represent the symmetry of the

system. If the unpolarized crystal has an inversion center U(P) = U(−P), the free

energy only contains even powers of P. For most cases the expansion up to the sixth

order is sufficient. However, to properly predict low symmetry phases such as the
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monoclinic phase of PZT, an expansion up to the eighth order is required. [42] In

the Landau description onlyα is assumed to be temperature dependent, according

to

α = β(T − TC) =
1
C

(T − TC) (1.6)

where C is the Curie constant and TC the Curie temperature, which is equal or

smaller than the transition temperature, T0. The stable states can be found by solv-

ing
∂U
∂P

= −E +αP +γP3 + δP5 = 0 (1.7)

and
∂2U
∂P2 =

1
χ

= α + 3γP2 + 5δP4 > 0 (1.8)

where χ is the dielectric susceptibility. Combination of equation (1.8), for tempera-

tures above TC, and equation (1.6) results in a Curie-Weiss law

χ = ε− 1 =
C

T − TC
(1.9)

where ε is the dielectric constant.

The order of the ferroelectric transition depends on the sign of γ. If γ is positive,

then the sixth order term can be neglected in the simplest case. This results in a

second order transition. At T ≥ TC, the free energy has a single broad minimum at P

= 0; only below TC a double well develops. For a first order transition γ is negative.

In this case the sixth order term has to be included. At exactly T = TC the free

energy has three minima; below TC, the two polar minima become lower in energy

than the non-polar minimum. In this case it is clear that the polarization does not

go to zero continuously, but abruptly at some temperature below TC, which is the

hallmark of a first order transition.

1.4.1 Free energy of bulk PbTiO3

In a real ferroelectric, such as PbTiO3, it is not enough to only consider the polar-

ization as a parameter. To describe the piezoelectric nature, a coupling between

the stress and the polarization needs to be present and thus the stress has to be

included as a parameter. A phenomenological theory of PbTiO3 using the Gibbs
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free energy was developed by Haun et al. [34]. The Gibbs free energy is taken at

constant strain, so the free energy is a function of the polarization, temperature and

stress and can be written as follows:

G = a1(P2
1 + P2

2 + P2
3 ) + a11(P4

1 + P4
2 + P4

3 ) + a12(P2
1 P2

2 + P2
1 P2

3 + P2
2 P2

3 ) +

a111(P6
1 + P6

2 + P6
3 ) + a112[P4

1 (P2
2 + P2

3 ) + P4
3 (P2

1 + P2
2 ) + P4

2 (P2
1 + P2

3 )] +

a123P2
1 P2

2 P2
3 − 1

2
s11(σ2

1 +σ2
2 +σ2

3 )− s12(σ1σ2 +σ1σ3 +σ2σ3) −
1
2

s44(σ2
4 +σ2

5 +σ2
6 )− Q11(σ1P2

1 +σ2P2
2 +σ3P2

3 )−
Q12[σ1(P2

2 + P2
3 ) +σ3(P2

1 + P2
2 ) +σ2(P2

1 + P2
3 )]−

Q44(P2P3σ4 + P1P3σ5 + P2P1σ6) (1.10)

where Pi are the components of the polarization andσi the components of the stress.

The coefficients ai jk are the dielectric stiffnesses, Qij the electrostrictive constants

and si j the elastic compliances. By minimizing the free energy with respect to the

components of the polarization, the equilibrium crystal structure can be obtained.

The possible solutions are reported in table 1.1. For PbTiO3 at zero stress, the ex-

pected tetragonal bulk structure is obtained. For materials, such as for instance

PZT, where rotations of the oxygen octahedra or other order parameters couple to

the polarization, these have to be included in the free energy as well.

Pa = Pb = Pc = 0 paralectric
Pa �= 0 and Pb = Pc = 0 a phase
Pa = Pb = 0 and Pc �= 0 c phase
Pa = Pb �= 0 and Pc = 0 aa phase

Pa �= 0, Pb = 0 and Pc �= 0 ac phase
Pa = Pb �= 0 and Pc �= 0 r phase

Table 1.1: The various possible ferroelectric phases resulting from Landau-Ginzburg the-
ory. [3, 34] The a direction is defined to be in-plane along the unit cell axis.
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1.4.2 Ferroelectrics under epitaxial strain

The free energy expansion of PbTiO3 (equation 1.10), gives a full description of the

properties of PbTiO3 with the polarization and stress as variables. However to get

a free energy of a epitaxial thin film, the misfit strain, rather than the stress, is the

variable of interest. Pertsev et al. applied a Legendre transformation to the free

energy,(1.10), and expressed the Gibbs energy of uniformly polarized PbTiO3 with

the misfit strain, um, as a variable. [3] The thin film geometry is then taken into

account by the following mechanical boundary conditions

∂G
∂σ1

= ∂G
∂σ2

= −um, (1.11a)

∂G
∂σ6

= 0 (1.11b)

σ3 = σ4 = σ5 = 0 (1.11c)

These boundary conditions describe an in-plane isotropically strained film (1.11a),

with no in-plane shear strain (1.11b) and no out-of-plane stresses (1.11c). The misfit

strain, in this case, is defined with respect to the lattice parameters of the extrapo-

lated cubic phase(a′c in figure 1.4a) as follows

um =
as − a′c

as
(1.12)

where as is the substrate lattice parameter. The boundary conditions considered

above require the substrate to have a square in-plane lattice. Moreover, the free

energy expansion does not include any intrinsic size effects, so it is formally only

valid for thick films. The Gibbs energy for the strained film has a form which is

very similar to the general expansion of the free energy in P (equation 1.5):

G̃ = a∗1(P2
1 + P2

2 ) + a∗3P2
3 + a∗11(P4

1 + P4
2 ) + a∗33P4

3 a∗13(P2
1 P2

3 + P2
2 P2

3 ) +

a111(P6
1 + P6

2 + P6
3 ) + a112[P4

1 (P2
2 + P2

3 ) + P4
3 (P2

1 + P2
2 ) + P4

2 (P2
1 + P2

3 )] +

a123P2
1 P2

2 P2
3 +

u2
m

s11 + s12
(1.13a)
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However, most parameters are renormalized to include the misfit strain. The renor-

malized coefficients are

a∗1 = a1 − um
Q11 + Q12

s11 + s12

a∗3 = a1 − um
2Q12

s11 + s12

a∗11 = a11 +
1
2

1
s2

11 + s2
12

[(Q2
11 + Q2

12)s11 − 2Q11Q12s12]

a∗33 = a11 +
Q2

12
s11 + s12

a∗12 = a12 − 1
s2

11 + s2
12

[(Q2
11 + Q2

12)s12 − 2Q11Q12s11] +
Q2

44
2s44

a∗13 = a12 +
Q12(Q11 + Q12)

s11 + s12

(1.13b)

The symmetry of the free energy expansion in equation 1.13a has lowered from

cubic to tetragonal. This symmetry lowering comes from the clamping effect. The

misfit strain, um, only couples with the polarization in the P2 terms, a∗1 and a∗3. As

the temperature dependence is included in these terms, a large strain effect on the

transition temperature is expected. It is also found that the order of the transition,

which is first order for bulk PbTiO3, has changed to second order for the clamped

film, even in the um = 0 case. By calculating the minima of the free energy expansion

in equation 1.13a with respect to the components of the polarization, the phase di-

agram of PbTiO3 with respect to the misfit strain can be obtained. Figure 1.6 shows

such a phase diagram as reported by Pertsev et al. [3] The transition temperature

should increase when the absolute magnitude of the strain increases. The symme-

try of the ferroelectric phase should change from the bulk tetragonal c-phase to a

r-phase. The boundary between these phases is very similar to the MPB in PZT

(see figure 1.5) and a similar peak in the functional properties is expected at the

boundary.
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Figure 1.6: Phase diagram of PbTiO3 at various misfit strains um. [3] Thin and thick lines
denote second and first order phase transitions respectively

1.5 Strain Tuning

The strain phase diagram in figure 1.6 and similar diagrams for other ferroelectric

materials such as SrTiO3 and BaTiO3 [3, 43] show how strain affects the properties

of ferroelectric materials. Modifying the properties of materials using the epitaxial

misfit strain as an adjustable parameter is often called ”strain tuning”. [44] Some-

times it is even called ”strain engineering” since such rich phase diagrams allows

a desired property to be selected for a particular application.

Many advances in strain tuning have taken place from the theory side. The

original phase diagrams by Pertsev et al. did not take into account the formation

of ferroelectric and ferroelastic domains. By phenomenology, it was shown that

when including domain formation, the r-phase disappeared. [46, 47] Strain phase

diagrams were also calculated using first principles methods [1, 48, 49] and phase

field simulations [2, 45, 50]. Phase field simulations are based on time dependent

Ginzburg-Landau equations and are capable of predicting non-equilibrium domain

structures without any a priori assumptions. Figure 1.7 shows the expected domain

structures for PbTiO3 with various amounts of c and a1/a2 domains.

On the experimental side important progress has also been achieved. The in-

crease of the transition temperature has been utilized to turn the incipient (TC =

0K) ferroelectric SrTiO3 into a room temperature ferroelectric. Under tensile strain,
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Figure 1.7: Domain structures calculated for a PbTiO3 film obtained from phase field sim-
ulations. a) c-domains. b) c/a1/a2 domain structure with 76% of c-domains. c) c/a1/a2
domain structure with 33% of c-domains. d) a1/a2 domain structure [45]
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using DyScO3 substrates, a relaxor ferroelectric SrTiO3 with in-plane polarization

along the a axes is obtained [4, 51, 52]. When grown on silicon, the compressive

strain is large enough to stabilize a c-oriented ferroelectric phase in SrTiO3. [5]

To fully utilize the potential of strain tuning, it is necessary to grow fully co-

herent films on substrates having the desired mismatch. However, the number of

available substrate materials is limited and thus, the most interesting regions may

be inaccessible. The interesting phase boundary of strained PbTiO3 between the c

and r-phases in the single domain case, or the c/a and a1/a2-phases in the polydo-

main case, lies at approximately a tensile strain of 0.5%, but there are no substrates

available with the corresponding lattice parameter.

To maintain the film in the fully strained state is another issue. First of all, if

the strain becomes too large, the critical thickness for relaxation through the for-

mation of dislocations becomes very low. Another problem is that while the misfit

strain which defines the phase diagrams is the strain with respect to the cubic phase

(equation 1.12), the strain for the formation of dislocations is defined between the

substrate and the bulk lattice parameters. This difference can be quite large, as the

deformation of the bulk unit cell at Tc can be considerable. DyScO3, for instance,

has almost zero strain with respect to the cubic phase, whereas the strain with re-

spect to the a lattice parameter of tetragonal PbTiO3 is more than 1%.

Despite these issues, the potential of using strain to modify and enhance the

properties of materials is still very large. Moreover, experimental studies of strain

effects in ferroelectric materials help understand the processes involved via a con-

stant interaction between theory and experiment.



Chapter 2

Growth of PbxSr1−xTiO3 thin

films using MBE

2.1 Introduction

The growth of PbTiO3 films has been reported using various methods such as sput-

tering [53], pulsed laser deposition [54], sol-gel methods [55] and MOCVD [56,57].

The growth of PbTiO3 using Molecular Beam Epitaxy (MBE) methods has been re-

ported only by a few groups. [58–60] The main issues in the growth of PbTiO3 thin

films using MBE are the oxidation of Pb and the stoichiometry. Despite the diffi-

culties of growing PbTiO3 using MBE, as indicated by the low number of literature

reports, the nature of the MBE process promises a very high level of control and

reproducibility.

In this chapter, the MBE growth process, as well as Reflection High Energy

Electron Diffraction (RHEED) technique, which is an in-situ probe of the growth

process, will be explained. The details of the adsorption controlled MBE growth of

PbTiO3 and PbxSr1−xTiO3 on various substrates will be shown in second half of the

chapter.

17
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2.2 Molecular Beam Epitaxy

Molecular Beam Epitaxy is a growth technique in which the reactants arrive at a

heated substrate surface in the form of molecular or atomic beams. The molecular

beams are formed by evaporation of the reactants into (ultra) high vacuum. In a

typical MBE experiment, Reflection High Energy Electron Diffraction (RHEED) is

used for in situ control.

Figure 2.1 shows a schematic representation of a typical MBE setup for the

growth of oxides. The beam sources are mounted in a vacuum chamber pointing

toward the sample. For solids, various types of evaporation sources can be used,

such as effusion cells and e-beam evaporators. For oxidation of the films, oxidiz-

ing gas is supplied through a tube. The material beams can be covered by shutters

for precise control over the growth. RHEED is used not only to give valuable in-

formation on the growing surface, but also to provide feedback for the control of

the shutters. Electrons with energies between 10 and 30 KeV are provided by an

electron gun, reaching the sample under a small angle (1 to 3◦) to ensure surface

sensitivity. The diffracted electrons are made visible by a fluorescent screen.

The molecular beams can be created by various types of sources. The effusion

or Knudsen cell is a very common type of source. In an effusion cell the material

is evaporated from a crucible that is surrounded by a heating coil. Depending on

the properties of the source material evaporation takes place either from the solid

phase or from the melt. Most often alumina crucibles are used, but if necessary

various (metal) liners can be used to prevent unwanted effects such a diffusion

through the alumina or oxidation of the source.

For materials that require a (very) high temperature for evaporation, such as

titanium, electron beam (e-beam) evaporators can be used. In this case heating

is achieved through bombardment with electrons. We have used the Focus EVF

evaporator for e-beam heating. In this type of evaporator electrons are emitted

from a circular filament that is positioned slightly above either a rod or a crucible

with evaporant. A high voltage is applied between the evaporant and the filament,

accelerating the electrons towards the evaporant. For rod evaporation this requires
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Figure 2.1: Schematic drawing of the inside of a MBE chamber.

the melting point to be above the evaporation temperature.

Oxidizing gas is supplied through a tube connected to a leak valve. The tube

ends close to the substrate, increasing the oxidizing gas pressure at the substrate.

Molecular oxygen can be used as an oxidizing gas, but to increase the oxidizing

power O3 [60], NO2 [61], H2O2 [58] or oxygen plasma (atomic oxygen, O·) [62] can

be used as alternatives.

MBE growth experiments can be conducted in various ways. The most common

way is co-evaporation, where two or more beams are arriving simultaneously at

the substrate. This requires exact matching of the flux of the impinging beams. For

more complex materials, modulated beam techniques may be used. In modulated

beam MBE, the beams are shuttered to obtain the desired stoichiometry. Using this

technique, the deposition of materials is achieved by depositing sublayers of less

complex materials. This is often used for the growth of perovskite oxides (ABO3),

that consist of stacked AO and BO2 simple oxide layers.



20 Growth of PbxSr1−xTiO3 thin films using MBE

2.2.1 Vacuum requirements for MBE

The beam nature of the particles impinging on the substrate surface is one of the

characteristic features of the MBE process. For the growth of sharp interfaces a

beam of material can be controlled by a shutter. Shuttering of the beams can also

be used to control the stoichiometry or doping levels in a film. In the case of evap-

oration of a material into ambient pressure or low vacuum, a cloud of material is

formed through collisions. Such a cloud cannot be controlled with similar preci-

sion as the particles would have a random direction and velocity giving rise to a

spread in arrival times. Growth from beams also changes the kinetics with respects

to normal evaporation. In the case of condensation of particles from a cloud, the

average kinetic energy of the particles will be determined by the temperature of

the background gas. The particles coming from a beam have not undergone colli-

sions and so the kinetic energy or temperature of the particles is determined by the

evaporation temperature.

Ensuring the formation of molecular beams sets the upper limit for the back-

ground pressure during the MBE process. The mean free path of the particles

should be larger than the distance between the source and the sample. This upper

value depends on the material evaporated and the background gas. The maximum

pressure for beam formation is [63]

p = kBT
L−1 −√

2πnbd2
b

πd2
bg

(2.1)

with

dbg =
db + dg

2

Where L is the distance between the outlet of the source to the substrate, k B is the

Boltzmann constant, T is the background temperature, nb is the concentration of

particles in the beam, db and dg are the diameter of the beam particles and the

background gas particles, respectively. Typical data for the PbO beam used in MBE

growth of PbTiO3 are:

T = 298K, L = 40cm, db = 4.24Å, dg = 1.32Å, nb = 1.03 × 1015m−3
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For these values, equation 2.1 gives a maximum admissible pressure for beam

formation of about 4×10−5 mbar. This is higher than the oxygen background

pressure of 5×10−6 mbar used during growth of PbTiO3 and thus PbO evapo-

rates into molecular beams. For the other source materials used in the growth of

PbxSr1−xTiO3 thin films, the maximum admissible background pressures are even

higher.

The amount of particles from the residual gas that impinge on the substrate

surface is given by [63]

fi = pi

√
NA

2πkB MiTS
(2.2)

where pi is the partial pressure, NA is the Avogadro constant, Mi is the molecular

mass and TS is the substrate temperature. For our MBE system, the residual gas

pressure is around 2×10−8 mbar at the growth conditions. If we assume that the

residual gas consists mainly of N2 (Mi = 28.02 g/mol), equation 2.2 then gives, for

a substrate temperature of 600oC, an impingement rate of 6.7×1016 atoms m−2s−1.

This value is comparable to the number of particles arriving from the molecular

beams, which is around 1×1017 atoms m−2s−1, so the number of impurity atoms

arriving at the substrate surface every second is close to the number of atoms from

the molecular beams. However, as most of the impurity species are fairly inert,

their sticking coefficient is quite low, which largely limits the incorporation of im-

purities. A low sticking coefficient for the residual gas particles on the heated sub-

strate surface is more important for the growth of clean films than the low residual

gas pressure.

2.2.2 Growth processes in thin film growth

The growth of thin films takes place at the substrate or film surface. Figure 2.2

shows the basic processes that can take place at the surface. Particles arrive at the

sample surface and can then diffuse over the surface until they are either incorpo-

rated into the crystal or re-evaporates. The ratio between the particles incorporated

into the lattice and the total number of particles is called the sticking coefficient.

Incorporation into the crystal can take place in various ways. A particle can be
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surface diffusion

adsorption

desorption

surface aggregation
(nucleation)

lattice incorporation
lattice site

Figure 2.2: Schematic illustration of the surface processes that take place during epitaxial
growth [64, 65]

incorporated at special sites such as a surface steps, dislocations or defects. The

density of such special sites is an important parameter in growth. Particles can also

aggregate to form clusters. At small sizes, these clusters are not stable against dis-

sociation and re-evaporation. If a cluster is larger than a critical size, the cluster

can act as a nucleus for crystal growth. [64–66] The size of these critical nuclei de-

pends on the change in chemical potential upon forming the cluster and the surface

energy of the cluster.

If the temperature is low, the critical nucleus size can be as small as a few atoms

θ<1 ML

1< <2 MLθ

θ>2 ML

Layer by Layer
(Frank-Van der Merwe)

Layer + Island
(Stransky-Krastanov)

Island
(Volmer-Weber)

Figure 2.3: Representation of the basic growth modes in thin film growth. θ is the mono-
layer coverage [64]
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and the density of nuclei will be large. In this case growth takes place through

coalescence of clusters. This can result in a grainy structure. At high tempera-

tures the critical nucleus size is large resulting in growth from a small number of

clusters and/or growth from special sites. In the step-flow growth mechanism, for

instance, growth takes place exclusively at crystal steps. Figure 2.3 shows the three

basic growth modes observed in thin film growth [64]. For all these modes perfect

surfaces are assumed and thus growth from special sites is not taken into account.

Layer-by-layer or Frank-Van der Merwe growth, is a growth mode by which

each layer is filled before the next layer nucleates. For this growth mode to occur

the surface energy of the growing film should be low enough to prevent formation

of 3D clusters. Furthermore, the density of particles in a new layer should be low

enough to prevent the formation of critical nuclei as long as the growing layer is

not complete. For this, the size of the critical nucleus should be large and thus the

temperature should be high enough. The combination of a small density of critical

nuclei and completion of a layer before nucleation of the next makes that layer-by-

layer growth results in smooth films and sharp interfaces.

In island or Volmer-Weber growth, islands, rather than completely filled layers

are formed. This growth mode occurs when the total surface energy of the film is

higher than that of the substrate. Island formation minimizes the energy in this

case. Island growth results in rough films, which is generally not preferred. How-

ever, if the islands nucleate in predetermined, regular sites, island growth can be

used for the formation of structures such as quantum dots.

The intermediate between layer-by-layer and island growth is layer-plus-island

growth or Stransky-Krastanov growth. Here, after one or a few monolayers the

growth mode changes from layer-by-layer to island growth. In this case the total

surface energy of the growing film switches from being smaller to being larger than

that of the substrate. This can occur if the interfacial energy changes as the film

grows.

The classification of growth modes discussed above is based on thermodynam-

ics. Accordingly, when deciding the growth conditions, the substrate temperature

is the main parameter to change the growth mode. However, the kinetics play an
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equally important role in the control of thin film growth. A too low temperature

in layer-by-layer growth, for instance, can cause the growth of island due to a too

short diffusion length or a too high number of critical nuclei.

In conclusion, epitaxial growth is governed by both kinetics and thermodynam-

ics. Growth from special sites, especially substrate steps, is something that also has

to be taken into account when discussing epitaxial growth.

2.3 Reflection High Energy Electron Diffraction

Reflection High Energy Electron Diffraction (RHEED) is a surface sensitive electron

diffraction technique that can be used in-situ during growth. The RHEED setup

consists of a electron gun emitting electrons with an energy between 10 and 30 keV.

This electron beam reaches the surface of the growing film at an angle of about

3o. The diffracted electron beams are imaged on a fluorescent screen. The image is

recorded using a CCD camera.

RHEED can give information about the surface structure and morphology dur-

ing growth. Variations in the diffracted pattern can also be used to identify impu-

rities or unwanted phase. In layer-by-layer growth, oscillations in the diffracted

intensity give information about the growth rate and allows the growth to be con-

trolled with atomic precision.

RHEED is a surface sensitive technique since both the incident angle and the

probing angle are small. Moreover, the interaction between electrons and matter is

strong and thus the mean free path quite small [67]. The magnitude of the electron

momentum is determined by the kinetic energy, E.

k0 =
1
h̄

√
2m0E +

E2

c2 (2.3)

where m0 is the rest mass of the electron. The second term under the square root is

the relativistic contribution, which amounts to about 3% for 20 keV electrons.

Figure 2.4 shows both the real space geometry of the RHEED experiment and

the Ewald sphere construction for finding the diffraction conditions. Diffraction



2.3 Reflection High Energy Electron Diffraction 25

θ

k 0

reciprocal
rods

fluorescent
screen

Ewald sphere

specular
reflection

sample

incident beam

a) side view

b) top view

reciprocal
lattice points

Figure 2.4: Ewald’s sphere construction and diffraction geometry of RHEED. a) side view.
The intersections of the Ewald’s sphere with the reciprocal space rods are the positions
where the diffraction conditions are fulfilled. b) Top view.
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b.
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a.
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e.e.

Figure 2.5: RHEED pattern of a SrTiO3 substrate. a) direct beam. b) shadow edge, c)
specular (00) spot. d) off-specular (01) spot. e) Kikuchi lines

experiments probe reciprocal space (see section 3.2.1). Since RHEED is only sensi-

tive to the surface, the electrons see no periodic lattice in the out-of-plane direction

and thus, the reciprocal lattice points form rods in that direction. In the in-plane

directions there is periodicity and the reciprocal lattice consists of points.

In the ideal case of a perfectly flat crystal and no divergence of the electron

beam, the RHEED pattern would consist of spots on a circle. In a real experiment,

however, beam divergence and crystal steps can cause some spread in k0, and thus

the radius of the Ewald’s sphere. As the diffraction condition is less strict in the out-

of-plane direction, the spots can elongate in this direction to form streaks. Figure

2.5 shows the RHEED pattern of a SrTiO3 substrate. Three diffraction spots are

clearly visible, the specular, or 00, spot and two off-specular, 01 and 01̄, spots. The

interaction between electrons and matter is strong and thus inelastic scattering and

multiple scattering effects also take place. Kikuchi lines (fig. 2.5 e) are one of the

features that arise due to multiple scattering. Kikuchi lines can be explained by a

two step model. In the first step the direction of the incident beam is randomized

by collisions. In these collisions the energy loss should be small. In the second step,

the isotropic radiation resulting from the first step diffracts by the lattice. [68].

In island growth, the transmission of the electrons through the growing islands

can occur. As the diffraction geometry is different in this case, the pattern changes

dramatically. Figure 2.6 shows a typical 3D transmission pattern of PbO islands on

SrTiO3. Various intermediate cases between a pure reflection pattern (fig.2.5) and a
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Figure 2.6: 3D transmission pattern of PbO islands on SrTiO3

pure transmission pattern (fig. 2.6) can occur depending on the size and spacing of

the islands. As the diffraction conditions for both cases are completely different, it

is possible to distinguish reflection and transmission contributions by rotating the

azimuth of the sample. Reflection spots will move, whereas transmission spots will

not.

As RHEED is only sensitive to the surface, monitoring the RHEED pattern dur-

ing growth gives information about the growing layer and the formation of sec-

ondary phases and surface reconstructions. [69] In some cases it is possible to adjust

the growth conditions to remove or minimize unwanted phases.

2.3.1 RHEED Oscillations

During layer-by-layer growth, the intensity of the RHEED spots oscillates as a func-

tion of layer coverage. The oscillation period then corresponds to exactly one

monolayer. RHEED oscillations give real-time feedback on the growth process

and can be used to determine growth rates. Growth of multilayers benefits from

RHEED oscillations as sharp interfaces can be attained by stopping growth of one

of the multilayer components at a RHEED maximum. RHEED oscillations are

probably the main reason why the use of RHEED is so widely spread in epitax-

ial growth.

There are various models trying to describe RHEED oscillations. [68] A peri-

odic variation of the surface roughness during growth is one of the most common
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explanations. This model states that nucleation on a smooth surface increases the

roughness and thus decreases the reflectivity of the surface and the intensity of the

spots. The roughness reaches a maximum at a coverage of exactly 50% and then

decreases until the nucleated layer is completely filled. This model relates the os-

cillations to the layer coverage through the density of steps creating roughness.

A second, diffraction based, model is based on the existence of (destructive) in-

terference between electrons scattered from the growing layer and the filled layers

below. In this case, the amount of destructive interference depends directly on the

coverage of the growing layer. But, although this model can reproduce intensity

oscillations, in kinetic theory no oscillations are predicted exactly at the Bragg con-

dition. At the Bragg position the interference between both layers is constructive

by definition.

An important discrepancy between both models and experiment is that they

cannot account for the phase shifts that are often observed between specular and

off-specular peaks, which are a function of the incident angle. [70] These phase

shifts suggest that there is no simple relationship between the RHEED oscillations

and the coverage or step density. Dynamical scattering theory is required to model

these observations. However, as dynamical scattering theory of static events is

already quite involved, accurate modeling of a dynamic process such as crystal

growth is very difficult. [68] Various experimental results on RHEED oscillations

show a dependence on either step density or coverage and theoretical modeling

cannot explain all observations based on either origin alone. The conclusion at the

moment seems to be that no single electron scattering or interference process is able

to account for all experimental observations. [71]

Most work on RHEED oscillations has been done on GaAs and related semicon-

ductor systems grown in co-evaporation. For the growth of complex oxides using

MBE it is common to use shuttered beams. [69, 72, 73] This complicates the anal-

ysis of RHEED intensity variations. The elements of different sublayers can have

very different scattering strengths, which can result in periodic intensity variations

driven by shuttering. The surface structure can also be different for the different

sublayers, giving a periodic variation of the RHEED pattern. Within the growing
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sublayer, layer-by-layer growth driven oscillations may be observed.

Models for layer-by-layer growth driven oscillations are still not fully devel-

oped. However, the relation between the period and monolayer growth is well

established, and as a result most discussion about RHEED oscillations is empiri-

cal in origin, especially in the case of modulated beam growth of complex oxides

where various other factors influence the RHEED intensity.

2.4 Substrates

2.4.1 Strontium Titanate

Strontium titanate (SrTiO3) is the substrate material that has been used for most

films described in this thesis. SrTiO3 is a cubic perovskite material and is struc-

turally compatible with PbTiO3. At room temperature it has a lattice parameter

of 3.905 Å [74], which is a very good lattice match with the short axis of tetrago-

nal PbTiO3. [60, 75] SrTiO3 substrates are widely used for the growth of oxide thin

films. SrTiO3 substrates obtained from various suppliers have been used. Most

substrates were obtained from either CrysTec GmbH or SurfaceNet GmbH.

Along the [001] direction the SrTiO3 consists of alternating SrO and TiO2 layers.

The surface of cleaved and polished SrTiO3 (001) substrate consists of terraces with

both TiO2 and SrO termination. These terraces are separated by half a unit cell. For

reproducible growth and sharp interfaces single terminated substrates are required.

It is possible to obtain SrTiO3 substrates with a single termination by a chemical

treatment with a HF/NH4F buffer solution. [76] We have used the treatment as

described by Koster et al. [77]

As-received substrates are cleaned with both acetone and ethanol using an ul-

trasonic bath. The substrates are dried by blowing nitrogen. The next step is a

reaction with ultra pure (18MΩ) water in an ultrasonic bath. The basic SrO on

the substrate surface reacts with water to form Sr(OH)2. The surface Sr(OH)2 is

removed by reaction with a HF/NH4F buffer solution with a pH of 4.5. This reac-

tion takes place under ultrasound for 30 seconds. After the reaction the substrates

are quickly rinsed with water three times. Rinsing with ethanol and drying using
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Miscut Time
0.06o 2h
0.1o 1h30min
0.2o 1h

Table 2.1: Timing used for heat treatment at 960oC of SrTiO3 substrates of different miscuts
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Figure 2.7: Tapping mode AFM image of a treated SrTiO3 substrate. The profile clearly
shows a step size of ≈ 3.9 Å

nitrogen concludes the chemical treatment.

After chemical treatment, a heat treatment is used to straighten the step edges.

The substrates are heated up to 960oC in a tube furnace under an oxygen flow of

200cc/min. The time the substrates are kept at 960oC depends on the miscut. At

higher miscut the distance that particles need to diffuse to be incorporated in a step

edge is smaller, and thus, a shorter time is required. The time required for various

miscuts can be found in table 2.1.

Figure 2.7 shows an AFM image of a treated SrTiO3 substrate. It can be seen

that the steps are straight. The line profile across a number of steps shows that

the terraces are flat and that the step height is around 3.9 Å. This indicates that the

substrate has a single termination.

2.4.2 Dysprosium Scandate

Strontium titanate has been used as a substrate material for many years. More re-

cently, the rare earth scandates have been introduced as substrate materials. The
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Figure 2.8: Structure of DyScO3. The edges of both the orthorhombic and pseudo-cubic
unit cell are shown.

rare earth scandates have pseudo-cubic lattice parameters ranging from 3.93 Å for

HoScO3 to 4.05 Å for LaScO3. The rare earth scandates have an orthorhombic crys-

tal structure, with space group #62 (Pnma). [78, 79]

DyScO3 is the scandate that has been used in this thesis for the growth of PbTiO3

and PbxSr1−xTiO3 thin films. The (110) plane of DyScO3 has a nearly square lattice.

The orthorhombic aO, bO and cO lattice parameters of DyScO3 at room temperature

are 5.720Å, 7.890Å and 5.442Å respectively. [78,79] The structure of DyScO3, show-

ing both the orthorhombic and pseudocubic cell edges can be found in figure 2.8.

The pseudocubic unit cell is obtained by rotating the orthorhombic cell through 45o

around the bO direction and taking the half of bO.

apc =
1
2

√
a2

O + c2
O; bpc = bO

2 (2.4)

At room temperature the pseudocubic lattice parameters obtained are a pc = 3.947Å

and bpc = 3.945Å. These are the in-plane lattice parameters for the (110) orientation.

Along the [110] direction DyScO3 has a similar AO/BO2 stacking to SrTiO3 and
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thus a polished surface will have a mixed termination. In contrast to SrTiO3 how-

ever, no well established surface treatment is available in literature. Karimoto de-

scribes a heat treatment at 1100oC for 12 hours under oxygen flow, followed by

etching with 0.1% HNO3 in ethanol. [80]. For the substrates used in this thesis the

best results were obtained by cleaning with acetone and ethanol followed by a heat

treatment at 1020oC. This results in straight steps with a step height close to 4 Å.

Keeping the substrates away from any water is very important for getting a good

result. Recently, a treatment was found at the University of Twente that results

in a single termination as observed from SrRuO3 growth. [81] In this procedure, a

chemical etching step of 1 hour with a 12M NaOH solution in an ultrasonic bath

follows the heat treatment. The strong base is then washed off with an 1M NaOH

solution.

SrTiO3 consists of uncharged TiO2 and SrO sublayers, whereas DyScO3 con-

sists of DyO−
2 and ScO+ layers. Thus, a single termination of DyScO3 will lead

to a charged surface. Which has to be compensated in some way. Most likely

compensation mechanisms are either a surface reconstruction or the formation of

an adsorbate layer. We have tried to perform LEED studies to look at the surface

structure of DyScO3 substrates. It was impossible to obtain patterns in both as-

received and heat treated substrates. A big improvement in the RHEED pattern is

observed when heating from room temperature to the growth temperature. These

observations may suggest compensation of the charges by adsorbates.

2.5 Adsorption controlled growth of PbTiO3 using MBE

Stoichiometry is a key issue for MBE growth of PbTiO3 and PbxSr1−xTiO3 thin

films. Lead and oxygen deficiencies are most common in PbTiO3. [60, 82, 83] Lead

vacancies often coexist with oxygen vacancies to maintain charge neutrality. PbTiO3

is not sensitive to oxidation as titanium is in its highest oxidation state and higher

oxidation state lead oxides, such as Pb3O4 and PbO2 are not stable at the growth

temperature under oxygen pressures lower than ambient. [84] A large overpressure
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Figure 2.9: Picture of the MBE system. a) plasma source b) RHEED screen c) manipulator
d) evaporation sources e) load lock (not visible) f) XPS analyzer g) LEED

of oxygen and a RF generated oxygen plasma can be used to prevent oxygen vacan-

cies. For lead vacancies, however, the situation is more difficult as the evaporation

temperature for both lead and lead oxide are relatively low, at around 600oC. [85]

Growth takes place at roughly the same temperature and thus, ensuring a proper

lead stoichiometry is the main challenge in MBE growth of PbTiO3.

2.5.1 Experimental

Figure 2.9 shows a picture of the MBE system. It is a modified VG MBE chamber.

Titanium is evaporated from a Omicron Focus EFM 4 electron beam evaporation

source. The flux was measured and controlled using the flux monitor of the evap-

orator. Lead oxide is evaporated from a Luxel Radak thermal evaporation cell.

Atomic oxygen was supplied by a Oxford Scientific ECR plasma source fitted with

a quartz delivery tube to ensure a high flux at the substrate surface. The substrates

were mounted on stainless steel sample holders with spot-welded tantalum strips.

The substrates were heated using a filament. Prior to the growth, the fluxes were

calibrated using a quartz crystal monitor. The chamber is equipped with a Staib
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Figure 2.10: a) XRD pattern showing the TiO2 (anatase) (004) reflection and the (002) SrTiO3
substrate peak. b) RHEED pattern of a TiO2 thin film, showing satellite peaks close to the
main spots that are typical for anatase [62]

electron gun and a phosphorous screen for RHEED. The electron energy used for

RHEED was 15 keV. Various growth strategies were employed in this thesis for the

growth of PbTiO3. Some methods turned out to be more successful than others, but

an overview of the results of the various growth approaches illustrates some of the

chemistry and growth characteristics of the PbTiO3 system.

The most simple approach to MBE growth is coevaporation, where the lead(oxide),

titanium and oxygen beams arrive simultaneously at the substrate surface. This

method turns out to be not particularly successful. At a growth temperature of ≈
600oC this method resulted in TiO2 films, showing peaks in XRD that seem to cor-

respond to an anatase structure. This structure also shows a typical reconstruction

in the RHEED pattern, see figure 2.10. [62] Films grown under these conditions

show no sign of lead incorporation into the film. All the lead arriving at the surface

re-evaporates into vacuum, despite the significant excess of lead that was used.

If coevaporation is used for growth at lower temperatures, between 400oC and

500oC, formation of PbO islands occurs. These PbO islands are easily recognized

in RHEED by their 3D transmission pattern as shown in figure 2.6. The fact that

PbO islands can form indicates that there is an excess of lead. Exact matching of

the lead(oxide) and titanium fluxes turned out to be very difficult. If no excess of

lead is supplied, the RHEED pattern quickly disappears, as no crystalline phase is

formed.

Although using lead oxide (PbO) instead of metallic lead, as a source material
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does raise the evaporation temperature, and thus also the re-evaporation tempera-

ture slightly, no significant difference is observed in case of coevaporation. For the

rest of the growth experiments PbO was used as a source material. The use of PbO

also removes the kinetic and thermodynamic barriers for the oxidation of metallic

lead and thus should be beneficial for PbTiO3 growth.

The proper stoichiometry arriving at the sample surface can also be obtained by

using timing to control the number of particles arriving at the surface during every

cycle. In general, the behavior of the growing films is similar to the previous case

in that a high temperature growth would lead to an anatase film, and a low tem-

perature growth with PbO excess would lead to PbO islands. When the timing was

adjusted to obtain stoichiometry at relatively low growth temperatures (450oC),

crystalline PbTiO3 films were obtained in some experiments. Other experiments

resulted in amorphous films. However, ex-situ annealing of these films at a temper-

ature of 600oC resulted in (001) oriented PbTiO3 films. Reproducibility is therefore

the main issue when growing PbTiO3 by depositing the PbO and TiO2 sublayers

separately. It seems that crystalline growth occurs from special sites such as steps

and defects. When the number of special sites is too low, amorphous growth takes

place rather than crystalline growth. This suggests that a higher growth tempera-

ture is required to reproducibly grow crystalline PbTiO3 films, but increasing the

growth temperature in sublayer growth led to TiO2 films.

A way to enhance reproducibility is to use adsorption-controlled growth, in

which the incorporation of lead is limited by the deposition of titanium. adsorption

control was originally devised for MBE growth of GaAs. [86] For the growth of

PbTiO3, this method has been reported by Theis and Schlom, [60, 87] and recently,

this method was also used for growing BiFeO3. [88]

The advantage of adsorption-controlled growth is that the stoichiometry is very

well controlled. The conditions must be such that lead in the PbTiO3 structure is

stable and any excess of lead will re-evaporate into the vacuum. Experiments us-

ing different shuttering schemes already showed that at too low temperatures, PbO

adsorption is not limited by TiO2 and a rough PbO rich film is formed. At too high

temperatures, on the other hand, PbO does not stick to the surface at all, and TiO2
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Figure 2.11: Shuttering scheme used for PbxSr1−xTiO3 growth. The titanium time corre-
sponds to a single monolayer. The Strontium time determines the level of substitution.

films are grown. This is also found to be true as a function of the PbO flux, which

can be taken as a PbO pressure over the substrate under the thermal conditions

during growth. At a too low PbO flux, the PbO in the PbTiO3 is not stable and

evaporates into vacuum. To prevent the re-evaporation of PbO, a constant flux of

PbO is supplied to the substrate. From the coevaporation experiments it was found

that even though an excess of Pb(O) is supplied, anatase layers are formed, suggest-

ing that the interaction between the TiO2 layers is stronger than that between TiO2

and PbO layers. To ensure that PbO can form a full layer, Ti is supplied in mono-

layer doses. Between the Ti doses, PbO has time for form a full layer. A scheme of

the shuttering during adsorption controlled growth is shown in figure 2.11.

Table 2.2 shows typical experimental parameters for the MBE growth of PbxSr1−xTiO3

thin films. Using these parameters, high quality thin films can be grown repro-

ducibly. The shuttering scheme shown in figure 2.11 is employed. Varying the level

of strontium substitution can be obtained by changing the strontium time (tSr) at a

fixed Sr flux. The PbxSr1−xTiO3 thin films in the remainder of this thesis have all

been grown using this adsorption-controlled growth technique.
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Current (A) Pyrometer (oC) Thermocouple 1 (oC) Thermocouple 2 (oC)
3.6 640 667 648

a) Substrate heater parameters

Beam Flux (Å/min) Temperature (o) E-beam power (W) Time (s)
PbO 6.5 600 38*
Sr 3.0 500 0-24
Ti 1.5 24 42

b) Evaporation cell parameters

Gas base growth Plasma source
pressure (mbar) pressure (mbar) power (mA)

Oxygen 2×10−9 5×10−6 20
c) Oxidizing gas parameters

Table 2.2: Typical parameters as used in the growth of PbxSr1−xTiO3 thin films. a) Sub-
strate heater current and temperatures as measured using an optical pyrometer set to an
emissivity of 0.7 and two different thermocouples close to the substrate. b) Fluxes and tem-
peratures for the evaporation sources. (*)The PbO shutter is open continuously, the time
given is the time the Ti shutter is closed every cycle. c) Gas conditions.

2.5.2 Thermodynamic model of adsorption controlled growth

The stoichiometry control offered by the adsorption-controlled growth mechanism

is one of the key features of the MBE growth of PbTiO3. In this section, a simple

thermodynamic model of this growth mode will be presented.

Although thin film growth consists of a complex combination of thermodynam-

ics and kinetics (section 2.2.2), pure thermodynamics can show how adsorption-

controlled growth works. For this model, the molecular beams arriving at the sur-

face are assumed to behave as a gas with a certain pressure. This pressure is related

to the flux of the molecular beam (Φ in molecules
m2s ), the mass of the particles (m in kg)

and the source temperature (K). This beam equivalent pressure is given by [87]

p =
Φ

cosΘ

√
πmkBT

8
(2.5)

where p is the beam equivalent pressure (in Pa), Θ is the incident angle of the

molecular beam and kB is the Boltzmann constant.

In this model, two processes are considered: The sublimation of PbO and the

formation of PbTiO3 from TiO2 and PbO.
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Figure 2.12: Phase diagram of PbTiO3 as a function on PbO partial pressure and tempera-
ture. After Theis et al. [87]

PbO(s) � PbO(g)

PbTiO3(s) � TiO2(s) + PbO(g)

The interpretation of the first process is the condensation of a layer of PbO on a

PbO terminated surface, which is equivalent to condensation on a bulk PbO crys-

tal. The second process describes the condensation of PbO on a TiO2 terminated

surface, creating a PbTiO3 unit cell. The equilibrium vapor pressures of PbO for

both processes were calculated using the Gibbs energy of both processes.

μPbO(s)(T)− μPbO(g)(T)ln(
p
p0

) > 0 (2.6)

μPbTiO3(s)(T) −μTiO3(T) −μPbO(g)(T)ln(
p
p0

) > 0 (2.7)

where μi(T) are the chemical potentials of species i at a temperature T, and p and p0

are the partial pressure and the reference pressure, respectively. Figure 2.12 shows

the equilibrium vapor pressures as a function of temperature. Thermodynamic

data was obtained from Barin. [89] From figure 2.12 it can be seen that there is

a range, where PbO does evaporate from a PbO layer but not from a TiO2 layer.
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When PbTiO3 is grown under these conditions, the PbO deposition is self-limiting;

as long as the first PbO layer on top of a TiO2 layer is not filled, the arriving PbO

molecules are in equilibrium with a PbTiO3 structure and will be incorporated into

the film. However, if the PbO layer is complete, the gaseous PbO molecules are

in equilibrium with the solid PbO surface, and no excess PbO will be deposited.

During growth a constant supply of PbO has to be provided because if gaseous

PbO is removed, the equilibrium will shift to the right and PbTiO3 will loose Pb(O).

The flux of PbO in PbTiO3 growth is 6.5 Å/min (table 2.2). Using equation (2.5)

a beam equivalent pressure of 3.6×10−6 mbar is obtained. In figure 2.12 it can be

seen that this pressure at the growth temperature of 640 oC does indeed fall in the

adsorption-controlled growth region.

In summary, the main features of adsorption-controlled growth, such as the self-

limiting behavior and the need to supply a constant flux of PbO, can be described

by a thermodynamic model. The experimental parameters and observation are also

consistent with the model.





Chapter 3

X-Ray diffraction as a tool for

characterization of ferroelectrics

3.1 Introduction

X-ray diffraction (XRD) is a widely used technique to determine crystal structures.

Applied to thin films, XRD is most typically used to determine the lattice param-

eters and thickness. However, much more information can be obtained from XRD

experiments. In this chapter we will show how XRD can be give information about

the properties and domain structure of ferroelectric thin films.

In the first half of the chapter, the basics of X-ray diffraction and the various

measurement geometries are described. In the second half of the chapter, the char-

acterization of ferroelectrics by XRD is described. The relation between the lattice

parameters and polarization is discussed in section 3.4. This relation was used to

determine the transition temperature in PbxSr1−xTiO3 thin films (chapter 4). Sec-

tion 3.5 shows the wealth of information that can be obtained from simulation of

the crystal truncation rods of ferroelectric thin films, such as the direction of the

polarization.

Periodic ferroelectric domains can give rise to a XRD superstructure if the pe-

riodicity has a sufficiently large coherence length. In section 3.6 we will show ex-

amples of such periodic structures and show how modeling of these patterns can

41
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be employed to determine the the orientation of the polarization and the domain

walls. The examples will show that careful analysis of XRD diffraction data can

give much more information that just the lattice parameters and thickness of ferro-

electric thin films.

3.2 Theory

3.2.1 X-Ray diffraction

X-rays are scattered by electrons. This scattering is at the basis of x-ray diffraction.

In a crystal the electrons density peaks at the atomic positions. X-rays scattered

from this periodic lattice of electron density interfere to give a diffraction pattern.

The theory of x-ray diffraction reflects this description. [90,91] The starting point is

the scattering of x-rays from an electron. The amplitude of scattered wave is

A1 = A0
e2

mc2
1
R

e[i(k f −ki)re] (3.1)

where A0 is the amplitude of the incident wave, R is the distance from the elec-

tron position re. ki and k f are the incident and scattered wave vectors, respectively.

e2/mc2 (≈ 2.82×10−5 Å) is the Thomson scattering length, or alternatively the clas-

sical radius of the electron. The small value of the Thomson scattering length is the

reason why the interaction between x-rays and matter is weak.

The atomic form factor is defined as the Fourier transform of the electron den-

sity of the atom (ρ)

f 0(q) =
∫
ρ(r)eiq·rdr (3.2)

where q = k f - ki is the momentum transfer or scattering vector. In the case of

elastic scattering
∣∣k f
∣∣ = |ki| = 2π/λ. Because of the different energy level of

different electrons not all will follow the x-rays in the same way. The response of

the more tightly bound electrons is reduced, and the phase is changed with respect

to that of the outer shell electrons. These effects are taken into account by adding

f ′ and f ′′ in the atomic form factor, the so-called dispersion corrections.

f (q, h̄ω) = f 0(q) + f ′(h̄ω) + i f ′′(h̄ω) (3.3)
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Analytical expansions of f 0(Q) and the dispersion corrections for various x-ray

energies can be found the International Tables for Crystallography [92].

Once the atomic form factors are known, the scattering amplitude of a crystal is

found by summing all atoms in the crystal with the correct phases, because a crystal

can be described by a unit cell that is translated into three dimensions. This transla-

tional symmetry is used to separate the scattering amplitude into two factors: The

structure factor and the lattice sum, as follows

A(q) = −r0 ∑
r j

f j(q)eiq·r j ∑
Rn

eiq·Rn (3.4)

The first factor, the unit cell structure factor, sums all atoms in the unit cell, where

r j is the position of atom j. The second factor, sums over the entire crystal, where

Rn is the position of unit cell n. A primitive perovskite unit cell consists of 5 atoms

and thus the structure factor can be evaluated explicitly. In a bulk crystal the lattice

sum runs to infinity in all three directions. When the lattice sum is then evaluated

this gives rise to a delta function that peaks when q = G, where G is a reciprocal

lattice point. q = G is called the Laue condition for diffraction. It can be shown that

this condition is equivalent to the well known Bragg’s law. The reciprocal vectors

are expressed as

G = ha∗1 + ka∗2 + la∗3 (3.5)

where h, k, l are integers called Miller indices and a∗i are the reciprocal lattice pa-

rameters

a∗1 =
2π
vc

a∗2 × a∗3 a∗2 =
2π
vc

a∗3 × a∗1 a∗3 =
2π
vc

a∗1 × a∗2 (3.6)

where vc = a1 · a2 × a3 is the unit cell volume. To obtain the diffracted intensity, the

scattering amplitude has to be multiplied by its complex conjugate. The lattice sum

determines the position of the diffraction peaks and the structure factor determines

the intensity and the presence of possible systematic absences.

When studying thin films, evaluating the lattice sums by assuming an infinite

lattice in three directions is not valid. A thin film can be considered as being infinite

in two directions, while the third direction consists of a finite number of unit cells.
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Evaluating the lattice sum in the a3 direction for a finite number of monolayers (N)

gives
N−1

∑
n=0

eiqza3n =
1 − eiqza3 N

1 − eiqza3
(3.7)

where the following result for geometric series has been used

N−1

∑
n=0

kn =
1 − kN

1 − k
(3.8)

with |k| < 1. Where the diffraction condition is fulfilled eiqza3 = 1, and thus, the

intensity will go to infinity. This divergence does not occur when the absorption of

x-rays is included [93]. The lattice sum then becomes

N−1

∑
n=0

e(iqza3+ε)n =
1 − e(iqza3+ε)N

1 − eiqza3+ε
(3.9)

whereε is the absorption coefficient. This expression for the lattice sum can be used

to calculate the scattering amplitude and the intensity. Figure 3.1a shows the cal-

culated intensity around the (001) Bragg reflection of a PbTiO3 slab 25 monolayers

thick. Both the width of the central peak and the period of the fringes are a measure

of the film thickness.

For the substrate the lattice sum runs from 0 to infinity and expression 3.9 be-

comes
−∞

∑
n=0

e(iqza3+ε)n =
1

1 − eiqza3+ε
(3.10)

The intensity calculated using this lattice sum still shows a sharp peak, but in con-

trast to a delta function, there is intensity in between the peaks, as shown in figure

3.1b.

To construct a crystal that consists of a substrate with a thin film on top, both the

film and substrate scattering factors are added. Both the lattice sum of the substrate

and the film start at 0 and thus a phase factor corresponding to the film thickness

has to be added to the substrate contribution

A(qz) = −ao

(
FPbTiO3

1 − e(iqza3+ε)N

1 − eiqza3+ε
+
[

FSrTiO3

1
1 − eiqza3+ε

]
eiqza3N

)
(3.11)
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Figure 3.1: a) Calculated intensity for a TiO2 terminated PbTiO3 slab of 25 monolayers
thick (3.9). b) Calculated intensity for a TiO2 terminated SrTiO3 substrate (3.10). Calculated
intensity for a TiO2 terminated SrTiO3 substrate with a 25 monolayer PbTiO3 thin film on
top (3.11). The horizontal axes are in units of 2k0, where k0 = 2π

λ

where FPbTiO3 and FSrTiO3 are the structure factors of PbTiO3 and SrTiO3 respec-

tively. Expression (3.11) can be used to simulate experimental out-of-plane diffrac-

tion results, that is 2θ-ω scans. A plot of the calculated intensity for a 25 monolayer

thick PbTiO3 film on a SrTiO3 substrate is shown in figure 3.1c.

3.2.2 X-Ray reflectivity

A related, but different, technique to study thin films using x-rays is x-ray reflectiv-

ity. X-ray reflectivity can give information about the electron density, thickness and

roughness of a thin film. The main difference between reflectivity and diffraction is
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that reflectivity does not require a well ordered crystal structure, thus amorphous

materials can also be studied. The basis of reflectivity is the interference between

x-rays that are refracted and reflected at interfaces between layers with different

electron density.

The theory of reflectivity is based on the theory of refraction in optics. The main

difference between refraction at optical wavelengths and for x-rays is that the index

of refraction for x-rays is very small and smaller than unity. The refractive index

for x-rays can be expressed in terms of the atomic form factor (equation 3.3) as

n ≡ 1 − 2πρar0

k2

(
f 0(0) + f ′ + i f ′′

)
(3.12)

where ρa is the atomic density, f0(0) the number of electrons in the atom, r0 the

Thomson scattering length and k is 2π/λ. Snell’s law relates the refracted angle α j

to the incident angleαi:

cosαi = n cosα j (3.13)

The refractive index of the layer and the substrate can be calculated using knowl-

edge of the materials such as atomic constituents and unit cell volumes.

As the index of refraction for x-rays is smaller than unity, total reflection oc-

curs below some critical angle αc, where α j ≤ 0. At these small angles, a Taylor

expansion of the cosine gives a relation for the critical angle:

αc =
√

4πρar0

k2 ( f 0(0) + f ′) (3.14)

where ρa f 0(0) is the electron density of the material. The critical angle is then a

measure of the electron density and can be used to determine the stoichiometry

of the material. In the case of PbTiO3, the critical angle is specially sensitive to

Pb vacancies as the contribution of Pb to the electron density is by far the largest.

Below the critical angle the reflectivity is almost 100%, and a part of the x-rays

penetrates the material as an evanescent wave, which has a penetration depth of

≈10 Å, propagating parallel to the surface. The evanescent wave can be used to

measure in-plane Bragg peaks, avoiding the substrate signal. This technique is

called Grazing Incidence Diffraction (GID).
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Figure 3.2: Calculated reflectivity for SrTiO3 substrate with a 10 nm thick PbTiO3 film on
top.

The reflectivity of a slab of material is determined by reflection and transmis-

sion at both the top and bottom interfaces. Using the Fresnel equations it can be

shown that the total amplitude of reflectivity is given by: [90]

rslab =
r01 + r12p2

1 + r01r12p2 (3.15)

where p2 is a phase factor, determined by the incident beam and the layer thickness,

Δ, as follows:

p2 = ei 2ksinα1 Δ (3.16)

and ri j are Fresnel reflectivities for the different interfaces:

ri j =
αi −α j

αi +α j
(3.17)

With αi and α j being the incoming and outgoing angles, respectively. Figure 3.2

shows the calculated reflectivity intensity of a 10nm PbTiO3 film on a SrTiO3 sub-

strate. Although expression 3.15 gives a correct description of reflectivity, it does

not include surface and interface roughness. For accurate simulation of real x-ray

reflectivity results, including roughness, a simulation program was used in this

thesis [94].

3.2.3 Diffraction geometry

The Laue condition for diffraction is q = G. The reciprocal lattice vectors G are the

observables of interest, and to fulfill the diffraction condition, q has to be varied. As
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Figure 3.3: a) A schematic representation of the various angles in an XRD diffractometer.
The anglesω,φ andψ are rotations of the sample. 2θ is the rotation of the detector around
the same center of rotation. b) Construction for finding the angles where the diffraction
conditions are fulfilled. q is the reciprocal lattice vector between (0 0 0) and a reciprocal
lattice point. The size of the circle is determined by |k|. If δ = 0 then θ = ω, measuring
under this condition is corresponds to performing a specular scan.

the energy and thus the length of the vectors k i and k f is fixed, and the x-ray tube

is hard to move, the sample and detector are rotated. Figure 3.3a shows the various

angles that can be varied in an XRD experiment. The incident beam is along the

x-direction. ω,φ andψ are rotations of the sample around the three Cartesian axes.

2θ is the rotation of the detector around the same center of rotation.

Figure 3.3b shows a construction to translate reciprocal space to rotations on

the diffractometer. q is the reciprocal lattice vector between (000) and a reciprocal

lattice point. The size of the circle (sphere in three dimensions) is determined by

|k|, and thus determined by the x-ray wavelength used. This is called the Ewald

sphere. From the construction it can be seen that |q| is determined by 2θ. As |ki| =∣∣k f
∣∣, it can be seen that

|q| = 2 |k0| sinθ (3.18)

using |k0| = 2π/λ, the Laue condition and expression 3.5 for the reciprocal lattice

vector , the lattice constants can be determined.

A 2θ-ω scan runs along a radial direction, varying |q| while keeping δ constant.

If δ = 0 then θ = ω. Measuring under this condition corresponds to performing a
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specular scan. The calculated diffraction pattern shown in figure 3.1c is an exam-

ple of such a specular scan. A specular scan runs along the out-of-plane direction

in reciprocal space, without an in-plane component. The specular 2θ-ω is the de-

fault scan for determining the out-of-plane lattice constants and identification of

impurity phases.

To probe reciprocal lattice points with an in-plane component, an offset δ has

to be applied, by which ω �= θ. Such scans are useful in order to find the in-

plane lattice parameters and the relation between film and substrate. Reciprocal

space maps (RSM) around an off-specular reflection can show whether the film and

substrate are coherent, whether they have the same in-plane lattice parameter. A

RSM consists of a series of 2θ-ω scans with different offsets. As the relation between

the diffraction peaks is hard to determine from a 2θ-ω versus δ map directly, it is

useful to transform the angles to reciprocal space coordinates.

k⊥ = |q| · cos(δ) (3.19)

k‖ = |q| · sin(δ) (3.20)

Figure 3.4 shows a comparison of a RSM plotted in angle space and in reciprocal

(k−)space.

A reflection (Bragg-Brentano) geometry can be used for the XRD measurements

described. This geometry has limitations in the reciprocal lattice points that can be

measured: Ifω exceeds 2θ, the diffracted beam is blocked by the substrate and does

not reach the detector. Reciprocal lattice points without any out-of-plane compo-

nent cannot be measured in this geometry.

For measuring pure in-plane reciprocal lattice points, grazing incidence diffrac-

tion (GID) can be used [91, 93, 95]. As discussed above, GID employs the evanes-

cent wave, which appears just below the surface for incident angles that are smaller

than the critical angle for x-ray reflection (equation 3.14). In contrast to the Bragg-

Brentano geometry, the incoming and diffracted beam are not in the same plane.

The incoming beam has an incident angleαi with respect to the sample surface and

an angleω with respect to the crystal lattice. The detector is at an outgoing angle

α f with respect to the surface and 2θ with respect to direction of incident beam.
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Figure 3.5: a) side view of the GID geometry. The incident angle αi is smaller than the
critical angle. b) top view.

Figure 3.5 shows a schematic drawing of the GID geometry. The relation between

the 2θ andω angles and k-space is as shown in figure 3.3b, but for the two in-plane

directions H and K, in this case.

The probe depth for GID depends on the incident and exit anglesα i andα f [93].

The wavevector k changes upon crossing the boundary. The in-plane components

are unchanged, but the out-of-plane component kz

kz =
2π
λ

√
n2 − cos2αi (3.21)

becomes imaginary ifαi is smaller than the critical angleαcrit. The evanescent wave
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Figure 3.6: GID probe depth for PbTiO3. αi =α f . The critical angle,αcrit = 0.35 o

vector is the inverse of the imaginary part of kz

Λi =
1

Im(kz)
(3.22)

Due to time-reversal symmetry, the behavior of the outgoing beam is identical to

that of the incident beam. The total scattering depth is given by [91]

Λ =
ΛiΛ f

Λi +Λ f
(3.23)

Figure 3.6 shows how the probe depth for PbTiO3 varies with the incident angle.

The outgoing angle is chosen to be identical to α i. The x-axis is normalized by the

critical angleαcrit as the shape of this curve is general. The critical angle for PbTiO3

calculated using equation (3.14) is 0.3538 o. An incident angle just below the critical

angle is most suitable for GID measurements as the intensity of the evanescent

wave is high and the probe depth small.

3.3 Experimental setup

The diffraction data reported in this thesis was collected using two different setups.

Most of the data were taken on a Philips X-Pert MRD diffractometer. GID measure-

ments were performed at the W1 beamline at Hasylab in Hamburg, Germany. This

section will describe the two setups in more detail.
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A

BCDE

Figure 3.7: The X’Pert MRD diffractometer. a) Sample stage with Anton Paar DHS 900. b)
X-ray tube. c) Hybrid x-ray mirror. d) Diffracted beam optics. e) Detector.

3.3.1 Philips X’Pert MRD diffractometer

The Philips X’pert diffractometer is a four circle diffractometer. Figure 3.3a shows

the four rotations and three sample translations that are possible. The source of

x-rays is a PW3373/10 Cu LFF x-ray tube generating Copper radiation. The tube

was operated at Uacc = 40 kV and Iemiss = 40 mA. The line focus mode was used

for the experiments, giving a beam elongated in the vertical direction with a size

of ≈ 12 mm × 0.2 mm. The incident optics consists of a hybrid x-ray mirror and

an divergence slit. The hybrid x-ray mirror consists of a mirror and a two bounce

monochromator crystals. This setup makes the beam parallel in the horizontal di-

rection (divergence ≈ 0.05o) and monochromatic (99.9% Cu-Kα1). The divergence

slit further reduces the divergence of the beam. Most commonly a divergence slit

of 1/8o was used, giving a vertically divergent and horizontally parallel beam ar-

riving at the sample with a size of 12 × 0.3 mm. For Bragg-Brentano geometry

this beam illuminates the full sample, giving good intensity while giving good res-

olution within the scattering plane. However, in directions perpendicular to the

scattering plane,φ and ψ, the resoluting is limited.

The diffracted beam optics consists of an anti scatter slit, a programmable re-

ceiving slit, a Soller slit and the detector. The anti scatter slit reduces the amount
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Figure 3.8: The diffractometer at the W1 beamline with the NaI detector installed. a) Sam-
ple. b) Synchrotron beam exit. c) NaI point detector. d) Entrance slit

of x-rays scattered by objects other than the sample. The programmable receiving

slit defines the resolution of the apparatus. The width of this slit can be controlled

through the data acquisition software, the most common value for this slit being

0.3 mm. The 0.4 rad Soller slit reduces the vertical divergence of the diffracted

beam. A Soller slit consists of horizontally closely space metal foils. The diver-

gence tolerance of a Soller slit is determined by the foil spacing and the length of

the foils. Finally, the detector is a so-called proportional detector, consisting of a

chamber filled with a xenon/methane mixture. These detectors have a 99% lin-

earity between 0 and 500,000 count/s and a 84% efficiency for Cu radiation. For

non-ambient measurements up to a temperature of 900oC, an Anton Paar DHS900

domed hot stage was used.

3.3.2 W1 beamline at Hasylab, Hamburg

There can be various reasons for using synchrotron radiation for diffraction exper-

iments. Three of the most important ones are the much higher brilliance, the beam

collimation and the tunable energy. For grazing incidence diffraction the three are

important. In GID, the incident wave is the evanescent wave. As the intensity of the

evanescent wave is only a small portion of the total incident beam, a high brilliance
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is required.

At the Doris III storage ring at Hasylab in DESY, Hamburg, the energy of the

positrons is 4.45 GeV. The synchrotron radiation at the W1 beamline is created us-

ing a wiggler insertion device. The typical flux at the sample at an energy of 9

keV is 2×1011 photons/sec [96]. The source to sample distance is 46m. A Si (111)

monochromator is used, giving an energy resolution of 2eV. The beam shape is de-

termined by a horizontal and vertical double slit system. An automatic attenuator

is used to maximize the dynamic range. A range up to 10 orders of magnitude can

be attained. In our case, the energy used for the diffraction experiments was either

9.8 keV or 8.048 keV, equivalent wavelengths of 1.2651 Å and 1.540 (Cu kα1 radia-

tion) respectively. The diffractometer at W1 is a six-circle diffractometer. The two

extra circles when compared to the X’Pert lab diffractometer are required for GID

as the GID geometry is not coplanar. For the diffracted beam, two different detec-

tors have been used: A NaI(T1) point detector with crossed slits and an option for

an Germanium analyzer crystal and a linear detector. The linear ”Mythen” detector

has 1280 channels spanning a range of 4 o in 2θ [97]. The linear detector is highly

suitable for collecting reciprocal space maps in both the in-plane and out-of-plane

direction.

3.4 Tetragonality and Polarization

X-ray diffraction and reflectivity are routinely performed in thin film analysis for

determination of lattice parameters, thickness and roughness. The specific proper-

ties of (perovskite) ferroelectrics also allow the extraction of information about the

functional properties through XRD.

Early work on PbTiO3 showed a relation between lattice parameters and the

ferroelectric polarization [98, 99]. This relation was used by Haun et. al. for deter-

mining the Landau coefficients in the Gibbs free energy of PbTiO3 [34]. The tetrag-

onal, polar, phase of PbTiO3 can be considered as a distortion of the paraelectric

cubic phase. The tetragonality (c/a) is a measure for the size of this distortion. The
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relation between the tetragonality and the polarization was shown to be: [100–102]

c
a

=
( c

a

)
0
+ constant · P2 (3.24)

Where
( c

a

)
0 is the tetragonality in the paraelectric phase. Equation (3.29) can be de-

rived in the framework of the Landau-Ginzburg expansion of the Helmholtz (con-

stant strain) free energy. 1 The definition of the out-of-plane strain is:

e33 =
c f ilm − a f ilm

a f ilm
(3.25)

combining the out-of-plane strain and the misfit strain, um, with the coherency con-

dition (a f ilm = asubstrate), the expression for the tetragonality becomes

c f ilm

asubstrate
= (1 + e33)(1 + um) (3.26)

The out-of-plane strain is found from the Helmholtz free energy (U) through the

condition of zero out-of-plane stress ∂U
∂e33

= 0.

∂U
∂e33

= c11e33 + c122um − g11P2 = 0 (3.27)

e33 =
g11P2 − 2c12um

c11
(3.28)

combining equation (3.28) and equation (3.26) the relation between the polarization

and the tetragonality is found to be [102]

c f ilm

asubstrate
=
(

1 − 2c12um

c11

)
(1 − um) +

(
g11

c11

)
(1 − um)P2 (3.29)

This expression only depends on the misfit strain (um) and the polarization (P). The

average magnitude of the polarization can now be determined from measurements

of the tetragonality.

Although equation 3.29 is correct, it breaks down at large compressive strains

for materials with a large shift of the A-ion, such as PbTiO3. [103] At very high com-

pressive strains the unit cell may still deform, giving rise to a large tetragonality,

but the Pb displacement is insensitive to the added strain. Therefore, care has to be

taken when using equation (3.29).
1In contrast to the Gibbs energy, which is defined at constant stress (See section 1.4, the Helmholtz

free energy is defined at constant strain. The general form of the free energy expansion is similar, but
the coefficients coupling to the stress and strain respectively are different. The compliance, si j, and
polarization stress coupling, Qi j for the Gibbs free energy and the elastic constant, ci j and polarization
strain coupling gi j for the Helmholtz free energy.
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Figure 3.9: Temperature dependence of the tetragonality of a 21nm thick PbTiO3 film
grown on a SrTiO3 substrate.

Figure 3.9 shows the temperature dependence the tetragonality of a 21 nm thick

PbTiO3 film on SrTiO3. Below the ferroelectric to paraelectric transition tempera-

ture, the c lattice parameter decreases with increasing temperature. In the paraelec-

tric phase, the c parameter increases due to thermal expansion. The SrTiO3 lattice

parameter increases due to thermal expansion over the full temperature range. As

the thermal expansion coefficients are very similar for both SrTiO3 and paraelectric

PbTiO3 [34,78,84], the tetragonality above the transition temperature is nearly con-

stant. This constant tetragonality (c/a)0 can be used to determine the actual strain

in the system using expressions (3.26) and (3.29). For the data shown in figure 3.9,

(c/a)0 = 1.020, giving a misfit strain um = -0.0105. The tetragonality at 50oC is 1.053,

which corresponds to a polarization 71.0 μC/cm2.

3.5 Truncation Rod simulations

The fact that a thin film is a finite crystal gives rise to intensity at positions where

the diffraction condition is not exactly fulfilled (see section3.2.1). Equation 3.11 can

be used for simulating this crystal truncation rod (CTR). The perovskite unit cell

consists of stacks of AO and BO2 sublayers. A slab consisting of an integer number

of unit cells thus has an AO termination at one interface and a BO2 termination at

the other. As the fringes in the CTR are due to interference at the top and bottom
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Figure 3.10: CTR simulation of a 25 nm thick slab of PbTiO3 for both a TiO2 and a PbO top
layer with a) no polar distortion and b) polarization up.

Ion x y z δz B
Pb 0 0 0 0.114 0.706
Ti 1/2 1/2 1/2 0.076 0.060
O1 1/2 1/2 1/2 0 0.351
O2 0 1/2 1/2 -0.03 0.477
O3 1/2 0 1/2 -0.03 0.477

Table 3.1: Relative unit cell coordinates and Debye-Waller factors at 25oC of PbTiO3 [104].
The polar shifts δz are adjusted such that the shift of the oxygen sublattice is minimal.

interfaces, there is in principle a difference in the pattern depending on the termi-

nation of the surfaces. The lattice sum sums over the unit cells in a certain direction

and thus, the termination can be changed by shifting the coordinates of the two

sublayers in the unit cell structure factor half a unit cell up or down, respectively.

Figure 3.10a shows a tiny difference between a non-polar slab with a TiO2 top sur-

face and a PbO bottom surface, and one with the opposite arrangement. However,

if the film has a polarization, the termination effect is enhanced (figure 3.10b). The

polar shifts are defined such that the shift of the oxygen in the PbO layer is zero.

The coordinates used for the simulations in this section can be found in table 3.1.

The large termination effect in the presence of a polarization suggests that the

direction of the polarization also influences the shape of the CTR. Thompson et al.

[105] showed that the direction of the polarization has significant influence. Figure

3.11a shows the calculated CTR for 25 unit cells thick PbTiO3 films with various
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polarities. These profiles are calculated using equation 3.11 and the intensity is

given by

I =
∣∣xupAup + (1 − xup)Adown

∣∣2 (3.30)

where xup is the fraction of unit cells with up polarization and Aup and Adown are

the scattering amplitudes for an up and down polarized film, respectively. These

theoretical results show that it should be possible to obtain information about the

polarization direction and domain fractions from fitting measured CTR profiles.

The tetragonality can be obtained from the same CTR profile provided the film is

coherently strained to a cubic substrate. Thus, if the polarization is along c, the

magnitude and direction of the polarization, as well as the distribution of domains

can be obtained from a single XRD measurement.

The polarization effect on the CTR profiles is caused by interference at the inter-

faces. For perovskite thin films in general, and ferroelectric perovskites specifically,

there are various interface properties that may have similar influence on the CTR

profile. The calculated CTR profiles around the (001) and (002) peaks are shown for

PbTiO3 (fig. 3.11) and tetragonal BaTiO3 (fig. 3.12) on SrTiO3 with various surfaces

and interfaces. PbTiO3 is an A-site ferroelectric, meaning that the polar shift is car-

ried mainly by the central Pb ion, whereas BaTiO3 is a B-site ferroelectric, where

the distortion of the TiO6 octahedra gives rise to the polarization. As the number

of electrons in Pb is much higher than that of Ti, it is expected that the polarization

effect on the truncation rods is much larger for PbTiO3. Moreover, the magnitude

of the ion shifts is also much larger for PbTiO3.

Figures 3.11a and 3.12a show the effect of polarization for a TiO2 terminated

substrate and a 25 ML TiO2 terminated layer, as shown in the schematic diagram.

For PbTiO3 there is a clear difference between up and down polarization, most

clearly visible at the high q side of the Bragg peak. Mixed polarization leads to

an overall decrease of the intensity coming from the film, showing that there is

a large phase difference between the scattering amplitudes of the up and down

polarization. These observations are in agreement with what Thompson et al. re-

ported based on similar simulations [105]. In BaTiO3 the polarization effect is much
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smaller. However it is still present, especially at higher q values. The large de-

crease in overall film intensity for mixed polarization as observed in PbTiO3, is not

present.

Although SrTiO3 can be treated to obtain a single TiO2 termination (see section

2.4.1), it is very interesting to see the effect of substrate termination on the CTR

profile. For many perovskite substrates, no treatment able to provide a single ter-

mination is available. Even if a treatment is available, a 100% single termination

is very hard to obtain. Figures 3.11b and 3.12b show how substrate termination

influcences the CTR profiles for PbTiO3 and BaTiO3, respectively. SrO termination

is modelled by adding a SrO monolayer at the substrate film interface. A SrO ter-

minated SrTiO3 substrate also implies an inversion of the film stacking, giving rise

to an AO terminated film surface. For PbTiO3 (fig. 3.11b), the effect of substrate ter-

mination is small compared to the polarization effect. BaTiO3 (fig. 3.12b) shows a

relatively large substrate termination effect around the (001) peak, around the (002)

peak, however the effect is much smaller.

In the MBE growth of PbTiO3 a continuous flux of PbO is used because the

growth is adsorption controlled (see chapter 2.5). This typically leads to a PbO

terminated layer with a thickness of N+ 1
2 monolayers. The CTR profiles for such

films are shown in figure 3.11c, in order to see if this influences the polarization

effect. From the comparison of figures 3.11c and 3.12c with figures 3.11a and 3.12a,

it is clear that the extra PbO or BaO layer has no qualitative influence on the po-

larization effect on either PbTiO3 or BaTiO3. However, the extra half unit cell does

increase the thickness and for simulation of real experimental data, it has to be

taken into account.

A dead layer is a sublayer with no polarization and can occur in ferroelectric

thin films at the electrode interface. [106] The influence of a very thin dead layer of

only one unit cell at either the top or bottom interface has been modeled. Although

the dead layer in a real sample can be much thicker, figures 3.11d and 3.12d show

that for both PbTiO3 and BaTiO3 the presence of a one unit cell dead layer has

a considerable impact on the CTR profile. The much smaller effect on BaTiO3 is

consistent with the much smaller polar shift and thus, a smaller difference between
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Figure 3.11: Simulated CTR profiles for 25 ML thick PbTiO3 films on SrTiO3. a) The effect
of the polarization direction. b) The effect of the termination. c) The effect of polarization
in the case of an extra PbO top layer. d) The effect of the presence of ML thick dead layers.
K = 4πsin(θ)/λ in units of 2k0 = 4π

λ . aSrTiO3 = 3.905 Å, cPbTiO3
= 4.152 Å and λ = 1.540 Å.
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a polar and a non polar ”dead” unit cell. An important difference between the

effect of dead layers when compared to the polarization effect is that the dead layer

effect is as clearly present on both the high q and low q sides of the Bragg peaks,

whereas the polarization effect is most clear on the high q side.

Closure domains in 180o domain structures, in which the polarization is parallel

to the surface at the top and bottom interfaces [107], are expected to have similar

effect as dead layers on the simulations because they lead to a few unit cells without

out-of-plane polarization. Effects opposite to dead layers have also been proposed,

such as a polar shift occurring in a few unit cells of the the substrate close to the

interface [108] or enhanced polarization at the interfaces [27]. All these effects are

expected to have a similar large influence on the CTR profile.

The large number of interface properties all having an influence on the CTR

profile complicates the application of the model to experimental data. To reduce

the number of parameters, some assumptions have to be made. Moreover, rough-

ness and thickness variations, typical for real samples, have to be included in the

model. The assumptions used for modeling MBE grown PbTiO3 thin films on

SrTiO3 are a perfect TiO2 termination for the SrTiO3 substrate, a complete PbO

termination on the top surface and no dead layers. The roughness is included by

using a Gaussian roughness factor, exp
[−0.5σ2(q − q00L)2], that was applied to the

substrate and film scattering amplitudes. Here, q00L = 2π
Lc , where c is replaced

by a in the case of the substrate. Thickness variations are included by calculating

the total scattering amplitude for a range of thicknesses and adding these using

〈Atotal〉 = ∑i p(Ni)Ftotal(Ni), where p(Ni) is the probability, based on a normal dis-

tribution with a standard deviation σN , for the film to have a thickness Ni. The

MATLAB code used for the simulation of the experimental data can be found in

Appendix A.

An example of these simulations is found in figure 3.13. Simulations of the

same data are shown, using identical parameters except for the fraction of unit

cells with polarization up. The best fit is shown in figure 3.13a and has a 80% of the

polarization pointing up. The first fringe on the right side of the substrate peak is

the feature most sensitive to the polarization direction.
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Figure 3.13: Simulations of experimental data of a 22nm thick PbTiO3 film on SrTiO3. a)
80% of the domains pointing up. b) 100% up polarized. c) 100% down polarized.

3.6 Periodic domains in XRD

Ferroelectric domains can order periodically due to the competition between depo-

larization field and domain wall energy, similar to ferromagnetic materials. [14,22]

This periodicity can be observed using x-ray diffraction techniques. Streiffer et al.

used in-situ synchrotron radiation to observe 180o domains oriented along the c

direction, upon cooling down from the growth temperature [15] The presence of

periodic domain structures was used as evidence that the ferroelectric distortion in

PbTiO3 is stable down to 3 unit cells in polydomain films. [31]

There is a difference in unit cell structure factor between unit cells with different

polarization directions. If there is no difference in lattice parameters, which is the

case with 180o domains, this is not easily observed. However, if the 180o domains

order periodically, the resulting periodic difference in structure factor between both

domains leads to extra diffraction peaks. In the direction perpendicular to the 180o

domain walls, a pair of up and down domains can be considered as a unit cell of

the superstructure. Whether the superstructure peaks can be observed depends on

the direction of the polarization. The structure factor (section 3.2.1) of a unit cell is
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given by

FUC(q) = ∑ f j(q)ei(qx·xj+qy·yj+qz·z j) (3.31)

where f j(q) are the atomic form factors and the sum is over the atoms of one unit

cell. From equation (3.31) it can be seen that, for a polarization that is along z, qz

must be non-zero for the superstructure to be visible. Thus periodic 180o domains

can be observed along the reciprocal lattice vector of the domain structure, only

around a film peak with an out-of-plane component of the scattering vector.

The approach for calculating truncation rods as described in section 3.2.1 was

extended to two dimensions. The scattering amplitude of a film plus substrate

CTR was taken as the new unit for a lattice sum which runs over the width of

a single domain. When this single domain is added to the oppositely polarized

domain using the correct phase shift, the scattering amplitude of a single domain

period is obtained. This domain period scattering amplitude is then summed from

0 to infinity. To maintain the symmetry of the substrate, the intensities of domain

periodicities along one in-plane direction as well as the perpendicular direction are

added. This gives rise to the fourfold symmetry observed in the simulations in

figure 3.14.

Figure 3.14 shows simulations of reciprocal space maps around various PbTiO3

diffraction peaks for a 25 monolayer thick film with 15 unit cell wide 180o domains

along both the (100) and (010) directions. Figure 3.14a shows a RSM in (H0L)

scattering plane around the (001) peak of PbTiO3. Satellites are visible along the

in-plane direction. These satellites follow the features of the film CTR along the

out-of-plane direction, showing that the domains are present across the film thick-

ness. Figure 3.14b shows a RSM in the (HK0) plane around the same (001) peak of

PbTiO3. There are satellites along both the [100] and [010] directions. To maintain

the overall four-fold symmetry of SrTiO3, it is expected that periodic domains are

formed along both [100] and [010]. To model this behavior, the intensities of do-

main structures with (100) and (010) domain walls are added. Intensities, rather

than scattering amplitudes, are added, because it is assumed that the coherence

length is smaller than the regions of uniform domain orientation. Figures 3.14c &
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component to the scattering vector.

d illustrate the difference between scattering vectors with and without an out-of-

plane component. While figure 3.14c shows satellites, similar to figure 3.14b, figure

3.14d shows no superstructure.

The spacing between the satellites and the Bragg peak gives the domain peri-

odicity [109]

Λ =
λ

2Δk
(3.32)

where Δk is expressed in terms of 2k0(=4π/λ) and λ is the x-ray wavelength. In

the case of perfect 180o domains, where the fractions of up and down domains

are exactly equal, only the odd orders of the satellites are observed. If there is a

majority polarization, the even orders should be visible as well [15].
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Figure 3.15: a) Temperature evolution of the satellite peaks. The satellites disappear above
TC, but reappear upon cooling (b).

Figure 3.15 shows the temperature evolution of the satellite peaks observed dur-

ing this thesis work in a 18 nm thick Pb0.97Sr0.03Ti3 thin film grown on SrTiO3. At

50oC the satellite spacing is Δk ≈ 0.044, which corresponds to a domain periodicity

Λ = 17.5 nm. With increasing temperature there is little change in satellite spacing,

but a decrease in intensity is observed. Above TC ≈ 625oC, the satellites have com-

pletely disappeared. Upon cooling the film, the satellites reappear at exactly the

same spacing (figure 3.15b).

The small extent of change in domain periodicity with increasing temperature

seems remarkable in the light of theories on equilibrium domain structures [14,

15, 22]. Based on these theories, one would expect the domain periodicity to scale

with the polarization and thus with temperature. However, no clear shift of the

satellites is observed. A possible explanation for this is that a change in the overall

periodicity would imply quite large domain wall shifts. A 1 nm increase in one

period seems small, but it implies a shift of 100 nm for the domain wall which

is 100 periods away. Such big shifts can be kinetically unfavorable. The fact that

exactly the same domain periodicity is recovered after cooling may have the same

origin: The domain structure forms below TC and its periodicity does not change

anymore upon cooling further.

Simulations of the reciprocal space maps of periodic domain structures, such

as shown in figure 3.14, are very useful for determining the domain structure and

polarization direction. The presence or absence of satellites in certain directions
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and positions in q-space depends on both the domain structure and direction of

the polarization in the domains. The absence of satellites at peaks without an out-

of-plane component (see figure 3.14d), in case of c-oriented 180o domains, is an

example of this.

Simulations of periodic domain structures in ferroelectrics were also reported

by Takahashi et al. [110] The focus of their simulations was towards domain ran-

domness and domain compensation. The main result from their simulations is that

the width of the satellite peaks increases if there are random variation in the domain

width. Moreover, the apparent Δk (the peak maximum) shifts to smaller values.

This shift is important to bear in mind when interpreting experimental data.

3.7 Conclusion

X-ray diffraction can be used as a probe for ferroelectricity in various ways. The

tetragonality can give the magnitude of the polarization of the unit cell, and its

temperature dependence. In sufficiently smooth films analysis and simulation of

the specular scans can give information on the direction of the polarization and

fractions of domains. Additionally, if the domains are periodic, the presence of

satellites can give information about the domain periodicity as well as the direc-

tion of the polarization. However, as all described methods are indirect probes of

the polarization and modeling is required to analyze the data, care has to be taken

when interpreting the data. The ability to extract the polarization, the transition

temperature, the direction of the polarization and domain structure from measure-

ments not requiring electrodes is very convenient for studying effects of strain,

where the addition of an electrode layer adds to the complexity of the system, both

in growth and the analysis of the strain.





Chapter 4

Ferroelectrics grown in the

ferroelectric phase

4.1 Introduction

In theoretical descriptions of ferroelectricity, the ferroelectric phase is considered

to be a distortion of the paraelectric high-temperature phase. For PbTiO3 this

means that the cubic paraelectric unit cell is distorted by some self-strain result-

ing in the tetragonal ferroelectric unit cell [34]. In addition most theoretical ap-

proaches to domain formation explicitly or implicitly assume domain formation

upon cooling from a paraelectric phase [14, 15, 22]. In most bulk ferroelectrics this

approach is valid as the processing temperatures are typically much higher than

the ferroelectric transition temperature. [111, 112] Thin film growth typically uses

lower processing temperatures than bulk solid state reactions. Moreover, the ap-

plication of epitaxial strain is known to increase the transition temperature of fer-

roelectrics. [1,3,44] In PbTiO3, these combined effects lead to the interesting case in

which the ferroelectric transition temperature is increased above the growth tem-

perature.

To study the effect of growing thin films in the ferroelectric phase, fully strained

thin films of PbxSr1−xTiO3 were grown on SrTiO3 substrates. Strontium substitu-

tion was used to tune the transition temperature. Temperature dependent XRD

69



70 Ferroelectrics grown in the ferroelectric phase

16 18 20 22 24

10
0

10
2

10
4

10
6

In
te

n
s
it
y

(c
o

u
n

ts
/s

)

2�(�)

20 30 40 50

10
0

10
2

10
4

10
6

In
te

n
s
it
y

(c
o

u
n

ts
/s

)

2�(�)

Figure 4.1: 2θ-ω scan of a 23 nm thick PbTiO3 thin film on SrTiO3. The crosses are the
experimental data. The solid line is a simulation of the data as described in section 3.5

was used to study the polarization evolution and transition temperatures.

4.2 Experimental

4.2.1 PbTiO3 on SrTiO3

Epitaxial thin films of PbTiO3 were grown using MBE as described in section 2.5.

Figure 4.1 shows a XRD 2θ-ω scan of a 23 nm thick PbTiO3 film grown on a (001)

oriented SrTiO3 substrate. The solid line is a simulation of the experimental data

around the (001) reflection using the method described in section 3.5. The out-of-

plane lattice parameter c is found to be 4.115 Å and the roughness is 2 Å. The thick-

ness and roughness obtained from the simulation are in good agreement with the

values obtained from x-ray reflectivity measurements and atomic force microscopy,

respectively.

The epitaxial coherence of the films is verified using off-specular reciprocal

space maps (RSM) around the (103) reflection. At room temperature, the differ-

ence between the bulk PbTiO3 a lattice parameter (3.904 Å) and the cubic SrTiO3

lattice parameter (3.905 Å) is very small. [60] This can make it difficult to verify

epitaxy from a RSM measured at room temperature. At elevated temperatures this
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difference increases, and it becomes easier to distinguish between a fully epitax-

ial and a relaxed film. Figure 4.2 shows a (103) RSM of a PbTiO3 film measured

at 625oC. It can be seen that the in-plane film lattice parameter is identical to the

substrate lattice parameter.

As the films are confirmed to be coherently strained, linear 2θ-ω scans can be

used to determine the tetragonality. By measuring the tetragonality as a function of

temperature, the temperature behavior of the polarization and the transition tem-

perature can be obtained (see section 3.4). Figure 4.3 shows the tetragonality versus

temperature for a 18 nm thick PbTiO3 film on (001) SrTiO3. Below the ferroelectric

to paraelectric transition temperature, the tetragonality decreases with increasing

temperature, as the polarization decreases. Above the transition temperature the

tetragonality is nearly constant with temperature, since the thermal expansion for

the film and the substrate are nearly identical. From figure 4.3 it can be seen that

upon heating for the first time (filled circles), TC = 725oC, which is higher than the

bulk value of 490oC. This increase in TC is in agreement with Ginzburg-Landau the-

ory. [3] Upon cooling of the film (open circles), the transition temperature and the

tetragonality in the ferroelectric phase have decreased. When the experiment is re-

peated on the same film (filled and open squares), no further changes are observed.

Therefore, three key observations are made upon heating to the paraelectric phase
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Figure 4.3: Temperature dependence of the tetragonality of a 23 nm thick PbTiO3 film on
SrTiO3. An irreversible change occurs, when cooling from the paraelectric phase for the
first time, subsequent heating and cooling runs are reproducible

and cooling down for the first time: A decrease in Tc, a decrease of the tetragonality

in the ferroelectric phase and no significant change of the tetragonality in the para-

electric phase. A priori, possible explanations for these observations are sample

damage through the loss of lead from the film, relaxation of the epitaxial strain or

an increase of the effective depolarization field.

Indeed, sample damage through loss of PbO is something to consider when

working with PbTiO3 at elevated temperatures. PbTiO3 can decompose to from

TiO2 and gaseous PbO. Decomposition leads to residual TiO2, which is not fer-

roelectric. However, this would be a surface process and thus, it is unlikely that

decomposition would lead to a smaller overall lattice parameter of the perovskite

phase as observed. The creation of Pb defects throughout the films is another mech-

anism for lead loss. This has been reported to decrease both TC and the tetragonal-

ity in bulk PbTiO3 [113]. However in this case, the paraelectric lattice parameters

should also be affected, which does not agree with the observations. Moreover, one

would expect the formation of lead vacancies to be a continuous process leading to

a decrease TC and tetragonality at each cycle, contrary to our experimental results.

The second possible explanation is that a higher compressive strain leads to a

higher polarization and a higher TC, and therefore relaxation of that strain would

lead to a smaller TC and tetragonality. Strain relaxation can thus explain two of
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Figure 4.4: XRD results on 23 nm PbTiO3 on SrTiO3a) X-Ray reflectivity scans before and
after various heating-cooling cycles. After the first cycle there is a clear decrease in film
thickness and electron density. b) 2θ-ω scans before and after various heating-cooling cy-
cles. Some extra peaks appear.

our key observations. Such a strain relaxation model for the thermal history de-

pendence was proposed by Venkatesan et al. for thicker PbTiO3 films grown by

PLD [25]. However, a difference in the paraelectric phase between heating up and

cooling down is expected. In the as-grown sample, during heating from room tem-

perature, the strain is large, leading to a high TC. This high strain would lead to a

tetragonally deformed paraelectric unit cell. If (some) of this strain is released after

crossing TC for the first time, the tetragonality of the paraelectric phase should go

down as well. This is not in agreement with the observations of figure 4.3.

The depolarization field opposes the polarization and thus acts to suppress

the ferroelectric distortion. A larger depolarization field would lead to both a

smaller TC and a smaller tetragonality, as observed. Moreover, the paraelectric

phase would be unaffected, as there is no polarization and thus no depolarization

field. An increasing depolarization field thus seems to be the most likely expla-

nation. However, when looking at the XRD patterns (figure 4.4) and AFM images

(figure 4.5) in more detail, however things appear to be more complicated.

The reflectivity scans in figure 4.4a clearly show a decrease in thickness of the

film after the first heating run. Moreover the critical angle also shifts to lower val-

ues, which would indicate a decrease in electron density. Simulations of the reflec-

tivity curves [94] give a thickness of 23.0 nm for the as-grown film, which decreases
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Figure 4.5: AFM topography images for 23 nm PbTiO3 on SrTiO3. a) As grown b) After 2
heating cycles. On the edges of the image recrystallization features can be seen.

to 21.7 nm after the first run. This change is much bigger than would be expected

from the observed lattice parameter change (4.1157 Å versus 4.1015 Å). Also the

electron density decreases from 1.97 e−Å−3 to 1.8e−Å−3. Both are consistent with

sample damage and loss of Pb. In the 2θ-ω scans shown in figure 4.5b, extra peaks

appear after heating. The extra peaks (when compared to figure 4.1) are observed

at 28.55o (3.12Å), 37.91o (2.37Å) and 43.40o (2.08Å). The peak at 2.37Å appears al-

ready at room temperature and comes from the sample holder. The peak at 2.08 Å

appears occasionally irrespective of the film material. Most likely it is related to sil-

ver from the sample holder, as the peak position is relatively close to the (002) peak

of silver (2.04 Å) [114]. The origin of the peak at 3.12Å does not seem to be of extrin-

sic origins and may originate in the decomposition of PbTiO3. Wider 2θ-ω scans

also show a lower order peak at 6.24Å. These peaks are possibly pyrochlore phases

such as Pb2Ti2O7 or PbTi3O7 [115] (the latter is more likely as it is lead-poor).

AFM images before and after two heating cycles are shown in figure 4.5. Figure

4.5a shows the morphology of the as-grown film surface. Unit cell steps are vis-

ible, the RMS roughness is 3Å. After heating there are two different features on

the surface: 1) the unit cell steps are not visible anymore and a network of cross-

ing lines is visible (figure 4.5b). 2) big (re)crystallized features are also observed

(edges of figure 4.5b). The network of lines observed in figure 4.5b resembles a dis-

location grid [116] and thus may be interpreted as a sign of strain relaxation. The

recrystallization may be related to the pyrochlore peaks observed in XRD.
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Figure 4.6: a) Ratio between surface of the Pb 4d and Sr 3p XPS peaks as a function of tSr
b) Transition temperature as a function of tSr

The experimental data of pure PbTiO3 on SrTiO3 is not conclusive as to what

mechanism is responsible for the irreversible change observed upon cooling from

the paraelectric phase for the first time. Although there are clear signs of sample

damage and relaxation, a change in effective depolarization field qualitatively pro-

vides the best model to the data in figure 4.3. Moreover it is unclear, if this anoma-

lous behavior originates from the fact that the films are grown in the ferroelectric

phase. More insight about this issue will be given in the next sections.

4.2.2 PbxSr1−xTiO3 on SrTiO3

Substitution of Pb by Sr in the PbTiO3 structure decreases TC, the magnitude of the

polarization and the size of the unit cell [117–119]. Thus Sr substitution can be used

to decrease TC below the growth temperature and grow in the paraelectric phase.

By comparing the results on pure PbTiO3 films grown in the ferroelectric phase

and PbxSr1−xTiO3 films grown in the paraelectric phase, more information about

the effect of growing in either phase can be obtained.

The growth of PbxSr1−xTiO3 was described in section 2.5. The parameter defin-

ing the Sr/Pb ratio is the time the Sr shutter was open during the growth of each

monolayer, tSr. Determining the absolute Sr/Pb ratio proved to be difficult. Through-

out this section tSr is used to define the composition. Figure 4.6 shows the depen-

dence with tSr of the ratio between area of two characteristic XPS peaks and the

transition temperature. The XPS results show that the surface ratio of Sr 3p and Pb
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Figure 4.7: Temperature dependence of the tetragonality of PbxSr1−xTiO3 thin films with
various compositions (tSr). The tetragonality and TC decrease with increasing Sr content.
The difference between the heating and cooling curves observed for pure PbTiO3, is not
observed at any Sr content

4d varies with tSr. The expected linear scaling with tSr, is not displayed in the whole

range. However, there are some reasons why this parameter may not give realistic

composition ratios: The surface sensitivity of XPS and the other peaks present have

to be taken into account. The transition temperature, Tc scales linearly with the Sr

content of the films for low Sr contents.

Figure 4.7 shows heating and cooling curves for the tetragonality of PbxSr1−xTiO3

with various compositions. In contrast to pure PbTiO3, the heating and cooling

lines do collapse. This is in agreement with the hypothesis that there is a difference

between films that are grown in the ferroelectric phase and films that are grown in

the paraelectric phase, as all PbxSr1−xTiO3 films are grown at temperatures above

TC.

Figures 4.8 and 4.9 show the XRD and AFM results on PbxSr1−xTiO3 films. The

heating cycle in this case was up to a temperature of 600oC. In contrast to the PbTiO3

films, no change in thickness is observed in figure 4.8a (the thickness found is 18.6

nm). The 2θ-ω scans (figure 4.8b) show no additional peaks related to the sample

after heating. The extra peak observed at 2.37Å is related to the sample holder. The

AFM image before heating (figure 4.9a) shows terrace steps, the RMS roughness

being 2Å. After one heating cycle, some particles appear at the surface (figure

4.9b), the terrace steps are still visible though. The RMS roughness has increased

to 10Å, due to the particles. The origin of these particles is unclear, but they seem
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Figure 4.8: XRD measurements on 18.6 nm PbxSr1−xTiO3 (tSr = 6 s.) on SrTiO3 a) X-Ray
reflectivity scans before and after the first heating-cooling cycle. No clear thickness change
is observed b) 2θ-ω scans before and after the first heating-cooling cycle. No extra peaks
appear (apart from the peak at 37.9o that arises from the heater).
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Figure 4.9: AFM topography images for 18 nm PbxSr1−xTiO3 (tSr = 10 s.) on SrTiO3. a) As
grown. b) After 1 heating cycle.
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Figure 4.10: 2θ-ω scan off a 18.6 nm PbxSr1−xTiO3 (TSr = 6 s.) on SrTiO3 after a heating
cycle up to 800oC. An extra peak appears at 28.54o (3.12 Å). The peak at 37.9o that arises
from the heater

to be extrinsic in origin. Diffused silver from the sample holder or silver paint is a

possible origin.

The transition temperature of the PbxSr1−xTiO3 films is lower than that of the

PbTiO3 films, and thus, the maximum temperature used to measure the tetrago-

nality was lower. To be able to compare the effects of high temperature with the

PbTiO3 films, a sample was heated to the same maximum temperature as used

for PbTiO3, which was 800oC. From this measurement, no change in TC was ob-

served. The tetragonality was only slightly smaller, the decrease in tetragonality

was never more than 0.001. Figure 4.10 shows the 2θ-ω scan measured after heat-

ing to 800oC. However, the peak at 3.12Å, which is related to sample damage due

to some Pb loss is now visible. This shows that some sample damage also occurs in

the PbxSr1−xTiO3 thin films, but this has no influence on the transition temperature.

4.3 Landau-Ginzburg theory simulations

4.3.1 PbTiO3 on SrTiO3

One of the conclusions in section 4.2.1 was that an increase of the effective depo-

larization field could explain the observations of figure 4.3. Landau-Devonshire

theory modeling was used to test this hypothesis in a more quantitative manner.

The simulations were based on the free energy expansion including epitaxial
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Figure 4.11: Simulation of the temperature dependence of the tetragonality of a PbTiO3
thin film on SrTiO3. The parameters used for the simulation were identical for both lines
except for the depolarization field related term.

strain, as described by Pertsev et al [3], see section 1.4.2. The depolarization field

has a linear dependence on the magnitude of the polarization and is inversely pro-

portional to the thickness. The free energy associated with ED is EDP, so effectively

ED is a renormalization of the P2 term of the free energy. The depolarization field

can be expressed as:

ED =
ν

d
P (4.1)

where d is the film thickness, The scaling of the depolarization field with the po-

larization is represented by ν (m2/F). The screening length of the surface electrons

and the effect of domain formation are both included in ν, which is used as an

adjustable parameter in our simulations. The polarization is obtained from mini-

mizing the free energy at various temperatures. The tetragonality is obtained from

the polarization using:

c
a

= (1 − um)(1 − 2
c12um

c11
+

g11

c11
P2) (4.2)

In this equation, um is the misfit strain, cii and gii are the elastic stiffness and elec-

trostrictive constants, respectively. [102] The misfit strain, um, in our model is taken

to be independent of temperature as the thermal expansion of high temperature

cubic PbTiO3 and SrTiO3 are very similar. [84]

The experimental results for pure PbTiO3 on SrTiO3 were simulated using only

the misfit strain, um, and the depolarization field term, ν, as adjustable parameters.
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Figure 4.12: Alternative simulations of the tetragonality of a 23 nm thick PbTiO3 film on
SrTiO3 upon cooling from the paraelectric phase for the first time. Only the misfit strain is
changed compared to the simulation of the heating curve in figure 4.11.

Heating 1 Cooling 1
(fig. 4.11) ED fit (fig. 4.11) um fit (fig. 4.12)

t(nm) 23 23 23
um (%) -1.01 -1.01 -0.88
ν (m2/F) 0.25 0.67 0.25

Table 4.1: Parameters used for the simulations shown in figures 4.11 and 4.12

The misfit strain was chosen to fit the tetragonality in the high temperature para-

electric phase. The depolarization term, ν, was chosen to fit the observed T c. Figure

4.11 shows the simulation of some of the data in figure 4.3. The only difference be-

tween the simulations for the heating and cooling curves is in the depolarization

parameter, ν. The misfit strain was -0.0101 in both cases.

Figure 4.12 shows another simulation of the cooling curve of the 23 nm thick

PbTiO3 film on SrTiO3. Compared to the simulation of the heating curve in figure

4.11, only the misfit strain, um, is changed to fit the lowered transition temperature.

Although the tetragonality in ferroelectric phase is modeled reasonably well, this

model predicts a tetragonality in the paraelectric phase which is significantly lower

than the one observed experimentally. The effect of lead loss has not been mod-

eled, as there are no Landau coefficients known for lead deficient PbTiO3. From

these simulations we conclude that strain is not the main parameter accounting

for the difference between the heating and cooling runs in figure 4.11 and that the



4.4 Truncation Rod simulations 81

20 21 22 23 24

10
0

10
2

10
4

10
6

In
te

n
s
it
y

(c
o

u
n

ts
/s

)

2�(�)

a) b)

20 21 22 23 24

10
0

10
2

10
4

10
6

In
te

n
s
it
y

(c
o

u
n

ts
/s

)

2�(�)

Figure 4.13: Simulations of the CTR profiles of a 20.4 nm PbTiO3 film on SrTiO3. a) As
grown. b) After heating to the paraelectric phase

As-Grown 1 Heating Cycle
Thickness (ML) 49 47

aSrTiO3 (Å) 3.903 3.903
cPbTiO3 (Å) 4.115 4.10

Domain fraction up 0.75 0.45
RMS roughness (Å) 2 2

Thickness FWHM (ML) 2.5 2
PbO coverage 1 0

Table 4.2: Parameters used for the CTR simulations shown in figures 4.4

depolarization field seems to be the main difference between the two.

4.4 Truncation Rod simulations

The increasing depolarization field is modeled using the parameter ν, which con-

tains contributions of charge screening and the presence of domains. If the sizes

of up and down domains are exactly equal, all surface charges are compensated

and there would be no depolarization field. Short circuited electrodes with zero

screening length would have the same effect. In principle, separating the influence

of domains and electron screening is impossible without experimental evidence

about either effect.

In section 3.5 it was shown that simulations of the CTR profiles give informa-

tion on the fraction of domains in either the up or down polarization direction.
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Therefore, applying this method to 2θ-ω scans measured before and after heating

to the paraelectric phase could give quantitative information on the change in do-

main structure. Figure 4.4 shows 2θ-ω scans around the (001) reflection measured

before and after heating. The solid lines are the simulations using the parameters

given in table 4.2. It was assumed for the simulations that the top surface PbO

layer present in the as-grown film has evaporated during the heating cycle. The

thickness decrease during the heating cycle is 2 unit cells, in addition to the lost

PbO top layer. Combined with the change in c lattice parameter this makes a total

thickness decrease of 11 Å, which is comparable to the thickness decrease observed

from reflectivity for a similar sample (see section 4.2.1). Surprisingly, no change is

found in the roughness and thickness variation before and after heating.

The domain fraction up is found to change from 0.75 in the as-grown film to 0.45

after heating. Qualitatively this change can be noticed by the extra fringe right of

the SrTiO3 substrate peak in figure 4.4. This fringe can only be modeled reasonably

well using a majority polarization down, whereas the majority polarization is in the

up direction before heating. This shift in majority polarization shows that there is a

quite significant change in domain structure. The uncompensated domain fraction,

n = |nup − ndown|, which should scale with the depolarization field parameter, ν,

decreases from 0.5 in the as-grown film to 0.1 after heating.

From the Landau theory simulations it was found that ν increases to give a

lower transition temperature. Although the numbers from the truncation rod sim-

ulations have to be treated carefully, an improved domain balance after cooling

from the paraelectric phase is found. This implies that a different mechanism has

to be responsible for the increase in depolarization field.

4.5 Discussion

The observations shown in figure 4.3 (a different behavior after the film has visited

the paraelectric phase for the first time) can, in principle, originate in strain re-

laxation, lead loss or a change in the effective depolarization field. Qualitatively,
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the Pb loss and strain relaxation hypotheses are not able to explain the behav-

ior in the paraelectric phase, as both predict a lowering of the tetragonality also

there. Landau-Ginzburg theory simulations have also shown that a strain relax-

ation model does not fit the experimental data very well, quantitatively (see fig-

ure 4.12). However, experimental data does indicate the presence of some Pb loss.

AFM results suggest the presence of dislocations (see figure 4.5), but reciprocal

space maps measured at high temperature after heating to the paraelectric phase

still shows a perfect lattice match (see figure 4.2). Combining these experimental

observations and the Landau-Ginzburg modeling, leads to the conclusion that de-

spite the possible presence of dislocations, the overall strain state is maintained and

that strain relaxation is not the driving force for the transition temperature change

that is observed. Heating PbxSr1−xTiO3 films to the highest temperature that has

been used in the PbTiO3 temperature cycles, results in some sample damage, com-

parable to what is observed in PbTiO3. However, the transition temperature and

tetragonality are not affected. This strongly indicates that although sample damage

due to Pb loss does occur, it is not the direct origin of the observations of figure 4.3.

Comparison of the experimental data on both PbTiO3 and PbxSr1−xTiO3 thin

films shows that the sample history has a clear influence on the film properties.

Ferroelectric films that have been in the paraelectric phase show reproducible be-

havior upon heating and cooling, whereas films that have not been in the paraelec-

tric phase undergo an irreversible change when cooled from the paraelectric phase

for the first time. The Landau-Ginzburg theory simulations show that an increase

of the depolarization field can explain these observations reasonably well.

The results from the truncation rod simulations suggest that the direction of

the total polarization changes, and the charge compensation through domains im-

proves, after visiting the paraelectric phase. The presence of RHEED electrons

during growth can have an important influence on the polarization and domain

structure of the growing film. The observation that the direction of the polariza-

tion switches from down polarized to up polarized may be a result of an electric

field caused by the RHEED electrons. As ferroelectric thin films can be ferroelectric

from a thickness of 3 unit cells [31], a domain structure will form during growth
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when the film becomes ferroelectric, this thickness will be much lower than the fi-

nal thickness. A Kittel like scaling law [14, 15, 22] will then give a short domain

period. This domain pattern will then act as a template for the rest of the growing

film and can give rise to a non-equilibrium domain structure. Upon cooling from

the paraelectric phase the equilibrium 180o domain structure can form providing

better charge compensation.

As the change in domain structure can not explain the conclusion from the

Landau-Ginzburg simulations, there must be a different mechanism responsible

for the increase of the effective depolarization field. The depolarization field orig-

inates in surface charges, thus a change in the (top) surface is likely to affect the

screening. The formation of a more insulating surface may lead to a larger depolar-

ization field. From the experimental results it is clear that some surface degrada-

tion, due to lead loss, occurs when heating the film to the paraelectric phase. Layers

of lead poor species such as TiO2 or pyrochlore, or just the loss of the top PbO layer,

may be able to provide a more insulating surface. Such a mechanism would affect

PbxSr1−xTiO3 films heated to a temperature high enough for sample damage in a

similar way. However, experimental results show no tetragonality and TC change,

for the PbxSr1−xTiO3 samples heated up to 800oC, which do show signs of sample

damage.

Conduction through the film is another pathway to get rid of surface charges.

If the conductivity of the film decreases upon cooling from the paraelectric phase,

this could also be the origin of the increased depolarization field. Leakage in thin

films typically takes place due to structural defects and is, thus, more likely in the

very thin films. Figure 4.14 shows: a) a piezoresponse microscopy image of a 9

ML thick PbTiO3 film grown by MBE on SrTiO3, with a SrRuO3 electrode layer

and b) a conductive AFM image of the same area.1 The effect of the polarization

on the resistance is due to the tunneling electro resistance effect. [120, 121] In the

conductivity map also some low resistance spots can be seen. These are most likely

due to structural defects and responsible for most of the leakage. If the density of

1Measurements conducted at 1Unit Mixte de Physique CNRS/Thales (Paris, France) by Arnaud
Crassous, Vincent Garcia and Manuel Bibes
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Figure 4.14: a) Piezoresponse microscopy of poled areas on a 9 ML thick PbTiO3 film grown
on SrRuO3/SrTiO3. The light areas have polarization up and the dark areas polarization
down. The unwritten areas have mixed polarization. b) Conductive AFM image on the
same region. The effect of the polarization on the resistance is due to the tunneling electro
resistance (TER) effect. [120] The measurements are conducted at 1Unit Mixte de Physique
CNRS/Thales (Paris, France) by Arnaud Crassous, Vincent Garcia and Manuel Bibes

such defects decreases by heating to the paraelectric phase, this could explain the

increase in effective depolarization field.

4.6 Conclusion

PbTiO3 films and PbxSr1−xTiO3 films were grown on SrTiO3 using MBE. Under

the growth conditions used, pure PbTiO3 grows in the ferroelectric phase, whereas

PbxSr1−xTiO3 of the studied compositions grows in the paraelectric phase. The

quality of the films was verified using XRD and AFM. Reciprocal space maps at

elevated temperatures were used to confirm the epitaxial coherency.

Following the tetragonality as a function of temperature for the PbTiO3 films

grown in the ferroelectric phase, led to the observation that there is an irreversible

change in TC and tetragonality when the films are heated to temperatures above the

growth temperature for the first time. The absence of this irreversible change in the

case of PbxSr1−xTiO3 shows that this change occurs because to the PbTiO3 films are

grown in the ferroelectric phase and after heating they cross TC for the first time.

An increase in the depolarization field when cooling from the paraelectric phase

can explain the observations.

Landau theory modeling is used to show in a more quantitative manner, that
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the hypothesis of an increased depolarization field holds. Simulation of the CTR

profiles of PbTiO3 films before and after cooling from the paraelectric phase reveals

that, although a significant change in domain structure seems to occur, this cannot

directly explain the increased depolarization field.

As leakage can also decrease the effective depolarization field, a decrease in the

leakage after heating the films to the paraelectric phase can explain the increased

depolarization field. Conductive AFM measurements show that leakage paths are

indeed present in ultra-thin PbTiO3 films. A decrease in the defects responsible for

the leakage during heating would lead to a higher resistance and a higher depolar-

ization field.



Chapter 5

Strain and composition tuning

5.1 Introduction

The concept of strain engineering has resulted in beautiful experimental results,

such as the observation of ferroelectric SrTiO3 at room temperature [4]. However,

it is difficult to fully employ the wealth of possibilities suggested by the theory

[44, 122]. The limited number of suitable substrate materials is an important factor

in this. For instance, two of the substrates that have the best lattice match with

PbTiO3 are SrTiO3 and DyScO3, but there is more than a percent difference between

the (pseudo)cubic lattice parameters of these substrates. This is quite a big step

in a strain phase diagram. Moreover, a too large mismatch will induce various

relaxation mechanisms that will prevent strain accommodation. [22, 123]

3
.9

0
Å

4
.0

0
Å

SrTiO3 DyScO3

SrTiO3 PbTiO3

substrate lattice
parameter

cubic bulk
lattice parameter

Pb Sr TiOx 1-x 3

Figure 5.1: Comparison of the lattice parameter of SrTiO3 and DyScO3 substrates and
PbxSr1−xTiO3 thin films.
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88 Strain and composition tuning

Composition can be used to fine tune the magnitude of the strain as the lat-

tice parameter varies between the two end members of a solid solution. Above

room temperature, Sr-substituted PbTiO3 does not show other phases than the

paraelectric cubic and ferroelectric tetragonal phase of PbTiO3 [119]. This makes

it a very suitable system to study the combination of strain and composition. Fig-

ure 5.1 schematically shows the cubic lattice parameters of SrTiO3 and DyScO3

substrates at room temperature, as well as those of bulk PbTiO3 and SrTiO3. By

varying the composition the strain can be tuned to be less compressive in the case

of PbxSr1−xTiO3 on SrTiO3 and from slightly compressive to tensile in the case of

PbxSr1−xTiO3 on DyScO3.

In this chapter, PbxSr1−xTiO3 thin films grown on both SrTiO3 and DyScO3 are

studied to explore the applicability of strain and composition tuning. Landau-

Ginzburg theory is used to calculate the expected phase diagrams. Standard and

grazing incidence diffraction techniques are used to study the properties of PbxSr1−xTiO3

thin films grown by MBE.

5.2 Theoretical Predictions

Landau-Ginzburg theory is used to calculate the phase diagrams of PbxSr1−xTiO3

on SrTiO3 and DyScO3 as a function of composition. These phases diagrams are

used as a guide to the experiments.

The Landau coefficients of PbxSr1−xTiO3 have been constructed from the coeffi-

cients of the end members of the solid solution. For all coefficients except the tem-

perature dependent coefficient a1, a linear combination of the PbTiO3 and SrTiO3

coefficients is used, of the form:

aPbxSr1−xTiO3 = x · aPbTiO3 + (1 − x) · aSrTiO3 (5.1)

This approach is similar to that described for PbTiO3/SrTiO3 superlattices [124]

and BaxSr1−xTiO3 solid solutions [125]. For a1, it leads to a non-linear composition

dependence of the transition temperature, whereas experimental results [117–119]

clearly show a linear dependence, as can be seen in figure 5.2. As a1 = α1(T − Tc),
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Figure 5.2: Transition temperature of PbxSr1−xTiO3 versus the Pb content x. The solid line
is calculated from Landau theory, using equation 5.1 to determine the coefficients. The data
points are taken from various literature sources [117–119].

the correct expression is found by taking a linear dependence with x for both α1

and Tc, as following:

a1,PbxSr1−xTiO3 = [x ·αPbTiO3 + (1− x) ·αSrTiO3 ] · [T − x · TC,PbTiO3 − (1− x) · TC,SrTiO3 ]

(5.2)

A free energy expansion, including epitaxial strain, as described by Pertsev et al

[3] has been used, see section 1.4.2, in principle the misfit strain depends on both the

composition and temperature, because of differences in thermal expansion between

film and substrate. The lattice parameters of the room temperature cubic non-polar

PbxSr1−xTiO3 unit cell were found by interpolating between the unit cell volume

measured by Xing et al. [119] at room temperature for Pb0.5Sr0.5TiO3, which is cubic

and paraelectric, and the unit cell volume for PbTiO3 [84, 104]. As the thermal

expansion for PbTiO3 and SrTiO3 are almost equal [84], the thermal expansion of

PbxSr1−xTiO3 is assumed to be the same as that of PbTiO3. Thus, for PbxSr1−xTiO3

films on SrTiO3, a temperature independent strain is used. For PbxSr1−xTiO3 on

DyScO3 the thermal expansion for DyScO3 was taken from Biegalski et al. [78]. As

the thermal expansion of DyScO3 does significantly differ from that of PbTiO3, in

this case, the strain is temperature dependent.

To simplify the model, the small anisotropy in the lattice parameters of the (110)
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Figure 5.3: Calculated phase diagram for PbxSr1−xTiO3 strained on SrTiO3.

DyScO3 plane (3.945Å vs 3.947Å) was neglected, and the average of the a and b lat-

tice parameters was used as the in-plane lattice parameter. The Landau-Ginzburg

approach used considers uniform polarization throughout the film, thus possible

domain formation is not taken into account. The free energy expansion was mini-

mized with respect to the Cartesian components of the polarization (along the axes

of the perovskite unit cell). Depending on the solution, the ferroelectric phase was

assigned. The possible ferroelectric phases can be found in table 1.1 in section 1.4.1.

For PbxSr1−xTiO3 on SrTiO3, the c phase is the only stable ferroelectric phase.

The calculated phase diagram can be found in figure 5.3. SrTiO3 is paraelectric

down to 0K, so the presence of Sr destabilizes the ferroelectric distortion leading to

a lower polarization and transition temperature (see the bulk phase diagram, figure

5.2). [117–119] Compressive epitaxial strain stabilizes the c ferroelectric distortion

leading to transition temperatures higher than bulk [1,3]. The strain effect decreases

with increasing Sr content. The combination of the composition effect and the strain

effect leads to a decrease in Tc that is steeper than in the bulk case.

Strained to a DyScO3 substrate, PbxSr1−xTiO3 shows a much richer phase dia-

gram, as shown in figure 5.2. In this case the misfit strain goes from a very small

compressive strain for pure PbTiO3 to a tensile strain, that increases with increas-

ing Sr content. This tensile strain stabilizes polarizations along directions different

from the c direction. At high x, PbxSr1−xTiO3 is still a c phase ferroelectric, shifting

to an aa phase ferroelectric at low x, with an intermediate r phase. The composition
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Figure 5.4: Calculated phase diagram for PbxSr1−xTiO3 strained on DyScO3.
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Figure 5.5: Simulations of the temperature dependence of the tetragonality of a
PbxSr1−xTiO3 thin film on SrTiO3.

effect gives rise to the decrease in Tc. The steep phase boundaries between the c, r

and aa phase are expected to show enhanced properties, similar to the MPB in PZT

(section 1.3). In the rest of the chapter we will test these predicted phase diagrams

experimentally.

5.3 PbxSr1−xTiO3 under compressive strain

Most experimental results on PbxSr1−xTiO3 films grown on SrTiO3 are already

shown in section 4.2.2. Using the composition dependent Landau coefficients de-

scribed in the previous section (5.2), the temperature dependence of the tetragonal-

ity of PbxSr1−xTiO3 on SrTiO3 is simulated. These simulations are similar to the
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tSr (s) 2 6 10
x 0.94 0.86 0.79

t(nm) 18.3 18.6 18
um (%) -0.97 -0.82 -0.58
ν (m2/F) 0.2 0.5 0.8

Table 5.1: Parameters used for the simulations shown in figures 5.5
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Figure 5.6: a) Simulation results for PbxSr1−xTiO3 thin films on SrTiO3. b) Misfit strain as
a function of PbxSr1−xTiO3 stoichiometry obtained from a).
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Figure 5.7: Phase diagram comparing experiment results on PbxSr1−xTiO3 on SrTiO3 and
bulk PbxSr1−xTiO3, showing the effect of compressive strain.
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Landau-Ginzburg theory simulations of pure PbTiO3 films on SrTiO3 as described

in section 4.3. The model includes the misfit strain (um), the composition (x) and

the depolarization field. The latter is described by the parameter ν as defined in

equation (4.1). The misfit strain (um) is used only to reproduce the observed para-

electric tetragonality. The composition (x) and the depolarization field parameter

ν are used iteratively to match the value of TC and the shape of the tetragonality

in the ferroelectric phase. The depolarization field acts by shifting the ferroelectric

tetragonality down with increasing field, whereas the effect of composition is larger

on the tetragonality than on TC.

The temperature dependence of the tetragonality in the ferroelectric phase be-

comes more linear with increasing Sr content. This behavior is reproduced nicely

by the simulations. The origin for this increased linearity is the fact that the 6th

order Landau coefficient is not defined for SrTiO3 (see appendix B). Such linear

behavior of the tetragonality as a function of temperature is a sign of a more ideal

2nd order phase transition. For a pure mean field 2nd order phase transition it is

expected that the polarization scales as [126]

P ∝
√

(T − TC) (5.3)

Because the difference between ferroelectric and paraelectric tetragonality is pro-

portional to the polarization squared (see section 3.4), expression 5.3 leads to:

(c/a) − (c/a)0 ∝ (T − TC) (5.4)

where (c/a)0 is the tetragonality in the paraelectric phase.

For the elastic stiffnesses (ci j) the values of pure PbTiO3 were used rather than

those of PbxSr1−xTiO3 as this reproduces the magnitude tetragonality in the ferro-

electric phase much better. This observation can be rationalized by the fact that the

structure of tetragonal PbxSr1−xTiO3 is very similar to that of PbTiO3 and all films

have a high Pb content.

Figure 5.5 shows the simulations of the heating curves shown in figure 4.7. The

simulations in figure 5.5 are very good over the entire temperature range. Table 5.1

and Figure 5.6a summarizes the results of the Landau simulations on PbxSr1−xTiO3



94 Strain and composition tuning

on SrTiO3. Both, composition and strain, scale almost linear with tSr. The third

parameter, ν, increases with composition, this may be due to an increase in the

resistivity. The epitaxial strain versus the composition can be obtained from figure

5.6a and is plotted in figure 5.6b. The epitaxial strain decreases almost linear with

increasing Sr content, showing that Sr substitution, indeed, can be used to tune the

epitaxial strain.

Figure 5.7 shows the phase diagram of unstrained bulk PbxSr1−xTiO3 (from fig-

ure 5.3) and the experimentally observed transition temperatures for PbxSr1−xTiO3

on SrTiO3. The Pb content (x) was obtained from the Landau-Ginzburg simulations

of the tetragonality. The vertical shift between the two lines (shaded area) repre-

sents the effect of compressive epitaxial strain. In this way the strain related and

pure composition effects can be separated. Figure 5.7 clearly shows that a larger

x give a larger strain effect. The transition temperature is obviously not the only

property affected: The magnitude of the polarization and dielectric constant are

also among the properties that can be tuned.

5.4 PbxSr1−xTiO3 under tensile strain

The procedure for growing PbxSr1−xTiO3 thin films on DyScO3 was identical to that

used for PbxSr1−xTiO3 on SrTiO3 apart from the substrate treatment (see sections

4.2.2 and 2.5). The thickness of the films was 50 monolayers. 2θ-ω scans of two

PbxSr1−xTiO3 films are shown in figure 5.8. Figure 5.9 shows the out-of-plane c

lattice parameter, obtained from XRD 2θ-ω scans, versus the time the Sr shutter is

open per monolayer (tSr). tSr is corrected if the actual SrO flux during growth, as

measured by the quartz crystal monitor, deviated slightly from the desired value of

3Å/min. At small tSr, a lattice parameter larger than than the pseudocubic lattice

parameters of DyScO3 is observed in the films. If the films are fully strained this

leads to a tetragonal structure similar to that of bulk PbTiO3. The polarization is

expected to be along the long lattice parameter, so this gives rise to a c ferroelectric

phase. At a tSr = 8s, there is a drop in the out-of-plane lattice parameter to a value
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Figure 5.8: 2θ-ω scans of PbxSr1−xTiO3 thin films on DyScO3 with a) tSr = 6s and b) tSr =
24s. The film peaks shifts from the left side of the substrate peak to the right side
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Figure 5.9: c lattice parameters for various PbxSr1−xTiO3 films grown on DyScO3. There is
a clear transition from a ”milk carton” structure with a long out-of-plane lattice parameter
to a ”pizza box” structure with long in-plane lattice parameters.

smaller than that of DyScO3, leading to a ”pizza box” like structure with large in-

plane lattice parameters. Here the polarization is expected to be mainly in-plane

(later we will show that the polarization is indeed fully in-plane), so the a or the

aa ferroelectric phases are possible. If figure 5.6a is used to obtain the composition

from the tSr values, the changeover composition corresponding to tSr = 8s, is found

to be x = 0.83.

5.4.1 In-plane structure

Grazing Incidence Diffraction (GID) was used to map out the in-plane reciprocal

space, and extract more information about the strain state and the polarization (see
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Figure 5.10: In-plane reciprocal space maps of a PbxSr1−xTiO3 thin film with a tSr of 24s
grown on DyScO3. Axes are in units of 2k0, where k0 = 2π

λ , with λ = 1.540 Å.
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chapter 3). Figure 5.10 shows reciprocal space maps around various in-plane re-

ciprocal lattice points for a PbxSr1−xTiO3 film on DyScO3 with a tSr of 24s. This

sample is thus in the in-plane polarized region. Satellites are observed around all,

fully strained, reciprocal lattice points. Around (100) and (010) the satellites are

observed along the two diagonal ([110] and [11̄0]) directions, whereas around the

(110), satellites are observed only along one ([110]) direction. Measurement around

higher order peaks show that the satellites are not caused by twinning, as the satel-

lite spacing is constant. The satellite spacing is ≈ 2.7×10−3 (2k0). Using equation

(3.32) in section 3.6 this gives a periodicity of 28.5 nm. As the satellites are along

the 〈110〉 directions, this corresponds to a periodicity of 51 unit cells. Scans around

pure out-of-plane reciprocal lattice points were conducted to learn whether the pe-

riodicity could also be found there. However, no sign of satellites were found.

Thus, the polarization has no out-of-plane component. This eliminates the r-phase

as a possibility.

Figure 5.11 shows the in-plane RSM’s of a PbTiO3 film on DyScO3. From these

maps it can be seen that, at a thickness of 20 nm, the film is already (partially)

relaxed. Three different in-plane lattices can be observed: One with two short axes

of 3.92Å in-plane and two with one short axis (3.92 Å), shown by the solid lines,

and one long axis (4.07 Å) in-plane (dashed and dotted lines). The observed out-of-

plane lattice parameter is 4.06Å, corresponding to two short axes in-plane. Most of

the film is in this (relaxed) c-phase. However parts of the film are in an a orientation.

The observation that on the Pb rich side of the boundary in figure 5.9 the films

are relaxed precludes the direct relation between the phase diagram in figure 5.2,

and points out that thinner films are needed for that purpose. However, it is still

interesting to see what happens at the boundary. Figure 5.12 show the in-plane

RSM’s of a film just at the high x side of the boundary (tSr = 8s). These maps clearly

show a mixture of the features observed in in figure 5.10 and figure 5.11, so the

relaxed Pb-rich and fully strained Sr-rich phases coexist. Figure 5.13 shows the

in-plane RSM’s of a film with tSr = 12s. In this film there is still clear coexistence.

In summary, XRD studies on PbxSr1−xTiO3 films on DyScO3 reveal the pres-

ence of two regions, with a boundary at tSr = 8s (x ≈ 0.83). The Pb-rich phase is
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Figure 5.14: Various possible a and aa domain structures with domain walls along 110 and
the corresponding reciprocal space simulations around (110). The domain structures in the
box result in a reciprocal space as observed.

(partially) relaxed and is predominantly c-oriented, although a small amount of

a-domains is present. Despite the higher misfit strain, the Sr-rich phase is fully

strained, and has an in-plane polarization. There is a coexistence region between

both phases, which extends at least up to tSr = 12s (x ≈ 0.76).

5.4.2 Reciprocal space map simulations

The presence of satellites signaling in-plane domains allows to extract more infor-

mation about the Sr-rich phase. Simulations of reciprocal space maps are used to
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study the in-plane polarized phase at high Sr content. These simulations of ferro-

electric domain structures were described in section 3.6. Figure 5.10 shows that the

domain periodicity is along the 〈110〉 directions. Figure 5.14 displays the possible a

and aa domain structures with domain walls along [110]. For the calculation of the

RSM’s, these domain structures are used in combination with a 90o rotated variant.

Combination of both domains structures ensures that the overall four fold symme-

try is maintained. All domain structures shown in figure 5.14 give rise to satellites

that agree with experiment for the (100) and (010) RSM’s. For the (110) space maps,

three different maps result from the six domain structures. The domain structures

in the box in figure 5.14 reproduce all the experimentally observed space maps.

Unfortunately the simulations cannot distinguish between the a and the aa phases.

It is worth noting that the domain structures resulting in the experimental space

maps are the only ones that do not show head-to-head or tail-to-tail polarization.

Head-to-head polarization results in unfavorable charged domain walls [127].

5.4.3 Temperature dependence of in-plane domains

Reciprocal space maps around off-specular reciprocal lattice points, such as (013)

and (113), can also be used to study the domains observed in Sr-rich PbxSr1−xTiO3

films on DyScO3, as the scattering vector has an in-plane component. This allows

study of the domains using our high-resolution lab diffractometer. Space maps

around (113) appear to be the most likely candidates for observing the satellites as

the periodicity is along the 〈110〉 directions. However, the scattering plane is along

[110] and looking at figure 5.10, it can be seen that the satellites are perpendicular

to this plane and thus will not be observed in such a scan. The scattering plane of

a map around (013) does not contain the satellites either. However, because of the

line focus used in the diffractometer, the resolution perpendicular to the scattering

plane is poor enough for the satellites to be visible. The satellite spacing that is

observed is that of the projection onto the scattering plane.

Satellites that are ferroelectric in origin should disappear above the transition

temperature and reappear when cooling down again. Figure 5.15 shows (103)
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Figure 5.15: Reciprocal space maps around the (013) reflection for a PbxSr1−xTiO3 films
on DyScO3 at a) 50oC, b) 150oC, c) 200oC, d) 250oC, e) 300oC, f) 50oC, after cooling down.
Where k0 = 2π

λ , with λ = 1.54Å.
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RSM’s of a PbxSr1−xTiO3 films on DyScO3 with tSr = 24s at various temperatures.

At 50oC the satellites are clearly visible at a space of 1.9×10−3 (in units of 2k0),

which is in good agreement of the spacing observed in figure 5.10 projected onto

the [010] axis. When the temperature reaches 200oC the satellites are barely visible,

but still present. The satellites have disappeared at 250oC. Cooling back to 50oC

makes the satellites reappear. This is consistent with the satellites being ferroelec-

tric in origin. The transition temperature, the temperature at which the satellites

disappear, is between 200oC and 250oC. Similar measurements on a film with tSr of

8s gave a TC between 250oC and 300oC. However, the satellites where much more

diffuse in this case.

5.5 Discussion

5.5.1 Driving force for in-plane domain formation

The diffraction satellites in Sr-rich PbxSr1−xTiO3 films on DyScO3 are only found

around reciprocal lattice points with an in-plane component. This indicates that

there is no out-of-plane component to the polarization (see chapter 3). The driving

force for the formation of periodic domains in ferroelectrics is typically the com-

petition between the depolarization field and domain wall energy. In the in-plane

direction, the depolarization field will not be large enough to drive domain forma-

tion, as the depolarization field inversely scales with the distance between surface

charges. In-plane, this distance is typically very large. Discarding depolarization

field as a driving force, domain formation is most likely to be driven by elastic

effects. Figure 5.16 shows schematically how an a-polarized film can give rise to

periodic domains. If PbTiO3 becomes ferroelectric along a certain direction, the lat-

tice would typically expand in the direction of the polarization and contract in the

others [34]. For PbxSr1−xTiO3 with an in-plane, a-polarization this results in a rect-

angular in-plane lattice. When such a lattice has to fit the (nearly) square lattice of

DyScO3, compressive epitaxial strain will be present in the polarization direction

and tensile strain in the direction perpendicular to the polarization. By formation

of 90o domains, as depicted in figure 5.16b, the long-range strain is minimized.
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a)

b)

tensile strain

compressive strain

Figure 5.16: Representation of the elastic strains of a domains on a square lattice.

The energy gained by minimization of the strain is balanced by the energy cost of

domain wall formation resulting in a periodic domain structure. The aa-domain

structure that gives the observed reciprocal space map (see figure 5.14), does not

show 90o, but 180o domains. For 180o domains, the lattice parameters are equal in-

side both domains, thus there is no elastic driving force for domain formation and

no periodic domains should be observed. This argument strongly indicates that the

films with large Sr-content are in the a-phase.

5.5.2 Comparison with theoretical phase diagram

The predicted phase diagram in figure 5.2 consisted of three different ferroelectric

phases, namely c, r and aa. Experimentally it is found that only the Sr-rich films are

fully strained, and thus, only thos can be compared to the predicted phase diagram.

Below x ≈ 0.83 the films have an in-plane polarization with domain walls along
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a) b)

Figure 5.17: Horizontal cross section of the 3D phase diagram of single-domain a) PbTiO3
and b) Pb0.35Sr0.65TiO3 thin films films grown on dissimilar orthorhombic substrates. The
phase map corresponds to T=25oC. From Zembilgotov et al. [128]

the 〈110〉 directions. This phase is most likely an a-phase, whereas the theoretical

phase diagram predicts an aa-phase. There are two assumptions in the Landau-

Ginzburg model that may cause the difference between theory and experiment.

In the calculated phase diagram, the substrate was assumed to have a square

in-plane lattice. However DyScO3, is an orthorhombic material and there is a small

in-plane anisotropy in the (110) substrates (see section 2.4.2). Figure 5.17 shows

theoretical work on anisotropically strained PbTiO3 and PbxSr1−xTiO3 films [128].

It is clear from figure 5.17 that anisotropy can stabilize the a-phase.

The second assumption in our Landau-Ginzburg model is that the film is in a

monodomain state. However, the experimental results clearly shows the presence

of domains. When domains are included in the theoretical models, the phase di-

agram of PbTiO3 changes from the one shown in chapter 1 (figure 1.6) to the one

displayed in figure 5.18a. [47] For the a1/a2 phase, a domain structure with do-

main wall along the 〈110〉 directions is predicted. This is in good agreement with

our observations. Figure 5.18b shows such a domain structure as calculated using

phase-field methods. [2]
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a) b)

Figure 5.18: a) Phase diagrams of polydomain PbTiO3 epitaxial thin films grown on cu-
bic substrates, calculated using Landau-Ginzburg-Devonshire theory. [47] b) A predicted
domain structure consisting of only a1 and a2 domains with domain walls along 〈110〉,
calculated using phase-field methods. [2]

5.6 Conclusion

The results on PbxSr1−xTiO3 films grown on SrTiO3 seem not very exciting as the

only stable ferroelectric phase is the bulk c-phase. However modeling of the tetrag-

onality versus temperature behavior does clearly show that the concept of using Sr

substitution, as a means to tune the epitaxial strain, works (see figure 5.7). Having

established that, the more interesting case of PbxSr1−xTiO3 grown on DyScO3 was

studied. The thickness of the studied films was too high to maintain the full strain

for the Pb-rich films. However, the Sr-rich films are fully strained and show an a-

phase with domain walls along the 〈110〉 directions. This structure is not stable in

bulk and shows that the combination of composition and strain can be used to sta-

bilize novel phases and to tune to phase boundaries. Measurements of the physical

properties of these thus could be the next step to investigate the phase boundary

characteristics.





Appendix A

Matlab script for simulating

experimental CTR profiles

The MATLAB code used to calculate the truncation rods of PbTiO3 films on SrTiO3

is shown. The equations used in this program are described in chapter 3. Figures

3.13 and 4.4. The script refers to a number of other scripts that contain the atomic

scattering factors and the calculation of the unit cell structure factors.

%X-ray simulation file.

clear;

%File control

dir = ’directory\’;

file = ’filename’;

fid = [dir file ’.xrdml’];

% Film parameters

N_avg = 50; %Thickness (Number of unit cells)

s_pto = 2; %RMS Film Roughness

s_sto = 0; %RMS Substrate Roughness

dist = 2.5; %thickness Distribution FWHM

bg = 0; %constant background

x =0.75; %Domain fraction up
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d = 0.0; %Expansion at interface

a_sto = 3.903; %Cubic STO lattice parameter

c_pto = 4.115; %Out of plane PTO lattice parameter

S = 10*10ˆ6; %scaling factor

% Constants

R = 2.82E-5; %Thomson radius of electron

lambda = 1.540; %X-ray wavelength, Cu k-alpha radiation

%load data files

ASF %Atomic Scattering factors

DATA_PTO %PTO coordinates, DW factors, Absorption

DATA_STO %STO coordinates, DW factors, Absorption

%load experimental data

t = XRDMLread(fid);

tt_exp = t.Theta2;

I_exp = t.data;

theta_exp = tt_exp/2;

%Simulation

q_001_pto = 2*pi/c_pto;

q_001_sto = 2*pi/a_sto;

a_pto = a_sto; %coherent epitaxial thin film

m = 1;

p = pdf(’Normal’,-2:2,0,dist); %gaussian distribution of thicknesses

for theta = theta_exp, I = I_exp;

q = 4*pi/lambda*sin(theta*(2*pi/360));

SF_PTO %PTO structure factors

SF_STO %STO structure factors

%STO substrate

F_ctr_STO = F_sto /(1-exp(-a_sto*(i*q + e_sto/q)));

for n = [1,2,3,4,5]

P = p(n);
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N = N_avg + (n-3);

%PTO film

F_ctr_film_up = F_pto_up*(1-exp(-c_pto*(N)*(i*q + e_pto/q)))/

(1-exp(-c_pto*(i*q + e_pto/q))) + F_pto_pbo_up*exp(i*c_pto*q);

F_ctr_film_down = F_pto_down*(1-exp(-c_pto*(N)*(i*q + e_pto/q)))/

(1-exp(-c_pto*(i*q + e_pto/q))) + F_pto_pbo_down*exp(i*c_pto*q);

%Reflectances

r_ctr_sub = (i*4*pi*R/(a_ptoˆ2*q))*F_ctr_STO;

r_sub = (2*r_ctr_sub/(1+(1+(2*r_ctr_sub)ˆ2)ˆ1/2))*

exp(-0.5*s_stoˆ2*(q-q_001_sto)ˆ2);

r_ctr_film_up = ((i*4*pi*R/(a_ptoˆ2*q))*F_ctr_film_up)*

exp(-0.5*s_ptoˆ2*(q-q_001_pto)ˆ2);

r_ctr_film_down = ((i*4*pi*R/(a_ptoˆ2*q))*F_ctr_film_down)*

exp(-0.5*s_ptoˆ2*(q-q_001_pto)ˆ2);

r_tot_up = r_ctr_film_up + r_ctr_sub*

exp(-c_pto*(N+d)*(i*q + e_pto/q));

r_tot_down = r_ctr_film_down + r_ctr_sub*

exp(-c_pto*(N+d)*(i*q + e_pto/q));

r_tot_up_p(n) = P*r_tot_up;

r_tot_down_p(n) = P*r_tot_down;

end

r_TOT_up = sum(r_tot_up_p);

r_TOT_down = sum(r_tot_down_p);

%Intensities

I_sim(m) = S*(abs(x*r_TOT_up + (1-x)*r_TOT_down))ˆ2;

%Simulated intensity

diff(m) = log10(I(m)) - log10(I_sim(m));

%Difference between experiment and simulation

m = m+1;

end

%Plotting
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axes(’Fontsize’, 14)

subplot(3,1,[1 2])

semilogy(tt_exp, I_exp, ’+’, ’color’,[0,0,0], ’LineWidth’,2);

hold on

semilogy(tt_exp, I_sim, ’-’, ’color’,[0.4,0.4,0.4], ’LineWidth’,2);

ylabel (’Intensity (counts/s)’,’FontSize’,14)

hold off

subplot(3,1,3)

plot(tt_exp, diff, ’color’,[0,0,0], ’LineWidth’,2);

line(tt_exp,0,’color’,[0,0,0],’LineWidth’,3)

xlabel(’2{\theta}(\circ)’,’FontSize’,14)

ylabel (’diff. (a.u.)’,’FontSize’,14)



Appendix B

Landau Coefficients for PbTiO3

and SrTiO3

Landau coefficients used for the Landau-Ginzburg simulations in this thesis.

Coefficient PbTiO3 [34] SrTiO3 [129] Units
α1 3.8·(T-752) 7.45·(T − 51.64) [102] 105 J m/C2

α11 -0.7252 1.04 108 J m5/C4

α12 7.5 0.746 108 J m5/C4

α111 2.606 0 108 J m9/C6

α112 6.1 0 108 J m9/C6

Q11 8.9 4.96 10−2 m4/C2

Q12 -2.6 6.75 10−2 m4/C2

Q44 6.75 1.9 10−2 m4/C2

s11 8.0 3.52 10−12 m3/J
s12 -2.5 -0.85 10−12 m3/J
s12 9 7.87 10−12 m3/J
c11 1.746 3.36 1011 J/m3

c12 0.794 1.07 1011 J/m3

g11 1.14 1.25 1010 J m/C2

g12 0.0463 -0.108 1010 J m/C2

Table B.1:
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Summary

A ferroelectric is a material that displays an spontaneous electrical polarization that is

switchable. Moreover, all ferroelectric materials are also piezoelectric, which means that

they show a (strong) coupling between mechanical stress and polarization. The properties

of ferroelectrics are widely used in devices such as capacitors, memory elements, ultra-

sound generators, accelerometers and sensors, to name some. The growth of thin films of

ferroelectric materials on substrates with similar crystal structure opens the possibility to

modify (improve) the properties of a ferroelectric by using the epitaxial strain, which is

induced by the difference of lattice parameters between the film and the substrate. The-

ory predicts that the transition temperature between the ferroelectric phase and the non-

polar high-temperature (paraelectric) phase is increased when the magnitude of the strain

increases. For this it does not matter whether the strain is compressive or tensile. Epi-

taxial strain can also stabilize (low symmetry) ferroelectric phases that are not stable in

bulk. Phase boundaries between ferroelectric phases with different symmetries are ex-

pected to show large piezoelectric and dielectric responses, as observed at the so called

”morphotropic phase boundary” of the PbTixZr1−xO3 solid solution (PZT), and thus are

very interesting for applications. Theory has provided phase diagrams as a function of

strain for various ferroelectric materials, in order to help choosing the desired properties.

Tuning the properties of materials using the epitaxial misfit strain as adjustable parameter

is often called ”strain tuning”.

The aim of this thesis is to explore the possibilities of strain tuning in ferroelectric thin

films. The main idea is to pursue a more precise control of the strain state by combining

composition and substrate effects. For this purpose thin films of PbxSr1−xTiO3 have been

grown both on (001) SrTiO3 and (110) DyScO3 substrates using Molecular Beam Epitaxy

(MBE). X-ray diffraction techniques have been used as the main tool to study the ferroelec-

tric properties.
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In chapter 2, the MBE growth of PbxSr1−xTiO3 thin films is described. There are no pre-

vious reports on PbxSr1−xTiO3 films grown by MBE. The MBE growth of PbTiO3 has only

been reported by few groups. The MBE process can be summarized as a growth process

where molecular or atomic beams of the reactants arrive at the heated substrate surface

and react to form the desired material. However, the formation of molecular beams, rather

than clouds from an evaporation source, sets strict limits on the background pressure in the

(vacuum) growth chamber. This vacuum requirement combined with the desire to produce

thin films with low oxygen vacancies leads to the use of a stronger oxidizing gas (oxygen

plasma). Moreover, incorporation of oxygen is also promoted by using PbO as a lead source

rather than metallic lead. The high volatility of both Pb and PbO makes MBE growth of

PbTiO3 difficult as it easily re-evaporates from the substrate into vacuum at the used sub-

strate temperatures. This complication is used to our advantage by applying an adsorption

controlled growth mechanism, where an large excess of PbO is supplied, but the adsorption

is controlled by the presence of Ti, leading to PbTiO3 films with good stoichiometry. The

direct control over the molecular beams by shuttering, makes the substitution Sr relatively

easy, compared to more common, target based, growth techniques.

In chapter 3 the characterization of ferroelectrics using x-ray diffraction (XRD) tech-

niques is discussed. The basics of XRD and measurement geometries are introduced. XRD

is used to probe the crystal structure, and as in ferroelectrics in general and in PbTiO3

specifically, the polarization is strongly coupled to the structure, it is a very suitable tech-

nique to probe the ferroelectric properties in thin films, where measuring functional prop-

erties can be difficult. The relation between the c/a ratio (tetragonality) and the polariza-

tion allows to learn about the ferroelectric properties from purely structural measurements.

In combination with temperature dependence, the c/a ratio can give valuable informa-

tion about both the polarization and the phase transition. Moreover, interference effects at

the interfaces of a polar material give rise to subtle changes in the finite thickness fringes

around the Bragg peaks of thin films. Careful simulation of these patterns gives informa-

tion about the orientation of the polarization and the fractions of domains. In addition,

if domains are periodic, they can give rise to satellite peaks around certain Bragg peaks,

where the spacing of the satellites indicates the periodicity of the domains. Moreover, the

directions along which these satellites appear and their presence or absence around certain

Bragg peaks tells about the direction of the polarization and the domain walls. Although

these effects are well-described in the recent literature, here we illustrate the potential of

this methods applied to Pb-containing ferroelectrics, compared to a regular x-ray scatterer

such as BaTiO3, to determine the polarization direction, the substrate/film termination or
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the presence of dead layers.

The transition temperature, TC, of PbTiO3 is already relatively high. When it is fur-

ther increased by compressive strain, the transition temperature becomes higher than the

growth temperature and the material grows in the ferroelectric phase. In chapter 4 we

show that growing directly in the ferroelectric phase has an important influence on the

properties. Only after heating a film to the paraelectric phase, the temperature dependence

of the tetragonality becomes reproducible. When Sr substitution is used to decrease TC be-

low the growth temperature, and thus we grow in the paraelectric phase, the temperature

dependence is reproducible. Using Landau-Ginzburg models we show that an increase

in depolarization field after visiting the paraelectric phase can explain this behavior. The

films grown in the ferroelectric phase show a non-equilibrium domain structure and higher

leakage in the as-grown state.

In general, the experimental verification of the theoretical strain-phase diagrams proves

difficult due to the limited amount of suitable substrate materials. In chapter 5 we propose

to use cation substitution to modify the lattice parameters of the film. This allows contin-

uous tuning of the strain. This concept is applied by growing PbxSr1−xTiO3 films on both

SrTiO3 and DyScO3 substrates. As cation substitution is expected to have more influence

than just changing the lattice parameters, Landau-Ginzburg theory is used to predict the

expected phase diagrams. Although compressively strain PbxSr1−xTiO3 on SrTiO3 seems

not a very exciting system system from the theoretical point of view, the growth of these

films shows that the Landau-Ginzburg approach works, as well as the concept of strain and

composition tuning. PbxSr1−xTiO3 on DyScO3, which is under tensile strain, shows a more

interesting phase diagram with phase boundaries and low symmetry phases where high

responses are expected. A phase boundary has been observed at the predicted composi-

tions and a novel ferroelectric phase with in-plane polarization is obtained, in agreement

with the calculations. However, it has been observed that the thickness of the grown films

(20nm) does not allow to fully maintain the strain in the whole composition range and, for

the Pb-richer compositions relaxation through domain formation has taken place.

In conclusion, epitaxial strain can be used to modify the properties of ferroelectrics and

stabilize new ferroelectric phases. Increasing the transition temperature over the growth

temperature leads to non-equilibrium behavior, that has an impact on the properties. Com-

bining strain and composition effects allows continuous tuning through the phase diagram

and thus the stabilization of phases that are neither accessible in bulk, nor in films of pure

materials.





Samenvatting

Ferroelektrica zijn materialen die een spontane en omkeerbare spontane polarisatie verto-

nen. Daarnaast zijn alle ferroelektrica ook piezoelektrisch, dat wil zeggen dat er een (sterke)

koppeling is tussen elastische spanning en de polarisatie. De eigenschappen van ferroelek-

trische materialen worden breed toegepast in onder andere condensatoren, geheugen el-

ementen, ultrasoon generators en versnellingsmeters. Het groeien van dunne lagen van

ferroelektrica op substraten met een vergelijkbare kristalstructuur maakt het mogelijk de

eigenschappen te veranderen (verbeteren) door middel van epitaxiale spanning. Deze

spanning komt voort uit het verschil in rooster parameter tussen het substraat en de film.

De theorie voorspelt dat de overgangstemperatuur tussen de ferroelektrische en de niet

polaire, hoge temperatuur (paraelektrische), fase hoger wordt door een groter epitaxiale

spanning, ongeacht of de spanning samendrukkend of uitrekkend is. Daarnaast kan epi-

taxiale spanning ferroelektrische fasen stabiliseren, die niet stabiel zijn in het bulk materi-

aal. Op de grens tussen ferroelektrische fasen met een verschillende richting van de po-

larisatie wordt een hoge piezoelektrische en dielektrische respons verwacht, zoals gezien

bij de zogenaamde ”morphotropische fase grens”van de PbTixZr1−xO3 (PZT), zulke fase

grenzen zijn daarom erg interessant voor toepassingen. Voor verschillende ferroelektrische

materialen zijn de theoretische fasediagrammen beschikbaar, wat het in principe mogelijk

maakt de gewenste eigenschappen te kiezen. Het controleren van de materiaaleigenschap-

pen door middel van de epitaxiale spanning wordt ook vaak ”strain tuning”genoemd.

Het doel van dit proefschrift is het verkennen van de mogelijkheden om selectief de

eigenschappen van een ferroelektrisch materiaal aan te passen met behulp van de epitaxiale

spanning. Het belangrijkste uitgangspunt is, om een preciezere controle te verkrijgen, door

de effecten van de kation substitutie en substraat effecten te combineren. Met dit doel zijn

dunne lagen van PbxSr1−xTiO3 gegroeid op zowel (001) SrTiO3 en (110) DyScO3 substraten

door middel van Moleculaire Bundel Epitaxie (MBE). Röntgen diffractie is gebruikt als

belangrijkste techniek om de ferroelektrische eigenschappen te bestuderen.
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Hoofdstuk 2 beschrijft het MBE groei proces van PbxSr1−xTiO3 films. Er zijn geen

eerdere publicaties bekend waarin de groei van PbxSr1−xTiO3 films door middel van MBE

wordt. (MBE groei van PbTiO3 is slechts door enkele groepen gerapporteerd) Het MBE

proces kan worden samengevat als een een groeiproces waarbij moleculaire of atomaire

bundels van de reactanten samenkomen op een verhit substraat oppervlak waar ze rea-

geren tot het gewenste materiaal. Echter, moleculaire bundels worden alleen gevormd als

de achtergronddruk in de (vacuüm) groeikamer laag genoeg is. Om aan dit dit criterium

te voldoen en tegelijkertijd films te groeien met weinig onbezette zuurstof posities wordt

er een sterker oxiderend gas, zuurstof plasma, gebruikt. Daarnaast wordt de inbouw van

zuurstof bevorderd door het gebruik van PbO als lood bron in plaats van metallisch lood.

De grote vluchtigheid van zowel Pb als PbO maakt de MBE groei van PbTiO3 lastig omdat

het eenvoudig weer terug verdampt vanaf het substraat bij de gebruikte substraat tem-

peraturen. Deze complicatie wordt in ons voordeel gebruikt door gebruikt te maken van

een adsorptie gecontroleerd groeimechanisme. Hierbij wordt een grote overmaat PbO ge-

bruikt, maar de daadwerkelijke adsorptie wordt gecontroleerd door de aanwezigheid van

Ti. Deze methode leid tot PbTiO3 films met een goede stoichiometrie. De directe controle

over de moleculaire bundels door sluiters, maakt de substitutie met Sr relatief eenvoudig

in vergelijking met meer gebruikelijke, doel gebaseerde, groeimethodes zoals Pulsed Laser

Depositie en sputtering.

Hoofdstuk 3 bespreekt het bestuderen van ferroelektrica met Röntgen diffractie (XRD)

technieken. De basis van XRD en de verschillende gebruikte geometrieën worden gen-

troduceerd. XRD wordt gebruikt om de kristalstructuur te bepalen, en aangezien er in fer-

roelektrica in het algemeen (en in PbTiO3 in het bijzonder) een sterke koppeling is tussen de

polarisatie en de structuur, is het een zeer geschikte techniek om de ferroelektrische eigen-

schappen van dunne lagen te bepalen, waar het direct meten van de functionele eigen-

schappen moeilijk kan zijn. De relatie tussen de c/a verhouding (tetragonaliteit) en de

polarisatie maakt het mogelijk om de polarisatie te bestuderen vanuit structuur metingen.

Gecombineerd met de temperatuursafhankelijkheid kan de tetragonaliteit waardevolle in-

formatie geven over zowel de polarisatie als de fase-overgang. Verder veroorzaken inter-

ferentie effecten op de grensvlakken van een polair materiaal subtiele verandering in de

beperkte dikte oscillaties rond de Bragg pieken van films. Precieze simulaties van deze

patronen geven informatie over de richting van de polarisatie en domein fracties. Wan-

neer domeinen periodiek zijn, dan kunnen ze satelliet pieken geven rond bepaalde Bragg

pieken, waarbij de de afstand tussen de satellieten de periodiciteit weergeven. Daarnaast
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zeggen de richting waar deze satellieten verschijnen en de aan- of afwezigheid van satelli-

eten rond bepaalde Bragg pieken iets over de richting van de polarisatie en domein wan-

den. Hoewel deze effecten beschreven staan in de recente literatuur, illustreren wij de

potentie van deze methodes om de polarisatie richting, de terminatie van het substraat of

de film of de aanwezigheid van dode lagen te bepalen.

De overgangstemperatuur, TC, van PbTiO3 is al relatief hoog. Als de overgangstem-

peratuur nog hoger wordt door samendrukkende spanning, groeit het materiaal in de fer-

roelektrische fase. In hoofdstuk 4 laten we zien dat het direct in de ferroelektrische fase

groeien een belangrijke invloed heeft op de eigenschappen. Pas wanneer een film ver-

warmd is tot de paraelektrische fase wordt de temperatuursafhankelijkheid van de tetrago-

naliteit reproduceerbaar. , de temperatuursafhankelijkheid is direct reproduceerbaar, wan-

neer Sr wordt gebruikt om de overganstemperatuur te verlagen tot onder de groeitemper-

atuur, en we dus groeien in de paraelektrische fase. Met behulp van Landau-Ginzburg

modellen laten we zien dat een toename van het depolarisatie veld na een bezoek aan

de paraelectrische fase dit gedrag kan verklaren. De films die in de ferroelektrische fase

gegroeid zijn, hebben, voordat ze verhit worden tot de paraelectrische fase, een domein-

structuur die niet in evenwicht is, daarnaast hebben ze een hogere lekkage van elektronen

door de film.

In het algemeen blijkt de experimentele verificatie van de theoretische spannings-fase

diagrammen moeilijk door het beperkte aanbod aan geschikte substraat materialen. In

hoofdstuk 5 gebruiken we kation substitutie om de roosterparameters van de film aan

te passen. Hierdoor kunnen we de epitaxiale spanning continu veranderen. Wij hebben

dit concept toegepast door PbxSr1−xTiO3 films te groeien op zowel SrTiO3 als DyScO3

substraten. Aangezien te verwachten is dat kation substitutie meer invloed heeft dan

alleen het veranderen van de roosterparameters, wordt Landau-Ginzburg theorie gebruikt

om de verwachte fase diagrammen te berekenen. Hoewel samendrukkend gespannen

PbxSr1−xTiO3 niet een heel enerverend systeem is vanuit theoretisch oogpunt, laat de groei

van deze films zien dat zowel onze Landau-Ginzburg aanpak werkt, als het concept van

spannings en compositie aanpassing. PbxSr1−xTiO3 op DyScO3, wat onder uitrekkende

spanning staat, heeft een interessanter fasediagram, met fase grenzen en lage symmetrie

fasen waar een hoge piezoelektrische en dielektrische respons wordt verwacht. Experi-

menteel is er een fase grens gevonden bij de berekende compositie. Ook is er een nieuwe,

in het vlak gepolariseerde, ferroelektrische fase geobserveerd, overeenkomstig met theo-

retische voorspellingen. Echter, het blijkt ook dat de dikte van de gegroeide films te groot

is om de epitaxiale spanning volledig vast te houden in de volledige compositie reeks en
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dat voor de Pb rijke composities relaxatie door domein formatie heeft plaatsgevonden.

Kortom, epitaxiale spanning kan gebruikt worden om de eigenschappen van ferroelek-

trica te veranderen en nieuwe ferroelektrische fasen te stabiliseren. Het verhogen van de

overgangstemperatuur tot boven de groeitemperatuur leid tot een situatie die niet in even-

wicht is en belangrijke invloed heeft op de eigenschappen. Het combineren van epitaxiale

spanning en compositie maakt het mogelijke om de spanning continu aan te passen en zo

fases te stabiliseren die noch in bulk, noch in pure materialen beschikbaar zijn.
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