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Abstract

Ferroelectric materials are both piezoelectric and pyroelectric. Piezoelectrics
have been widely used for decades now: Sonar devices were their first ap-
plication and electromechanical actuators and gas igniters are amongst their
most frequently used applications in modern everyday life. As pyroelectrics,
ferroelectrics are used in heat detectors. Ferroelectrics present a memory ef-
fect, since their electrical polarization remains after the removal of an electric
switching field and can exist in two different states, allowing binary infor-
mation to be stored. Still, only recently, ferroelectrics have found their way
into memory applications like computer ferroelectric random access mem-
ory (FeRAM) and radio-frequency identification (RFID) tags. For these ap-
plications, the thin film geometry has shown to be very important, since it
allows to achieve the high electric fields needed to switch the polarization
between the “up” and “down” state (coercive fields) with moderate voltages.
A promising advantage of thin films, which serves as the starting point for
this research, is the possibility to use the lattice misfit between the film and
the substrate onto which it is grown (epitaxial strain) to apply stress to a fer-
roelectric and modify its response to the electric field or temperature. Besides
these advantages, the thin film geometry also poses several challenges, like
the interface control to make devices operate reliably in applications or the
leakage currents that are present at very small thickness. In addition, for de-
vice miniaturization of thin film memory applications, a controlled domain
structure is required.

PbT iO3 is a classical ferroelectric with a large remanent polarization. In
many applications, chemical substitution to PbT iO3 is used, which has a sim-
ilar effect to applying stress (most notably in PbZr1−xTixO3, the material of
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choice in many applications). A large enhancement of the physical properties
has been obtained for these so-called “solid solutions”. One of the remaining
open issues about these materials is the origin of the gigantic piezoresponse
for solid solutions with compositions close to the so-called morphotropic
phase boundary (MPB), between two crystallographic phases. Reproducing
similar phase boundaries in thin films of PbT iO3 under epitaxial strain can
contribute to clarify this issue. The large chemical and crystallographic or-
der in the material simplifies the interpretation of the structural properties
and how they determine the ferroelectric response. Unfortunately, thin films
of PbT iO3 without intentional substitution and doping suffer from impu-
rity and defect induced conduction, hindering functional measurements. We
show that epitaxial strain can give rise to a very high domain wall density
or to lowering of the crystal symmetry in thin films of PbT iO3. Both are ex-
pected to lead to an improved ferroelectric and piezoelectric response.

In chapter 4, we show that the critical thickness for strain relaxation of
PbT iO3 on (001)c-oriented SrT iO3 substrates is much larger than previously
assumed. This is due to the small lattice misfit between SrT iO3 and tetrago-
nal PbT iO3, which implies that the critical thickness cannot be correctly cal-
culated by the commonly used Matthews-Blakeslee model, which assumes
a relatively large misfit at the growth temperature. Instead, the model by
People and Bean is much more appropriate since it correctly assumes a very
low amount of defects and dislocations at the growth temperature and pre-
dicts a critical thickness in line with our observations. We show that it is
energetically favorable for cubic PbT iO3 on SrT iO3 at the growth tempera-
ture (Tgrowth > T bulk

c ) to achieve coherency by transforming into the tetrago-
nal “self-strained” state instead of accommodating the cubic state coherently
with large internal stresses or creating dislocations. This gives a physical
explanation for the Tc-shift predicted by Landau theory to occur under epi-
taxial strain. Furthermore, we show that as long as PbT iO3 is grown suf-
ficiently slow, up to a thickness below the critical thickness for strain relax-
ation, high-quality, single (001)-oriented thin films are obtained with very
good coherency. The substrate/film coherence is evidenced by the observa-
tion of “Umweganregung” or double diffraction peaks. Especially for closely
lattice matched systems, the observation of “Umweganregung” peaks in thin
film X-ray diffraction (XRD) is often not recognized but it can be a powerful
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tool to determine the lattice relations.

In chapter 5, we expand our investigation of the effects of epitaxial strain
on ferroelectric thin films and show that thin films of the same material,
PbT iO3, are epitaxially strained on DyScO3(110)o substrates only for thick-
nesses below 12 nm. These single oriented thin films form 180◦ domains
whose periodicity (D) scales with film thickness (H) following a D ∼ √

H
dependence, known as Kittel’s law. The crystal symmetry of these thin films
corresponds either to the so-called ac- or to the so-called r-phase. These
phases do not exist in bulk and, although they have been predicted to exist
under epitaxial strain, they had not been observed before. These “bridging”
phases between the a and c-phase and the aa and c-phase, respectively, are
associated with symmetries that lack a polar axis, similar to those found at
the morphotropic phase boundary of PZT. Therefore, these phases are ex-
pected to display a large enhancement in dielectric constants, piezoelectric
coefficients and electromechanical coupling constants.

For PbT iO3 films with thicknesses above 12 nm on DyScO3, 90◦ twinned
domains form, by means of which the misfit strain is (partially) relaxed. A
very well defined domain period and a large registry of these twinned do-
mains is observed by atomic force microscopy (AFM), transmission electron
microscopy (TEM), X-ray diffraction (XRD) and piezoresponse-AFM. How-
ever, we have found that their periodicity (D) does not scale with the crystal
thickness according to a

√
H law, as usually observed for 90◦ domains in

free-standing crystals and for 180◦ domains in epitaxial thin films. Instead,
we observe a linear dependence for thicknesses from 30 to at least 100 nm
and an unusual upturn for thicknesses between 12 and 30 nm. Qualitatively,
this behavior is reproduced properly by a model in which the stress fields in
the thin film are described by that of fictitious dislocations. Our experimen-
tal data are the first experimental confirmation of this model. We reproduce
the calculations and fit the model to our data to obtain a 90◦ domain wall
formation energy density of 27mJ/m2. This value is in very good agreement
with that obtained by first-principles calculations and shows that the domain
walls are mobile even at room temperature.

However, this model does not provide a complete description of the prob-
lem. We show that the domain orientation in partially relaxed thin films with
90◦ domains, is sensitive to the electrical boundary conditions, which are not
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taken into account in the model. When there is no depolarization field (short-
circuited thin films), we have observed that the periodic 90◦ domains order
only along the pseudocubic in-plane direction with the largest misfit. This
suggests that the thin films are strained along the in-plane direction with the
smaller misfit. Finally, when the depolarizing field does play a role (open-
circuit), the domains order along both in-plane pseudocubic directions.

In addition, a gradient of lattice parameters is observed by XRD, show-
ing that the crystal lattice in thin films with 90◦ domains is inhomogeneously
strained. For tetragonal ferroelectrics, in which strain (tetragonality) and po-
larization are thought to be strongly coupled, a lattice spacing gradient will
give rise to a polarization gradient. Out-of-plane lattice deformation maps,
obtained from TEM, show that the strain gradients are caused by an increased
compression in the acute angle of every domain wall and an increased ten-
sion in the obtuse angle.

The presence of nanometer-sized periodic polar domains with the polar-
ization alternating in-plane and out-of-the-plane, raises the question of how
size effects influence the properties of ferroelectrics. Therefore, in chapter
6, we have proposed two methods to fabricate structures by which the size
and shape dependence of PbT iO3 can be studied. We have fabricated chains
of PbT iO3 nanodots by using self-organized block-copolymer nanorods on
SrT iO3. Remarkably, the morphology of the nanorods can be transferred to
the PbT iO3 by room temperature PLD and subsequent annealing. We believe
that this is due to preferential crystallization of the PbT iO3 at the surface ar-
eas which are not covered by block-copolymer. We have shown that the nan-
odots are ferroelectric and that the chains are separated from each other.

Finally, we have fabricated PbT iO3/SrT iO3 superlattices with periodici-
ties of approximately 10 unit cells, to study the coupling between the ferro-
electric PbT iO3 and the dielectric SrT iO3 and the role of their interfaces. We
show impedance spectroscopy measurements that indicate that the SrT iO3

effectively diminishes the leakage mechanisms of the PbT iO3. Besides, these
measurements show that the dielectric constant of these superlattices is in
close agreement to what is expected for a stoichiometric mixture of the two
materials. This is in conflict with previous reports on similar superlattices
grown by sputtering, which were shown to display a very large frequency-
independent dielectric permittivity. This leads to the conclusion that the im-
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portant role that the interfaces play in the ferroelectric response of these ma-
terials is not intrinsic but, rather, dependent on the deposition technique.

The main achievements and original results of this thesis work are

1. the growth of coherent ferroelectric films as thick as 300nm and the
explanation of this phenomenon;

2. the synthesis of periodic twinned domains with very small periodicities
and large coherence;

3. the observation for the first time, of a linear dependence and non-monotonic
behavior of 90◦ domain periodicity with thickness;

4. the synthesis of novel ferroelectric structures with reduced dimension-
ality compared to that of the films, such as nanoparticles aligned in
chains.





Samenvatting

Ferroelektrische materialen zijn zowel piëzoelektrisch als pyroelektrisch. Pi-
ezoelektrica worden inmiddels al enkele decennia veelvuldig toegepast: so-
narapparatuur was de eerste toepassing ervan en elektromechanische actua-
toren en gasontstekers zijn de meest gebruikte toepassingen in het moderne
dagelijks leven. Ferroelektrica worden gebruikt als pyroelektrica in warmte-
sensoren. Aangezien de elektrische polarisatie in ferroelektrica blijft bestaan,
ook in de afwezigheid van een elektrisch veld en omdat ze twee verschil-
lende toestanden kan aannemen, kunnen ferroelektrica worden gebruikt als
geheugenelement om binaire informatie in op te slaan. Toch hebben fer-
roelektrica pas recentelijk hun weg gevonden naar geheugentoepassingen
zoals ferroelektrisch RAM-computergeheugen (FeRAM) en radiofrequentie-
identificatielabels (RFID). Voor deze toepassingen is de dunne-filmvorm van
deze materialen heel belangrijk gebleken, aangezien hiermee grote elektri-
sche velden kunnen worden aangelegd om de polarisatie te schakelen tussen
de “+” en “-” toestand (coërcieve velden), met relatief lage spanningen. Een
veelbelovend voordeel van dunne films dient als het startpunt van dit on-
derzoek. Namelijk de mogelijkheid om het verschil in kristalroosters van
de dunne laag en het substraat waarop de laag wordt gegroeid (zogenaamde
epitaxiale vervorming) te gebruiken om spanning uit te oefenen op de ferroe-
lektrische dunne laag en zodoende zijn respons op elektrische velden, tem-
peratuur of spanning, te veranderen. Naast deze voordelen, stelt de dunne-
laaggeometrie ons ook voor enkele uitdagingen, zoals de benodigde beheer-
sing van grensvlakken tussen de dunne laag en de elektrode om ferroelektri-
sche schakelingen betrouwbaar te laten werken. Een andere uitdaging zijn
de lekstromen die aanwezig zijn, in het geval van zeer dunne lagen. Voor het
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verkleinen van apparaten met ferroelektrische structuren is het bovendien
vereist dat de domeinstructuur bekend is.

PbT iO3 (loodtitanaat) is een klassiek ferroelektricum met een grote re-
manente polarisatie. In veel toepassingen wordt chemische substitutie in
PbT iO3 gebruikt wat eenzelfde effect heeft als elastische spanning (met name
in PbZr1−xTixO3, een materiaal dat veelvuldig in toepassingen te vinden is).
Een grote verbetering van de fysische eigenschappen van deze zogenaamde
“vaste oplossingen” is zodoende bewerkstelligd. Eén van de overblijven-
de kwesties betreffende deze materialen is de oorsprong van de gigantische
piëzorespons voor vaste oplossingen met composities nabij de zogenaamde
morfotrope fasegrens, tussen twee kristallografische fasen. Het reproduce-
ren van soortgelijke fasegrenzen in dunne lagen van PbT iO3 onder epitaxi-
ale spanning kan bijdragen tot het ophelderen van deze kwestie. De hoge
mate van chemische en kristallografische orde in loodtitanaat vereenvoudigt
de interpretatie van de structurele eigenschappen en hoe deze de ferroelek-
trische respons beı̈nvloeden. Helaas hebben dunne lagen van loodtitanaat
zonder opzettelijke substitutie of doping te lijden onder onzuiverheid- en
defect-geı̈nduceerde geleiding, wat functionele elektrische metingen bemoei-
lijkt. Wij laten zien dat epitaxiale spanning aanleiding kan geven tot zeer ho-
ge domeinmuurdichtheden of tot een symmetrieverlaging van de structuur
in dunne lagen van loodtitanaat. Van beide effecten wordt aangenomen dat
ze leiden tot een verbeterde ferroelektrische en piëzoelektrische respons.

In hoofdstuk 4, laten we zien dat de kritische dikte voor ontspanning van
PbT iO3 op (001)c-georiënteerde SrT iO3 substraten veel groter is dan voor-
heen gedacht. Dit wordt veroorzaakt door het kleine verschil in roostercon-
stanten van SrT iO3 en tetragonaal PbT iO3. Hierdoor kan de kritische dikte
niet correct berekend worden met het gangbare Matthews-Blakeslee model,
waarin een relatief groot verschil in roosterconstanten bij de groeitempera-
tuur wordt verondersteld. Het People-Bean model is daarentegen veel ge-
schikter aangezien de veronderstelling daarbij een zeer kleine hoeveelheid
defecten en dislocaties op de groeitemperatuur is. Dit model voorspelt dan
ook een kritische dikte die overeenkomt met onze waarnemingen. Wij la-
ten zien dat het bij de groeitemperatuur energetisch gunstig is voor kubisch
PbT iO3 op SrT iO3 (Tgroei > T bulk

c ) om coherentie te bewerkstelligen door
naar de tetragonale toestand met “zelf-spanning” te transformeren in plaats
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van in de kubische toestand met grote interne spanningen te blijven of dis-
locaties te vormen. Dit vormt een fysische uitleg voor de Tc-verschuiving
onder epitaxiale spanning zoals berekend met Landau theorie. Voorts la-
ten we zien dat voldoende langzame groei van PbT iO3 leidt tot hoge kwa-
liteit (001)-georiënteerde dunne lagen met een goede coherentie. De waar-
neming van zogenaamde “Umweganregung” of dubbele-diffractiepieken in
Röntgen-diffractogrammen is bewijs van de goede substraat-filmcoherentie.
Met name voor substraat-filmsystemen met goed passende kristalroosters,
wordt de waarneming van “Umweganregung” -pieken in Röntgen-diffractie
vaak niet als zodanig herkend, maar kan zij wel een krachtige methode zijn
om de roosterrelaties te bepalen.

In hoofdstuk 5 breiden we ons onderzoek naar de effecten van epitaxi-
ale spanning op ferroelektrische dunne lagen uit. We laten zien dat dunne
lagen van hetzelfde materiaal, PbT iO3, slechts epitaxiaal gespannen zijn op
DyScO3(110)o substraten tot diktes van 12 nm. Deze enkel georiënteerde
dunne lagen vormen 180◦ domeinen waarvan de periode (D) schaalt met de
laagdikte (H) volgens een D ∼ √

H afhankelijkheid, ook wel bekend als Kit-
tel’s wet. De kristalsymmetrie van deze dunne lagen komt overeen met de
zogenaamde ac-fase of de zogenaamde r-fase. Deze fasen bestaan niet in het
bulkmateriaal en hoewel hun bestaan, in het geval van epitaxiale spanning,
theoretisch is aangetoond, waren ze nog niet eerder waargenomen. Deze zo-
genaamde “overbruggende” fasen tussen de a en c-fase, respectievelijk de aa
en c-fase, worden geassocieerd met symmetrieën zonder eenduidige polaire
as, overeenkomstig de fasen die gevonden zijn bij de morfotrope fasegrens
van PZT. Daarom verwacht men dat deze fasen een grote versterking van de
diëlectrische en piëzoelektrische constanten en de elektromechanische kop-
pelingsconstanten vertonen.

In PbT iO3-lagen met diktes boven de 12 nm op DyScO3 vormen 90◦-
tweelingdomeinen, waardoor de roosterspanning (gedeeltelijk) kan ontspan-
nen. Wij hebben een goed gedefinieerde domeinperiode en een grote orde-
ningsafstand van deze tweelingdomeinen waargenomen middels atomaire
kracht microscopie (AFM), transmissie elektronen microscopie (TEM), Röntgen-
diffractie en piëzorespons-AFM. We hebben vastgesteld dat de domeinperio-
de (D) niet schaalt met de kristaldikte middels een

√
H wet, zoals gebruikelijk

voor 90◦ domeinen in vrijstaande kristallen en voor 180◦ domeinen in epitaxi-
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ale dunne films. We signaleren daarentegen een lineaire afhankelijkheid voor
laagdiktes van 30 tot tenminste 100 nm en een ongebruikelijke toename van
de domeinperiode voor diktes tussen 12 en 30 nm. Dit gedrag wordt kwalita-
tief heel goed gereproduceerd door een model waarin de spanningsvelden in
de dunne laag worden beschreven door die van fictieve dislocaties. Onze ex-
perimentele data zijn de eerste experimentele bevestiging van dit model. We
hebben de berekeningen gereproduceerd en het model aan onze data aan-
gepast waardoor we een 90◦ domeinmuur vormingsenergie van 27mJ/m2

hebben verkregen. Deze waarde is in zeer goede overeenstemming met de
gerapporteerde waarde die met behulp van “eerste-principe” berekeningen
is verkregen en laat zien dat de domeinmuren mogelijk zelfs op kamertem-
peratuur mobiel zijn.

Dit model verschaft echter geen complete beschrijving van het probleem.
We laten zien dat de domeinoriëntatie in gedeeltelijk ontspannen dunne la-
gen met 90◦ domeinen, gevoelig is voor de elektrische randvoorwaarden, die
niet in acht worden genomen in het model. We hebben waargenomen dat,
in de afwezigheid van een depolarisatie-veld (kortgesloten dunne lagen), de
periodieke 90◦ domeinen alleen ordenen langs de pseudokubische richting
met het grootste verschil in roosterconstanten. Dit duidt erop dat de dunne
lagen gespannen zijn in de richting met het kleinere verschil in roostercon-
stanten. Tenslotte, als het depolarisatie-veld wel een rol speelt (open-circuit),
ordenen de domeinen langs beide pseudokubische richtingen in het vlak.

Daarbovenop hebben we een gradiënt van roosterconstanten waargeno-
men middels Röntgen-diffractie. Dit onthult dat het kristalrooster in dunne
lagen met 90◦ domeinen inhomogeen gespannen is. Voor tetragonale ferroe-
lektrica, waarvan gedacht wordt dat de spanning (tetragonaliteit) en polari-
satie sterk gekoppeld zijn, geeft een gradiënt van roosterconstanten aanlei-
ding tot een gradiënt van de polarisatie. Deformatiekaarten van de rooster-
constanten uit het vlak, verkregen met TEM, laten zien dat de spanningsgra-
diënten veroorzaakt worden door een verhoogde compressie in de scherpe
hoek van elk domein en een verhoogde rek in elke stompe hoek.

De waarneming van periodieke polaire domeinen met nanometer-afmetingen
en de polarisatie alternerend in het vlak en uit het vlak, werpt de vraag
op hoe afmetingen de ferroelektrische eigenschappen beı̈nvloeden. Daar-
om dragen we in hoofdstuk 6 twee methoden aan, om structuren te ma-
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ken waarmee de afmeting- en vorm-afhankelijkheid van PbT iO3 bestudeerd
kan worden. We hebben ketens van PbT iO3 nanodeeltjes gemaakt door zelf-
organiserende blokcopolymeer nanobuisjes op SrT iO3 te gebruiken. Merk-
waardigerwijs kan de morfologie van de nanobuisjes overgedragen worden
naar het PbT iO3 door PLD bij kamertemperatuur gevolgd door verwarming.
Wij menen dat dit mogelijk is door de voorkeur van het PbT iO3 om te kris-
talliseren op die delen van het oppervlak die niet bedekt zijn met blokcopo-
lymeer nanobuisjes. We hebben laten zien dat de nanodeeltjes ferroelektrisch
zijn en dat de ketens van elkaar gescheiden zijn.

Tot slot hebben we PbT iO3/SrT iO3 superroosters gefabriceerd met pe-
riodes van ongeveer 10 eenheidscellen. Zodoende kunnen we de koppeling
bestuderen tussen het ferroelektricum PbT iO3 en het diëlektricum SrT iO3

en de rol van hun grensvlakken. We tonen impedantie-spectroscopie metin-
gen die erop duiden dat het SrT iO3 effectief de lekstroommechanismes in het
PbT iO3 vermindert en dat de diëlektrische constante van deze superroosters
goed overeenstemt met wat men zou verwachten voor een stoichiometrisch
mengsel van de twee materialen. Dit is in tegenstelling met eerdere versla-
gen met betrekking tot soortgelijke superroosters, gegroeid middels sputte-
ring, die een zeer grote, frequentie-onafhankelijke diëlektrische permittiviteit
laten zien. Dit leidt tot de conclusie dat de belangrijke rol die grensvlakken
spelen in de ferroelektrische respons van deze materialen niet intrinsiek is,
maar afhankelijk van de depositie-techniek.

De belangrijkste uitkomsten en originele resultaten beschreven in dit proef-
schrift zijn

1. de groei van coherente ferroelektrische lagen tot diktes van 300 nm en
de uitleg van dit resultaat;

2. de synthese van periodieke tweelingdomeinen met zeer kleine periode
en grote coherentie;

3. de eerste waarneming van een lineaire en niet-monotone schaling van
90◦ domeinen met de laagdikte;

4. de synthese van nieuwe ferroelektrische structuren met een gereduceer-
de dimensionaliteit vergeleken met die van dunne lagen, zoals ketens
van nano-deeltjes.
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Motivation and outline

The mechanisms of ferroelectricity are known since long ago. Nowadays, the
interest in ferroelectricity from the fundamental and applied points of view,
is in the behavior at the nanoscale. Ferroelectrics are already present in de-
vices ranging from memory elements in your Playstation II or IR sensors to
ultrasound generators or piezoelectric gas igniters. Within the light of minia-
turization of many of these applications, there is a strong interest in learning
how ferroelectricity works at the nanoscale and how ferroelectrics respond
at reduced sizes. Questions like: “Down to which size does a ferroelectric
remain ferroelectric?”, have attracted much attention in recent years and the
answer is not straightforward. One of the major breakthroughs in the field
in recent years is the experimental evidence that a 3 unit cell thin film of the
ferroelectric PbT iO3 is still ferroelectric [1]; something that was at odds with
the classical understanding of ferroelectricity.

In this thesis, we focus on ferroelectric thin layers and the effects and
mechanisms that take place upon reducing the film thickness. In order to
attain a large degree of crystal perfection, the layers are to be grown on crys-
talline substrates. One of the important questions we consider involves the
critical thickness for the relaxation of the strain introduced by the substrate
(misfit strain). Due to the increasing energy cost of lattice strain with in-
creasing thickness, compared to the cost of domain wall formation (the most
efficient mechanism for strain relaxation), a critical thickness for strain re-
laxation exists. Below this thickness, the concept of “strain engineering” is
applicable: The crystal lattice of the thin film is deformed to elastically ac-
commodate to the substrate. Above this thickness, 90◦ ferroelastic domains
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appear, to relax the misfit strain. The large thicknesses found for coherent
PbT iO3 films on SrT iO3 substrates, of ∼ 300nm, compared to those calcu-
lated by commonly used models (∼ 10nm), shows that the misfit strain is not
always calculated or interpreted correctly. This discrepancy between model
and experiment has remained long unexplained. This work resolves this is-
sue and shows that a proper choice should be made between different strain
relaxation models (Matthews-Blakeslee [2] and People-Bean [3]) to correctly
predict the critical thickness.

While PbT iO3 on SrT iO3 has a large critical thickness for strain relax-
ation, this system is of little interest for “strain engineering” of the ferroelec-
tric response, because the room temperature in-plane lattice parameters of
film and substrate are nearly equal and the lattice is barely deformed. A
more appropriate choice of substrate to modify the PbT iO3 crystal symme-
try is DyScO3. We will also investigate the critical thickness for strain relax-
ation of this film/substrate system. In this case, the lattice parameters of the
substrate are in between those of the tetragonal film, and 90◦ domains are
expected to form. We show that the coincidence of film and substrate lattice
parameters at the growth temperature minimizes the presence of defects and
highly periodic domain patterns appear. We will use the presence of in-plane
superlattice peaks in the X-ray diffractograms, due to periodic ferroelectric
(180◦) or ferroelastic (90◦) domain formation to extract a maximum of infor-
mation about the films. While this method has been used in recent years to
monitor 180◦ domains for thin films of different thicknesses, we will use it
here to detect low-symmetry phases in epitaxially strained PbT iO3 and to
monitor 90◦ domains as a function of film thickness. Since the domain width
of these 90◦ domains scales with thickness, large domain wall densities and
small domain sizes can be obtained for thin films with thicknesses just above
the critical thickness for strain relaxation.

Both the observation of low symmetry phases and high domain wall den-
sities are thought to be correlated with the enhanced ferroelectric response in
solid solutions of PbT iO3 with other lead compounds (as PZT, used in cur-
rent applications) but the exact mechanisms are unknown. This makes these
thin films of PbT iO3 on DyScO3 highly relevant to study the relationship
between either of these two properties and the ferroelectric response. Func-
tional ferroelectric measurements on such thin films are problematic due to
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leakage and electrode effects and, therefore, most of our characterization is
performed using indirect methods, such as X-ray diffraction, to obtain infor-
mation about the ferroelectric state.

We have studied the coherence of the periodic 90◦ domain wall structures
in thin films with thicknesses 10 < H < 100 nm, in much more detail. While
the coherence of periodic 180◦ domains has been recently exploited to study
ferroelectrics [1], 90◦ domains with large enough registry to produce coherent
diffraction have not been previously reported. The large registry of these pe-
riodic 90◦ domain patterns, is especially interesting because it could be used
to preferentially deposit materials on these periodic nanometer-sized polar
templates. The observed dependence of the domains size (d) with thickness
(H), is in agreement with a model proposed by Speck et al. [4], in which the
twin formation and clamping to the substrate is attained by means of dis-
locations. The stress fields present in the films according to this model were
calculated by Pertsev et al. [5]. These calculations show non-monotonic d−H
scaling for very small thicknesses and a linear relationship between d and H
for intermediate thicknesses, in agreement with our observations.

Finally, we present two examples of more advanced structures of ferro-
electric PbT iO3: PbT iO3/SrT iO3 superlattices and chains of PbT iO3 nanopar-
ticles with ∼ 50nm diameter. We will describe the methods to fabricate these
structures which allow to study the effects of interfaces and reduced dimen-
sions on the ferroelectric properties.

A summary providing an overview of this thesis is presented in the pre-
vious chapter. In short, a general and more advanced introduction into the
field of ferroelectrics can be found in chapters 1 and 2, respectively. While
chapter 1 serves as an introduction to thin films and ferroelectrics for a more
general readership, chapter 2 gives a more advanced overview of the under-
standing and theory of ferroelectrics in their bulk and thin film form. Chap-
ter 3 describes the experimental techniques used in this work to fabricate and
characterize ferroelectric thin films. In chapter 4 and 5, we investigate the
critical thickness for domain formation and the resulting domain structures
under different epitaxial conditions. Domains have a strong influence on the
switching behavior of ferroelectrics and their role is not yet fully understood.
By studying domains and their formation in more detail, we hope, first, to
increase the understanding of the influence of domains on the ferroelectric
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properties and, second, to improve our control of the domains, their orienta-
tions, density and periodicity. Related to this, in chapter 5, we investigate the
influence of different mechanical and electrical boundary conditions on the
domain structures. Finally, in chapter 6, we show how we have constructed
artificial structures, like rods of ferroelectric nanodots and superlattices. This
allows to study the influence of the size and shape of ferroelectrics on their
properties. We will conclude with a publications list, appendices and the bib-
liography.



Chapter 1

General introduction

1.1 Introduction

This chapter serves as an introduction for a general audience to the basic
concepts concerning thin films and ferroelectrics. For the sake of simplicity,
several aspects in this chapter are simplified, generalized or described in an
intuitive way and not always according to strict definitions. Therefore, ad-
vanced readers are advised to skip this chapter.

In modern electronics, many important devices are very slim. Their main
active elements are very thin layers of material with a specific response to an
electrical signal. While in many applications these layers are still microme-
ters thick (we call them “thick films”), we will deal with thinner films (“thin
films”) that are only 10 to 250 unit cells thick (4-100 nanometer). Besides their
low weight and the fact that they require very low power for operation as a
memory element, the main breakthrough of thin films is their integration into
integrated circuits as active elements. The limited size of such thin films pro-
vides another, more academic, advantage: it allows to model sometimes even
the whole film by theoretical atomistic calculations; something unthinkable
for bulk materials. This allows a great deal of feedback between theorists and
experimentalists and has allowed the field to progress very rapidly in the last
few years. And last but not least, these thin films can have properties that are
different, and sometimes better than those of the same material in bulk form.

We will start by explaining some aspects and definitions related to thin
films, in general, and crystalline thin films, in particular. ”Crystalline” means
that a material consists of crystals: a homogeneous solid of regularly ordered
atoms with fixed distances between them. The focus in this thesis is on a spe-
cific kind of these materials: ferroelectric and piezoelectric materials. Piezoelec-
tric or ferroelectric materials are used in devices like ferroelectric computer
memory or airbag sensors. Understanding what a ferroelectric material is,
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why a material is ferroelectric and how we can modify and use the proper-
ties of ferroelectrics to our advantage will help to understand the relevance
of this thesis. And even more important: it can help to gain more insight into
the importance of these types of materials for the operation of memory ele-
ments or airbags.

Ferroelectrics are surprising materials in itself. They display a sponta-
neous electric polarization. Above a certain temperature, Tc, this sponta-
neous polarization disappears. When the temperature approaches Tc, many
materials’ properties, which determine its response to external stimuli (tem-
perature, electric field or pressure), reach enormous values. This means be-
low Tc ferroelectrics are useful, but close to Tc their behavior and response
is enormously interesting! The Tc of the material we have used, PbT iO3, is
490◦C, not such a convenient temperature for many applications. This is one
of the reasons to make thin films of the material, because it is a way to mod-
ify the material in a controlled way and change this Tc. The modification is
due to pressure: when a thin crystalline film is grown on a crystal substrate,
the film is forced to adopt the crystal structure of the substrate and this is
equivalent to constantly applying pressure to a material in two dimensions.

1.2 Thin films

Ferroelectrics are used in many shapes and sizes. In the previous section we
have explained the main advantages of thin films of ferroelectrics. One of
them is that a certain misfit between substrate crystal lattice and film crystal
lattice is likely to exist when a thin film is deposited on a substrate (the two
lattices in Figure 1.1b and c are good illustrations of a misfit). Due to the
limited thickness of the thin film compared to the substrate, the film will
tend to strain to fit the substrate. The influence of the substrate on the thin
film results in so-called misfit strain in the thin film. This method of using a
crystal misfit to achieve strain in a thin film and modify its properties is often
called “strain engineering”.

1.2.1 Stress and (misfit) strain

For “strain engineering”, it is important to distinguish stress from strain.
Stress is defined as the external force applied to a system per unit area, in
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units of Pa = N/m2. This is different from strain, which is usually the result
of an externally applied force and it is defined as the relative (lattice) defor-
mation due to an applied stress. This means that strain has no units. In a
substrate/thin film system, the misfit strain is defined as the difference be-
tween in-plane lattice dimensions of substrate (b) and film (a), normalized by
that of the substrate:

um =
b− a

b
(1.1)

1.2.2 Lattice relations

Thus, unlike amorphous or polycrystalline thin films, single crystalline thin
films have a strong relation with their substrate. Terms defining this single
crystal substrate-thin film relationship, are often used in a sloppy manner.
Therefore, we emphasize here what is meant in this work by

? epitaxy and monotaxy, which refer to the growth process;

? coherency and incoherency, which refer to the substrate-film interface;

? strained and relaxed thin films, which refer to the grown thin film.

We use the definitions found in some well-known literature [6, 7, 8]. The gen-
eral definitions are followed by some comments relating them to this work.

Epitaxy: Mutual orientation of two crystals of different species, with two- di-
mensional lattice control, usually, though not necessarily, resulting in an overgrowth
(Figure 1.1a).
Although the definitions of epitaxy (from Greek; “epi”= above and “taxis”=
in ordered manner) found in literature differ considerably, we use the defini-
tion of the International Union of Crystallography [8]. Substrate-film combi-
nations with a coherent interface and no relaxation within the thin film, meet
this requirement. Epitaxy is only possible for low misfit film-substrate sys-
tems. Layer-by-layer grown films which do not relax after growth (due to
differences in thermal expansion coefficient between film and substrate) are
very likely to be epitaxial.

Monotaxy: Mutual orientation of two crystals of different species, with one-
dimensional lattice control (line of atoms in common), (Figure 1.1b).
The Greek etymology, (“mono” meaning one) clarifies the meaning of this
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epitaxy

coherent

strained

a) b) c)monotaxy

incoherent

non-epitaxial

incoherent

relaxed

Figure 1.1: Top view of the lattice relations between a substrate of circles (A) and
a thin film of crosses (B). a) represents A/B epitaxy with a coherent interface and
a strained B lattice. b) shows the uncommon A/B monotaxy with an incoherent
interface and a B lattice which is strained in one in-plane direction and relaxed in
the other. c) is a relaxed thin film B with an incoherent A/B interface.

rarely used term. When this term was defined by the International Union of
Crystallography [8], no examples of monotaxy were known to the committee
defining it. Introducing slightly rectangular substrates makes this term valu-
able. Lattice matching in one of both in-plane directions seems unlikely, but
is surely not impossible.

Coherency (Figure 1.1a) means that the corresponding atom planes and lines
are continuous across an interface. There is an atom-by-atom matching across
the interface, meaning that there are no atoms missing (dislocations) at the
interface.

Incoherency (Figure 1.1b+c) means that there is no continuity of atomic planes
and lines at the interface. If the atom-by-atom matching across the interface
does exist, but only locally, we speak of a locally coherent interface.

Strained thin films (Figure 1.1a) refer to thin films that adjust their in-plane
lattice parameters to fit to the substrate. In other words, all or most of the film-
substrate misfit is accommodated by lattice deformation. Very little or no de-
fects, dislocations or other stress accommodating mechanisms, like domain
formation, are present in a strained thin film. The term “strain engineering”
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is applied to strained thin films. This term is adopted from semiconductor
industry, where misfit was first used to enhance the properties of functional
layers. For this, only small lattice misfits and small thicknesses are used. For
increased thicknesses, the imposed stress can generally be accommodated
more easily by dislocations and domain formation (growth of differently ori-
ented crystals), thus limiting the applicability of strain engineering.

Relaxed thin films (Figure 1.1c) are thin films in which the misfit stress is too
large to be accommodated by lattice strain. Therefore, the stress is accommodated
by dislocations, domain formation or other stress-relieving mechanisms other
than elastic deformation.

These lattice relations are important because they determine to a large
extent the properties of thin films. In thin films of ferroelectrics there is a
direct coupling between the strain state and the properties of the material,
which makes thin films of ferroelectrics the ideal playground for “strain en-
gineering”. To understand the possible effects of strain, we will continue by
describing some fundamental aspects of ferroelectrics.

1.3 Ferroelectricity and related concepts

1.3.1 Crystals and symmetry in ferroelectrics

Crystals and crystalline materials are not only used for jewelery, but also for
many technologically important applications, like transistors, solar cells and
diamond saws. By looking more carefully at the structure of crystals, we see
that a certain arrangement of atoms is repeated over and over again. The
smallest arrangement of atoms is called the primitive unit cell and the sizes of
the smallest box one can draw around this in three dimensions are what we
call the lattice parameters a, b, c (Figure 1.2). The unit cell is repeated in three
dimensions periodically to form the crystal lattice. Besides, specific (com-
binations of) symmetry operations can be performed on the crystal without
changing its ordering. These symmetry operations are translation, reflection,
rotation and inversion. The absence of an inversion center is one require-
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a

b

primitive unit cell

c

Figure 1.2: Representation of a two-dimensional crystal lattice with a non-
centrosymmetric primitive unit cell. Besides the lattice parameters a and b, a single
primitive unit cell is indicated.

ment for a material to be piezoelectric1. Materials which lack an inversion
center are called non-centrosymmetric. In addition to this requirement of
non-centrosymmetry, a material should not be a conductor and preferably, an
insulator, to develop a dielectric polarization when it is subjected to an elec-
tric field. In this case, we call a material piezoelectric: it displays a change
in electric polarization with a change in applied stress. Piezoelectric ma-
terials also display the reverse effect: they deform upon the application of
an electric field. If a piezoelectric crystal has a unique polar axis even in
the absence of stress, it is called polar or pyroelectric. Materials from the

1All possible combinations of translation, reflection, rotation and inversion, give rise to 230
different space groups. The space group is determined by the crystallographic point group and
the translational symmetry. The point group is formed by all symmetry operations other than
translation; these being reflections, rotations, inversion, and combinations of these, that leave
at least one point unmoved and the crystal unchanged. There are 32 possible point groups
and many crystals’ properties can be deduced by looking at the point group. Looking at the
32 possible point groups, 11 are centrosymmetric and 21 are non-centrosymmetric. This last
category lacks an inversion center and crystals from these groups display piezoelectricity -
except point group 432 which is non-centrosymmetric but has other symmetry elements that
combine to exclude piezoelectricity.
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subgroup of pyroelectrics that have a reversible or switchable polarization,
are called ferroelectrics. A schematic of this classification is shown in Figure
1.3. Note that all ferroelectrics are also pyroelectric and piezoelectric. The
name ferroelectric is somewhat confusing: Although iron is not necessarily
involved, they are called ferroelectrics because they are the electric analogue
of ferromagnets. These permanent magnets that we know from kitchen mag-
nets, hard disks etc., have taken their name from their most popular exam-
ple: iron (ferrum). A ferroelectric is therefore defined as a material which
has a switchable permanent polarization, also in the absence of an electric
field. A typical property of a ferroelectric (and experimental proof of ferro-
electricity) is a polarization-electric field hysteresis loop: the direction of the
spontaneous polarization can be reversed by an applied electric field, with
a typical switching behavior and dissipation as shown in Figure 1.3. A ma-
terial is only ferroelectric below a certain critical temperature Tc and above
Tc the crystal is said to be paraelectric, exhibiting a linear and non-hysteretic
polarization-electric field dependence.

1.3.2 The mechanism of ferroelectricity

Different types of ferroelectrics exist, but we will only treat the class of dis-
placive ferroelectric oxides with a perovskite structure. These materials have
a permanent polarization density, which is often simply called ’polarization’.
In electromagnetism, the polarization is the dipole moment per unit volume
(the amount of charge multiplied by it’s displacement, per unit volume). The
total polarization can consist of an electronic polarization (due to the dis-
placement of the electronic shells) and the ionic polarization (due to the dis-
placement of ions). The total polarization P of a ferroelectric in an electric
field consists of a spontaneous polarization Ps and the polarization due to the
external electric field PE . This total polarization modifies the electric field in-
side the ferroelectric, therefore the electric displacement field D that accounts
for the effect of bound charges, should be considered as:

D ≡ ε0E + P = ε0εrE + Ps (1.2)

Where εr = 1 + χ is the dielectric constant and χ is the dielectric susceptibil-
ity. In addition to a spontaneous polarization, ferroelectrics have the largest
dielectric constants of all known materials. Ferroelectrics with the largest po-
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Figure 1.3: Diagram of the crystal groups and subgroups defining piezoelectrics, py-
roelectrics and ferroelectrics. Vertically, some examples of the concerning materials’
class are given. On top of that, a typical ferroelectric P-E hysteresis loop is shown,
measured on a 790µm thick PZT sample supplied by Joost van Bennekom (Univer-
sity of Twente). The measurement has been taken with a ferroelectric tester from
Radiant Technologies, using a maximum applied voltage of 1500V and a hystere-
sis period of 4 sec. Indicated are the coercive field, Ec ≈ 7.2kV/cm, the saturation
polarization, Ps ≈ 29.3µC/cm2 and the remanent polarization, Pr ≈ 24.3µC/cm2.

larizations are often ABO3 perovskites (A and B stand for metal ions.
Figure 1.4 shows the tetragonal (ferroelectric) and cubic (paraelectric) unit

cell of the material mainly used in this thesis, PbT iO3. Although every ABO3

ferroelectric perovskite has its own specific properties due to different A and
B-site atoms, several mechanisms are general. From here on, we will treat
PbT iO3, which has a ferroelectric (cubic-to-tetragonal) phase transition at
Tc = 490◦C. Above Tc, PbT iO3 is cubic and non-polar (paraelectric), below
Tc it is tetragonal ferroelectric. Figure 1.4 also shows that in the ferroelectric
tetragonal phase, the ions are displaced from their highly symmetric posi-
tions.

One might wonder why the ions in a ferroelectric are displaced in the first
place and, more generally, why a material is ferroelectric. The general answer
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will be given here, while the details will be dealt with in chapter 2. The atoms,
treated as particles, interact via two main mechanisms on two different length
scales: long-range attractive Coulomb interactions and short-range repulsive
interatomic interactions (Rydberg-like potential). Whereas the long-range
Coulomb interactions in the perovskite structure favor the ferroelectric state,
the short-range repulsive interactions favor the non-polar cubic state [9].

In PbT iO3, the structural phase transition from the cubic to the tetragonal

Figure 1.4: Schematic representation of the tetragonal (left) and the cubic (right) unit
cell of the ferroelectric material lead titanate (PbT iO3). Bulk PbT iO3 is tetragonal be-
low Tc and cubic above Tc. Indicated are the cubic lattice parameter a, the tetragonal
a and c lattice parameters, the polarization vector, P , and the definitions of direc-
tions (1,2,3) and rotations (4,5,6), useful for the definition of the piezoelectric tensors.
Lead atoms are depicted in white, titanium in black and oxygen in gray. The atomic
displacements are not to scale.

phase is first order. This means that the transition is abrupt and coexistence
of the two phases can be observed. In everyday life, freezing water (H2O) is
a good example of a first order phase transition: The phase transition from
water to ice (and vice versa) is accompanied by a large amount of energy (la-
tent heat) and the heat put into the system is used to accomplish the phase
change with no temperature variation (latent heat, see Figure 1.5). This also
illustrates that phase transitions often lead to interesting effects: the phase
transition from water to ice (and vice versa) is accompanied by an unusual
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volume change. Besides first order phase transitions, also second order phase
transitions exist, which are continuous phase transitions and have no associ-
ated latent heat. The main difference between the two types is that, while
first-order phase transitions occur by nucleation and growth of one phase
into the other, second order phase transitions occur due to fluctuations of the
so-called “order parameter” (a property that is zero above Tc, such as the po-
larization). Although both transition types are associated with an anomaly
of the dielectric susceptibility at Tc (i.e. an extreme response to an external
electric field), this anomaly is much larger in the case of second order phase
transitions (theoretically, infinity).
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Figure 1.5: Characteristic temperature dependent properties of PbT iO3, all showing
an anomaly at the transition temperature Tc ≈ 490◦C. (Top) The lattice parameters a
and c (continuous line) [10] and the specific heat Cp (dashed line) [11]. (Bottom) The
dielectric constant in the c-direction, εc, (continuous line) [12] and the piezoelectric
coefficient, d33, (dashed line) [13] are shown.
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1.3.3 Phase transitions

The phase transition in PbT iO3 is marked by a large change in lattice param-
eters, the release of latent heat and an increase in the dielectric constant and
piezoelectric coefficients (Figure 1.5). In short: interesting changes in mate-
rials’ properties occur at the phase transition. But the critical temperature
of 490◦C is not such a convenient temperature for many applications. It is
therefore desirable to search for “knobs” to tune this transition temperature,
or to induce other phase transitions. One may also want to modify the mate-
rials’ response, that is the physical properties, such as the dielectric constant
or piezoelectric coefficients. This requires variables which have a direct influ-
ence on the order parameter, the polarization. Besides temperature, the most
important variables to influence the polarization are electric field and pres-
sure. By changing the kind of substrate and/or the film thickness, the stress
applied to the film can be tuned, making stress via epitaxial strain a suitable
“tuning knob”.

Ideally, the stress modifies the crystal structure in such a way that the

T

x

MPB

T

x

MPBa) b)

Figure 1.6: T − x phase diagrams of a ferroelectric, where T is the temperature and
x a variable influencing the order parameter (e.g. chemical composition, pressure,
electric field). The two phase diagrams describe two different models, in which the
enhanced piezoelectric response close to the MPB is associated with a phase transi-
tion (a) or the existence of a low symmetry “bridging” phase (b).

Tc and, thus, the phase boundary shifts to(wards) room temperature. This
change of crystal structure also modifies the spontaneous polarization P0 and
possibly the order of the phase transition. In bulk ferroelectrics, pressure-
induced phase transitions have been shown by experiments in high-pressure
cells, but also by the replacement of homovalent cations with different sizes,
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which effectively gives rise to so-called “chemical pressure”. A giant piezo-
electric effect2 can be observed in ferroelectric perovskite solid solutions upon
replacement of the B cation, at a composition at which a phase transition
to another crystal phase takes place, corresponding to the so-called “Mor-
photropic Phase Boundary” (MPB; Figure 1.6). Originally, a MPB was a com-
positional phase boundary between two adjacent phases in the phase dia-
gram with a weak (or no) temperature dependence [14], as happens in the
well-known piezoelectric PbZrxTi1−xO3 (PZT). Nowadays, the more general
concept is often used, and a MPB is any vertical, or nearly vertical, line in the
temperature-x phase diagrams, x being composition, pressure, electric field,
etc. (Figure 1.6).

The nature of the MPBs and the associated abrupt increase in piezoelec-
tric response is still a very lively research topic. Currently, two general views
prevail to explain the enhanced intrinsic piezoelectric response. According to
some, the sole presence of a phase boundary at the MPB is sufficient to pro-
duce large responses (Figure 1.6a) [15]. Based on the observation of a mon-
oclinic phase at the MPB of PZT and related systems, other models stress
the importance of an intermediate phase with lower symmetry (Figure 1.6b),
which leads to enhanced piezoelectric response via polarization rotation [16].
Despite these differences, all models agree on one aspect: the importance of
the change in direction of the polarization [17], either continuously or discon-
tinuously due to a change of polar axis.

1.3.4 Ferroelectric and ferroelastic domains

In the previous sections, the intrinsic materials properties have been described.
Now we move a step closer to consider a ferroelectric material applied in a
macroscopic device. A logical first step is to make a device to store charge:
A ferroelectric slab with electrodes on both sides (a capacitor). By doing so,
some macroscopic effects will be incompatible with our ideal descriptions on
the microscopic level. Up to now, we have assumed that a ferroelectric can be
fully polarized in a single direction or strained to any state. But on the macro-
scopic level this gives rise to a charged surface and unrealistic lattice strain,
respectively. Therefore, the macroscopic energetics and boundary conditions
will interfere with the microscopic energetics and this gives rise to additional

2The surprisingly large increase in piezoelectric response of these materials close to the
MPB is often called giant piezoelectric effect.
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mechanisms to reduce the overall energy of the system.
Due to the imperfection of the electrodes, the macroscopic polarization

in a capacitor is different from what one would expect based on the micro-
scopic polarization. In the ideal case, the available charges totally screen the
polarization and are located exactly at the electrode/ferroelectric interface.
With realistic electrodes, the polarization may not be totally screened and
the screening charges are distributed over a small region in the metal giving
rise to finite dipoles at the interface with an associated voltage drop over the
ferroelectric thin film, which in turn leads to a compensating depolarization
field. For relatively thick capacitors, this field is relatively small, but with
decreasing thickness of the ferroelectric, this field increases and ultimately
suppresses the ferroelectricity. In the absence of one or any electrode, the sit-
uation becomes even worse: the free surface will attract any polar material
(notably polar molecules, like H2O), with larger associated screening lengths
to screen the charges. But there are other ways in which the existence of
a macroscopic depolarization field is avoided above all. The most obvious
way is by the formation of alternating up and down polarized domains. In
this way, the existence of a macroscopic charged surface is prevented before-
hand so no macroscopic depolarization field will be present. These domains
are called up and down, 180◦ or c + /c− domains and will form periodically
(Figure 1.7).

Similar to the electrical boundary conditions, the physical boundary con-
ditions lead to a macroscopic strain state different from what one would ex-
pect based on the microscopic lattice strain. In (ultra)thin films the energy
cost of lattice deformation is low, as it scales linearly with thickness. But with
increasing thickness, the energy in these systems grows and above certain
thicknesses it becomes energetically favorable to relax the strain on the unit
cell level. In the case in which the lattice parameter of the substrate is in be-
tween those of the film (af < b < cf ), the film will form regions with different
crystal orientations, alternating the in-plane orientation between the short a-
axis and the long c-axis. This so-called “a/c-domain” or 90◦ domain structure
allows the lattice to relax when the energy cost of forming the domains, is
more favorable than the lattice strain. Therefore, a critical thickness exists for
every film/substrate combination, above which an a/c-domain structure will
form. In the case of matched lattice parameters in the paraelectric phase with
no defects present, the crystal will show periodic areas with different crystal
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orientations (Figure 1.7).

1.3.5 Materials for applications

The material used in this thesis work is PbT iO3, a ferroelectric with well-
known bulk properties. Although a classical ferroelectric, pure PbT iO3 is
not amongst the most used ferroelectrics in commercial applications. In-
stead PbT iO3-based solid solutions3 are preferred in devices. The reason
for this is their enhanced properties when they are tuned to be in the prox-
imity of their so-called Morphotropic Phase Boundary (MPB), as explained

3Solid solutions are the solid state equivalent of solutions. This means that it is a solid state
solute solved in a solid state solvent. The mixture remains in a single homogeneous phase
and the solute is incorporated into the crystal structure of the solvent.
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previously. Solid solutions based on PbT iO3, like PZT4, PMN-PT and PZN-
PT [18] are often used in applications, but also related, non-lead-containing,
materials like SBT and BST4 are found in devices. The coupling between po-
larization and stress in ferroelectrics, makes these materials ideal in situations
where conversion between electrical and mechanical energy or vice-versa, is
required (unfortunately, it also leads to fatigue issues in device operation).
One can think, for example, of electromechanical actuators and sensors, pro-
duction and detection of sound and ultrasound, generation of high voltages,
memory devices, electronic frequency generation and ultra-fine positioning.
In practice, this means that piezoelectrics are found in scientific instrumental
techniques with atomic positional resolution, like STM, AFM and Scanning
Near-Field Optical Microscopy (SNOM), and in everyday life in versatile ap-
plications as loudspeakers, inkjet printers, diesel engines, airbag actuators,
sonar detectors, accelerometers, movement detectors, alarm buzzers, to name
just a few.

All of the mentioned ferroelectric perovskites suffer from one problem
(when undoped): they all are semiconductors in bulk [19]. This originates
from the presence of impurities, the different possible oxidation states of
metals, oxygen vacancies and, in some cases, like in PbT iO3, cation vacan-
cies. In bulk, the substitutional metal-ion impurities are mainly acceptors
(due to abundances on earth) resulting in p-type semiconductivity. For this
reason, lanthanum-doping on the lead-site is an effective means to suppress
semiconductivity, which results for example in La-doped PZT (PLZT). Oxy-
gen vacancies which is a specific problem in perovskites, and especially in
thin films and surfaces, leads to n-type semiconductivity. Thin films of ferro-
electrics are therefore often p-type semiconductors with n-type interface lay-
ers. This complicates electrical measurements and poling, since an applied
electric field can give rise to a current instead of polarization switching.

4The abbreviations are commonly used in the field of ferroelectrics and stand for
PbZr1−xT ixO3 (PZT), Pb(Mg1/3Nb2/3)xT i1−xO3 (PMN-PT), Pb(Zn1/3Nb2/3)xTi1−xO3

(PZN-PT), SrBi2Ta2O9 (SBT), BaxSr1−xTiO3 (BST) and La : PbZr1−xT ixO3 (PLZT).





Chapter 2

State of the art of ferroelectrics

2.1 Introduction

Although the macroscopic understanding of the classical ferroelectric PbT iO3

is to a large extent established, the behavior on the atomistic level and close
to the phase transition, is not. This applies even more to the solid-solutions
with PbT iO3 as the “parent compound”, often used in applications. Indeed,
many ferroelectrics used in devices are PbT iO3-based solid solutions with
the other end member of the solid solution chosen such that a phase bound-
ary nearly parallel to the temperature axis exists between different crystallo-
graphic phases, the so-called “Morphotropic Phase Boundary” (MPB; see Fig-
ure 1.6). Ultrahigh piezoelectric coefficients and electromechanical coupling
factors are observed close to this MPB. The cause of the enhanced piezoelec-
tric properties of these materials is not yet fully understood and different
models exist to explain the behavior. Most explanations are related to the
behavior of the “parent compound” under (chemical) pressure or in electric
field, but a unified theory is not yet established. The interplay between theory
and experiment on “parent compounds” and solid solutions is leading to an
increased insight into the important mechanisms underlying the enhanced
piezoelectric response. But real bulk systems are far from the ideal materi-
als considered in the theory. Epitaxially strained and (partially) relaxed thin
films of PbT iO3 could lead to more insight in the suitability of the different
models.

This chapter gives a description of the atomistic mechanisms of ferro-
electricity in PbT iO3 and the models to explain the enhanced piezoelectric
properties of solid solutions, as well as the theoretical approaches to describe
ferroelectric thin films under epitaxial strain. These descriptions can gener-
ally be attempted in two ways: First principles calculations which are purely
theoretical (as long as ab initio parameters are used), on the one side, and
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phenomenological calculations, which involve a descriptive approach, on the
other side. First, we consider the mechanism of ferroelectricity in bulk ferro-
electrics. Subsequently, we show how the theory and phenomenology can be
modified to be applied to epitaxial thin films. Finally, we will list the driving
forces for the appearance of ferroelectric domains in these thin films and the
way these domain structures self-organize.

2.2 Classical ferroelectrics and solid solutions

PbT iO3 is an archetype of tetragonal perovskite ferroelectrics with well- known
bulk properties. It belongs to the class of perovskite crystal structures with
general formula ABO3 and has a high-temperature cubic paraelectric state
and a low-temperature tetragonal ferroelectric state (Figure 1.4). In bulk
PbT iO3, the first order phase transition between these two states takes place
around Tc = 490◦C. In the tetragonal state, the relative z-coordinates of some
ions is shifted with respect to the cubic state, which gives rise to a polar-
ization along the [001]-direction. This spontaneous polarization is as high
as P0 = 0.75C/m2 at room temperature, one of the largest spontaneous po-
larizations of all known ferroelectrics. PbT iO3 displays, as many tetragonal
perovskites, a strong polarization-strain coupling, which makes them ideal
candidates to modify their properties by (epitaxial) strain. This is generally
called “strain engineering”. An overview of the most important properties
and parameters of lead titanate is given in appendix 6.4.

Because there is a strong relation between the structure and properties of
the perovskite ABO3 compounds discussed here, some more details on their
general properties are of interest. The general mechanism1 for ferroelectric-
ity in ABO3 perovskites, is a shift of the B-site transition metal cation with a
nonmagnetic d0 electronic structure. In the past sixty years, many of such d0

perovskite ferroelectric compounds and solid solutions have been studied, a
handful of characteristic examples are reported in references [14, 15, 18, 21,
22]. The requirement of “d0-ness” has been explained in terms of covalent
bond formation between empty transition metal d orbitals and filled O 2p or-
bitals [9]. In the case of our “parent compound” PbT iO3, the Pb2+ ion has an
empty 6p orbital, the Ti4+ has empty 3d and 4s orbitals and the O2−’s have

1Of course, there are exceptions from this generality. The ferroelectricity in the so-called
“geometrical ferroelectric” Y MnO3 is driven by MnO5 polyhedron rotations [20].
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filled 2p orbitals. Whereas the empty d and filled 2p orbital-configurations are
of importance for the existence of ferroelectricity, the Pb orbital-configuration
is a less strict requirement. As long as the A-ion allows the perovskite phase
to stabilize with a d0 transition metal cation, the material can be ferroelectric.
Therefore, in analogy with the charge state of compound semiconductors,
1/5, 2/4 and 3/3 systems can be distinguished. Not only PbT iO3 (2/4), but
also compounds like BaTiO3 (2/4), BiFeO3 (3/3) and KNbO3 (1/5) are fer-
roelectric.

However, the A-cation does play an important role in the ferroelectric be-
havior and the large spontaneous polarization observed in the pure PbT iO3

compound, compared to other ATiO3 ferroelectric perovskites, has been ex-
plained by a strong hybridization between the Pb2+ and O2− ions [9]. De-
spite this large polarization, pure PbT iO3 is not amongst the ferroelectrics
most frequently used in commercial applications; PbT iO3-based solid solu-
tions are, instead, utilized. The reason for this is the increase in susceptibili-
ties when the composition is tuned to be in the proximity of the MPB. Solid
solutions based on PbT iO3, like PZT, PMN-PT, PSN-PT and PZN-PT2 have a
phase diagram in which many of their susceptibilities like the dielectric con-
stant, ε(εij = χij + 1); χij = ( δPi

δEj
)T ), electromechanical coupling constants,

kij , and piezoelectric coefficients, dij(dij = ( δPi
δsj

)T ; where s is stress), vary
as a function of their composition and peak at the MPB between a tetrag-
onal and a rhombohedral phase. It is quite remarkable that solid solutions
like PZT, PMN-PT and PZN-PT show enhanced susceptibilities, since these
materials are solid solutions of the ferroelectric PbT iO3 and, respectively,
the antiferroelectric PbZrO3 and the relaxors PbMg1/3Nb2/3O3 (PMN) and
PbZn1/3Nb2/3O3 (PZN)3. Analyzing these solid-state solutions as mixtures
does not immediately suggest that they should have enhanced susceptibil-
ities. However, one should look at them as an ABO3 compound with ion
replacement on either the A or the B site. Ion replacement is an effective
means to change the crystal symmetry and produces non-linear effects in the

2These abbreviations are commonly used in the field of ferroelectrics and stand for
PbZr1−xT ixO3 (PZT; MPB at x ≈ 0.48), Pb(Mg1/3Nb2/3)xTi1−xO3 (PMN-PT; MPB at x ≈
0.65), Pb(Sc1/2Nb1/2)xTi1−xO3 (PSN-PT; MPB at x ≈ 0.60) and Pb(Zn1/3Nb2/3)xTi1−xO3

(PZN-PT; MPB at x ≈ 0.92).
3Relaxors are ferroelectric materials with a complex behavior. They have cation-disorder

between B or A cations with different valences that induces broad frequency-dependent di-
electric response.
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compounds’ dielectric response. Replacement of the Ti4+ by the homovalent
Zr4+ in PZT is a straightforward choice: Only the ion-size changes and this
gives rise to so-called “chemical pressure”, which will be seen in more detail
in the next section. But also replacement by a mixture of heterovalent Sc3+

and Nb5+ is possible, where (Sc+3
1/2Nb+5

1/2)
+4 allows relaxor behavior to be

displayed. In cases where either the valence or the sizes of the cations differ
considerably, they can lead to interesting ordering effects [22].

2.3 Chemical pressure and epitaxial strain

Different models exist to explain the previously described enhancement of
dielectric properties. We will treat these models here shortly in the chrono-
logical order in which they have been published. A more thorough descrip-
tion can be found in literature [16].

The early work on PbZr1−xTixO3 (PZT) led to the general believe that the
MPB in PZT (the first MPB known) around x ≈ 0.50 is a region of coexistence
of tetragonal Ti-rich and rhombohedral Zr-rich phases. During the renais-
sance of piezoelectricity research in the 1990s, this model was expressed in
several papers, most notably by Cao and Cross [14]. They state that the ex-
istence of a tetragonal and rhombohedral phase which are equivalent in en-
ergy, makes it conceivable that electric-field or stress-driven phase transitions
in between these two ferroelectric phases are possible. The increased avail-
ability of polar states in the region of coexistence of the two phases, could
explain the enhanced dielectric and piezoelectric properties of PZT. Progress
in this understanding was hampered by the lack of single crystals of PZT.

In 1997, Park and Shrout [18] observed that in PZN-PT and PMN-PT-
crystals close to the MPB, the largest piezoelectric response is along the [001]-
direction. This is remarkable because a large response along the [001]-direction
is associated with a tetragonal symmetry, while these crystals have a rhom-
bohedral symmetry (with the polar axis along the [111]-direction). Park and
Shrout proposed a model based on “domain engineered configurations”: At
low applied electric fields, the polar vectors in each rhombohedral domain
variant will rotate continuously towards the [001]-direction of the applied
field. At high electric fields, all polarization rotation ceases and an electric-
field induced phase transition to a tetragonal phase will occur with the polar-
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ization along the [001]-direction. This implies that at low fields the symmet-
rically oriented rhombohedral domains effectively produce a macroscopic
tetragonal symmetry. At large fields, an electric field-induced phase tran-
sition gives rise to phase coexistence and the enhanced properties associated
with this transition.

Although these models could explain many aspects of the unusual fer-

Figure 2.1: Illustration of polarization rotation: an applied electric field E along the
[001] direction rotates the polarization from the rhombohedral [111]c-direction to-
wards the tetragonal [001]c-direction. The polar axis of the monoclinic phase is not
fixed but is free to rotate within the mirror plane (gray) between the limiting direc-
tions of the rhombohedral (R) and tetragonal (T) phases.

roelectric response close to the MPB very well, the rhombohedral-tetragonal
phase coexistence was discarded shortly afterwards. Careful analysis of high-
resolution synchrotron X-ray powder diffraction revealed an unexpected mon-
oclinic phase at the MPB of PZT [21]. The only symmetry element of this
monoclinic phase with space group Cm is a mirror plane; the only com-
mon element of the tetragonal P4mm and the rhombohedral R3m phase.
Therefore, the monoclinic phase forms, symmetry-wise, a logical connec-
tion between the two phases (see Figure 2.1). Somewhat later, the stabil-
ity of the monoclinic phase close to the MPB with a random Zr/T i cation
distribution was reproduced by first-principles calculations by Bellaiche et
al. [23]. Vanderbilt and Cohen [24] predicted by a Landau-Devonshire ap-
proach two more “connecting” monoclinic phases between perovskite phases
which have been shown to be present experimentally in solid solutions like
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PMN-PT [25]. Besides these observations and their theoretical foundation,
the monoclinic phase allows for a clear-cut explanation of the enhancement
of ferroelectric properties close to the MPB. Fu and Cohen [17] reported first-
principles calculations showing the mechanism of polarization rotation: the
high electromechanical response in rhombohedral PMN-PT and PZN-PT un-
der an electric field in the [001]-direction, was due to rotation of the polar-
ization in the plane defined by [001] and [111] (Figure 2.1). In the case of
Cm compounds, like PZT, this is the monoclinic plane, so the existence of
a monoclinic phase close to the MPB allows for polarization rotation and
could, therefore, explain the enhanced piezoelectric response [23]. Again, the
change in symmetry can be thought to be caused by the “chemical pressure”
that the cation replacement of the Ti atom by the somewhat larger Zr atom,
brings about.

The difficulty of observing a monoclinic phase by an averaging technique
like X-ray diffraction became clear in an article by Khachaturyan, Viehland
and collaborators [26] and their idea has been later refined by Wang [27].
They showed that a nanoscale coherent mixture of ferroelectric tetragonal
nanodomains can be interpreted as an adaptive ferroelectric phase (similar
to those appearing in martensites), whose nanodomain-averaged crystal lat-
tice is monoclinic. Indeed, a size reduction of the domains is expected at the
MPB due to the decrease in anisotropy. This complicates the observation of
a monoclinic phase and requires measurement techniques probing different
length scales to distinguish between an externally driven phase transition, a
monoclinic phase or a combination of both. The reason for this is that the av-
erage structure and the structure at the unit cell level can be quite different in
these ferroelectric solid solutions with intrinsic cation disorder. Based on the
observations of Khachaturyan and co-workers, Theismann et al. [28] recently
proposed a model in which the enhancement of piezoelectric properties close
to the MPB of PZT is extrinsic and closely connected to the existence of tetrag-
onal nanodomains. They showed switching experiments in which mainly the
nanodomain structure responds to an electric field. As the number of nan-
odomains increases upon approaching the MPB and their size decreases, this
leads to the thought that the presence and number of nanodomains is related
to the enhanced ferroelectric properties close to the MPB.

Treating both intrinsic and extrinsic contributions to piezoelectric prop-
erties, Damjanovic [15] stressed the presence of extrinsic effects, but more
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importantly proposed an intrinsic model for the enhanced piezoelectric re-
sponse close to the MPB. Using Landau-Ginzburg-Devonshire thermodynamic
theory, Damjanovic showed that the nature of the high piezoelectric response
along non-polar directions can be interpreted in terms of the flattening of the
Gibbs free energy profile as the composition changes from either end member
towards the MPB. He points out that close to any phase transition, flattening
of the energy landscape occurs. This automatically gives rise to an increase
in dielectric constant, which is inversely proportional to the derivative of the
Gibbs free energy, and allows for enhancement of piezoelectric properties,
also outside the MPB region. Moreover, a flat energy profile means that the
crystal is very susceptible to polarization rotation, both in line with observa-
tions. The most common observation of this enhancement of dielectric and
piezoelectric responses takes place close to Tc at the ferroelectric-paraelectric
phase transition at any composition. But the strong temperature dependence
makes these cases much less useful than the enhancements at the MPB, which
has very little temperature-dependence.

Since then, many different articles have appeared using different mea-
surement techniques showing either an externally driven phase transition, a
monoclinic phase or a combination of both. One important drawback in the
interpretation of the experiments and their modeling is the complex chem-
istry and disordered nature of all materials showing MPBs. One way to over-
come this issue is to use the pure PbT iO3 compound and replace the “chem-
ical pressure” by epitaxial strain to induce a MPB. For thin films of PbT iO3

that are sufficiently thin to accommodate the misfit stress with the substrate
by unit cell deformation (i.e. lattice strain), epitaxial strain can be used to
lower the symmetry to obtain monoclinic-like phases, in line with the model
by Noheda et al. [21]. This requires substrates with lattice parameters close to
those of PbT iO3, since experiments show that misfit strains larger than ±2%
cannot be accommodated by lattice deformation [29]. Knowing the tempera-
ture dependence of the lattice parameters of PbT iO3 (Figure 1.5), this means
that substrate lattice parameters between 3.827 and 3.983 Å at room temper-
ature are required.

On the other hand, partially strained thin films can be obtained when
the thicknesses are slightly above the critical thickness for strain relaxation.
These put less stringent measures on the substrate lattice parameters and
generally show nanoscale domains. Therefore, these films can be used to
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verify the role of nanodomains [26, 28] either in defining the macroscopic
symmetry of the materials showing large piezoelectric response or in deter-
mining the role of domain walls on the piezoelectric response. In conclusion,
for all models, epitaxial strain in ferroelectric thin films could be an effec-
tive means to investigate and modify the piezoelectric response. Whereas the
presence of a monoclinic phase can be tested in strained thin films with a
modified crystal structure, the presence of nanodomains with densities vary-
ing with thickness can help understanding the role of domain walls on the
dielectric and piezoelectric properties. Thin films of pure PbT iO3 can help
elucidate the applicability of either of the two models and in combination
with reliable measurement of the ferroelectric properties of these (ultra)thin
films, this allows to show the importance of the presence of the monoclinic
phase or nanodomains. Unfortunately, reliable measurement of the ferroelec-
tric properties of these (ultra)thin films remains problematic and resolution
of nanodomains by standard diffraction techniques is not possible.

2.4 Bulk ferroelectric perovskites

We will now discuss the two pathways generally used to model ferroelectrics
like PbT iO3. On the one hand, a theoretical microscopic view is used in
which the ferroelectric is described by a Hamiltonian with parameters ob-
tained by first principles. On the other hand, a macroscopic view based on
experimental observations, allows to use the Landau(-Ginzburg-Devonshire,
LGD) approach in which the Gibbs Free Energy with experimentally obtained
parameters is the starting point of the description (phenomenology). Both
approaches will be briefly described here, centered around seminal works on
PbT iO3 by Cohen [9], Bellaiche [23], Waghmare and Rabe [30] and Meyer
and Vanderbilt [31](first principles) and Landau [32] and Pertsev [33] (phe-
nomenology).

2.4.1 First principles

The atomic structure and interatomic interactions of displacive perovskite
ferroelectrics are central to their theoretical description. As already pointed
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out in section 2.2, Cohen [9] has been able to explain the existence of ferro-
electricity in the classical ferroelectrics PbT iO3 and BaTiO3 very well by us-
ing first-principles electronic-structure calculations. He showed that in these
materials, hybridization between the titanium 3d and oxygen 2p states is es-
sential for ferroelectricity. More complex systems of disordered solid solu-
tion have been successfully described by Bellaiche et al. [23]. They have been
the first ones to reproduce the monoclinic phase in PZT by first principles
calculations. The core of many first-principles calculations is formed by the
ultrasoft pseudopotentials as described by Vanderbilt in 1990 [34]. These po-
tentials can describe the total-energy surface of perovskites, predicting mate-
rials’ characteristics like the crystal symmetry, lattice parameters, elastic con-
stants and band structures.
A different approach was employed by Waghmare and Rabe [30] who con-
structed a first-principles effective Hamiltonian model through the use of a
localized, symmetrized basis set of “lattice Wannier functions” which mathe-
matically shows strong resemblance with phenomenological Landau expan-
sions [35]. Their model Hamiltonian is based on lattice dynamics and is es-
sentially a function of the unstable phonons of the high-symmetry reference
structure, i.e. the soft-mode distortion ξ. Explicitly, their Hamiltonian reads:

Hbulk
mod(ξ) = Aξ2 + Bξ4 + Cξ6 + Dξ8 (2.1)

Since the soft-mode distortion is an order parameter of the ferroelectric tran-
sition, the similarities with the Landau expansion in the next paragraph are
easily seen. Indeed, the definition of polarization from a microscopic point of
view, easily shows this relation between the polarization P and the average
uniform local distortion 〈ξ〉:

P =
Z∗. 〈ξ〉
Vcell

(2.2)

Where Z∗ is the mode effective charge and Vcell the unit-cell volume. This
describes the mechanism very well and allows to extract the symmetry of
the ferroelectric phase through the symmetry of the soft-mode. For ferro-
electric thin films, the comparison of experiment and theory may be difficult
because the measurement of both the polarization and the atomic positions is
very challenging. Fortunately, Landau theory provides insight into coupling
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between the polarization and an easier accessible measurement: the tetrago-
nality c/a.

2.4.2 Phenomenology

The phenomenological Landau theory [32] solely uses symmetry consider-
ations, to describe a system’s equilibrium behavior near a phase transition.
It is a strictly macroscopic approach, expressing the free energy as a power
series expansion of an order parameter of the phase transition. The input
coefficients for this free energy expression can be obtained experimentally
or via first-principles approaches, but the experimental ones are most often
used.

Several considerations are needed to apply this theory: The order param-
eter should be small (i.e. this does not hold far from Tc or for strongly first
order transitions) and a good knowledge of the symmetry of the phases on
opposite sides of the phase transition is required. For the paraelectric-to-
ferroelectric transition, one macroscopic order parameter is the polarization
P(T ). The Gibbs free energy, G, is the most appropriate energy expression
(the stress is not a function of the polarization) and it can be expressed as a
function of the main order parameter, P, the electric field, E, and the strain,
u. While it is, in principle, not correct to use the Helmholtz free energy (it
allows for non-constant pressure), this is often done since it can be expressed
as a function of an experimentally convenient parameter: strain, u (whereas
Gibbs free energy is expressed in terms of stress). The Gibbs free energy at
zero field and pressure with a power series expansion of P should only con-
tain symmetry-allowed elements (m3m for PbT iO3), thus G(P) = G(−P).
In the case of perovskites with a cubic parent phase, the symmetry-allowed
power series (up to 6th order) of the main order parameter P plus the electric
field E and temperature T -dependence give:

G(P,E, T ) = −EP + Go + c2(T )P2 + c4P4 + c6P6 (2.3)

where c6 has to be larger than zero to obtain stable states. All ci coefficients
could in principle depend on temperature, but it is shown that the phase
transitions can be well reproduced by considering that all the dependence
on temperature is contained in c2. If c2 is expanded in a series of T around
the Curie temperature Θ (which is equal to or less than the phase transition
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temperature Tc), until first order, we get

c2 =
1
C

(T −Θ) (2.4)

And the stable states can be obtained by solving

δG

δP
= −E + P(c2 + c4P2 + c6P4) = 0 (2.5)

and
δ2G

δP2
=

1
χ

= c2 + 3c4P + 5c6P3) > 0 (2.6)

The case with c4 > 0 corresponds to a second order phase transition. Then
c6 is not needed to provide stable states and we can consider c6=0 as a first
approximation (see figure 2.2). But bulk PbT iO3 displays a first-order tran-
sition, which means that c4 < 0 and thus c6 > 0. The paraelectric phase
corresponds to the trivial solution P = 0. Combining equations 2.4 and 2.6
and bearing in mind that c2 contains the temperature-dependence, it can be
shown that the dielectric susceptibility, χ, follows a Curie-Weiss law:

χ =
C

T −Θ
(2.7)

This approach can be expanded by introducing, besides spontaneous po-
larization, also spontaneous strain and by considering their vectorial and ten-
sorial characters, respectively. This results in the power series expansion of
the free elastic Gibbs energy functional as proposed by Haun et al. [13]. Gen-
erally, four different solutions to these Landau equations exist, corresponding
to the different symmetries of perovskite ferroelectrics with different polar-
ization directions (see Figure 2.3):

Cubic P1 = P2 = P3 = 0;
Tetragonal P1 = P2 = 0, P3 6= 0;
Orthorhombic P1 = P2 6= 0, P3 = 0;
Rhombohedral P1 = P2 = P3 6= 0

where (P1, P2, P3) are the cartesian components of the polarization vector,
P. In the case of bulk PbT iO3, only the first two phases are of importance,
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Figure 2.2: Gibbs free energy of a ferroelectric with (a) a first-order phase transition
(c4 <0 and c6 >0) and (b) with a second-order phase transition (c4 >0 and c6 =0)
at different temperatures. The solid line corresponds to T< Tc (ferroelectric, c2 <0),
the dash-dotted line to T= Tc (c2 =0) and the dotted line to T> Tc (paraelectric,
c2 >0). In the case of a first-order transition, the cases just below and above Tc are
also plotted.

since the latter two are not observed. Recent work by Vanderbilt and Co-
hen [36] has shown that expansion of the free energy to 8th order can give
rise to monoclinic phases and that 12th order expansion is required to obtain
triclinic ferroelectric phases, with these polarization directions:

Monoclinic P1 = P2 6= 0;P3 6= 0;P1 6= P3;
Triclinic P1 6= 0;P2 6= 0;P3 6= 0;P1 6= P2 6= P3;

Orthorhombic and rhombohedral phases can be observed in many well-known
ferroelectrics, such as BiT iO3. Lower symmetry phases have only been ob-
served so far in MPB systems [18, 21, 25]. However, Pertsev [33] has shown
that these latter phases can be observed in PbT iO3 thin films, as we will dis-
cuss in the next section. For the bulk phases of PbT iO3, the characteristic pa-
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rameters, as listed in the appendix, have been determined by Haun et al. [13]
by measuring the critical temperatures, Curie constants and zero-field polar-
ization. In the next sections we will use these characteristic coefficients to
determine the phases and energy expressions of thin films of PbT iO3.

Figure 2.3: Polar axes of the different crystallographic phases of monodomain epi-
taxial PbT iO3 thin films. The “bridging” indication shows the most likely locations
of the ac and r phases in the phase diagram in Figure 2.4 and 2.5.

2.5 Thin films of ferroelectric perovskites

The geometry usually considered for the study of ferroelectric thin films is
that of an infinite single-crystalline planar slab clamped to a substrate. In this
geometry, two thermodynamic variables should be considered which deter-
mine the properties of ferroelectric thin films. First of all, the stress field (due
to the mechanical boundary conditions imposed by the substrate) and sec-
ond the electric field (i.e. the electrical boundary conditions due to the pres-
ence or absence of electrodes). Both variables can, in principle, be eliminated.
The electric field can be eliminated by shortening top and bottom electrodes.
More troublesome is the elimination of the stress field which can be done by
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making a free-standing thin film 4. In most experimental setups, both stress
and electric field are present and play an important role.

2.5.1 Ultrathin films

The main focus of first principles calculations on thin films, is on ultrathin
films. The limited size of ultrathin films enables the atomistic simulation
over their entire thickness. Studies have clearly shown that the critical thick-
ness for ferroelectricity depends on the mechanical and electrical boundary
conditions. Although Meyer and Vanderbilt have suggested the absence of
a fundamental critical thickness for ferroelectricity in ideal short-circuited
films [37], most reports on realistic systems show critical thicknesses of the
order of several unit cells which critically depends on the electrodes. Jun-
quera and Ghosez [38] have shown, for example, a critical thickness of six
unit cells for BaTiO3 with symmetric SrRuO3 electrodes. They point out that
a depolarizing electrostatic field, caused by dipoles at the ferroelectric/metal
interfaces, is the reason for the disappearance of the ferroelectric instability.
Experimentally, Fong et al. [1] have shown that thin films of PbT iO3 on in-
sulating SrT iO3 substrates are ferroelectric down to 3 unit cells. In addition,
the group of Triscone has shown that the tetragonality of ultrathin PbT iO3

films decreases with decreasing film thickness [39]. And even more impor-
tantly for the work described in this thesis, they have shown that the electrical
boundary conditions play a key role on the ferroelectricity and the ferroelec-
tric domain structure of very thin PbT iO3 films.

2.5.2 Phenomenology of thin films

Phenomenological models of monodomain thin films, like that of Pertsev et
al. [33], are based on the previously described Landau expansion as proposed
by Haun et al. [13]. It is assumed that the ground state of the grown film
is cubic paraelectric and the mechanical boundary conditions posed by the
substrate on the thin film have been added to describe the strain effect on

4For the typical film thickness we used, this implies etching the substrate while leaving the
thin film intact, which is very challenging and time-consuming.
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monodomain ferroelectric thin films:
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This lengthy Landau expression up to the 6th order term in the polarization
includes parameters modified by strain effects (hence the asterisks) and tem-
perature and the last term also accounts for the misfit strain, um. This expres-
sion is used to obtain phase diagrams as shown in Figure 2.4 and 2.5.

It is important to know how the misfit strain um is defined, because differ-
ent definitions of it are used in the literature. By experimentalists, the misfit
strain in a substrate/thin film system is defined as the difference in in-plane
bulk lattice parameters between substrate and film, normalized by the sub-
strate lattice parameter. Using the room temperature lattice parameters of
bulk PbT iO3 (a=3.905 Å) and one of the substrates used in this thesis work,
DyScO3(110)o (b=3.948 Å, approximately, since DyScO3(110)o does not have
a perfect cubic in-plane lattice [40]), this gives a misfit strain

um,tet =
b− a

b
=

3.948Å− 3.905Å

3.948Å
= +0.011 (2.9)

Where b is the in-plane substrate lattice parameter, a is the bulk in-plane thin
film lattice parameter and the subscript tet stands for the fact that the mis-
fit is calculated for tetragonal PbT iO3. This definition differs considerably
from that used by theorists. For a theoretical description of ferroelectrics like
PbT iO3, the material is assumed to be “self-strained”: the ground state of
the material under zero stress is thought to be cubic paraelectric state and the
(tetragonal) ferroelectric state is described as a deformation from the cubic
phase by a self-strain. For PbT iO3 (see Appendix 6.4), this means that, at
room temperature, the self-strained bulk lattice has lattice constants a=3.905
Å and c=4.156 Å [41], whereas the pseudocubic lattice without self-strain has
a lattice constant a0=3.961 Å, as obtained from an extrapolation of the experi-
mental cubic lattice parameters to low temperatures [13]. This means that the
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misfit strain at room temperature is defined as

um,cub =
b− a0

b
=

3.948Å− 3.961Å

3.948Å
= −0.0033 (2.10)

This implies that, whereas some would state that at room temperature c-
oriented PbT iO3 on DyScO3(110)o has a +1.1% tensile misfit, others would
state that the misfit is compressive and only −0.33%. This means a change in
sign of the misfit, combined with a difference of a factor ∼ 4. Especially in
the specific cases treated in this thesis, these differences in definition can be
very confusing: some would say PbT iO3 on SrT iO3 has a small misfit strain
at room temperature compared to PbT iO3 on DyScO3, while others would
state exactly the opposite. For this reason, the words “small” and “large” in
the titles of the next chapters are within quotes. Throughout this thesis, we
will always mention which definition of the misfit strain is being used.
Back to Pertsev’s model [33], the most important observations from Figure

2.4 are the change of the order of the paraelectric/ferroelectric phase transi-
tion, which changes from first to second order for PbT iO3 and the huge shift
of Tc with strain, with respect to the bulk values. This can be explained by the
change in the α-constants. For instance, for the paraelectric to c phase tran-
sition, from α33 to α∗33 constant: the former equals −7.3 × 107 m5

FC2 < 0 and
thus corresponds to a first order phase transition whereas the latter equals
α33 + Q2

12
s11+s12

= +5.0 × 107 m5

FC2 > 0 which corresponds to a second order
phase transition. Besides, the critical temperature Tc is shifted upwards. The
shifted temperature is described for the paraelectric-to-aa phase transition
(um ≥ 0) by

Tc = T0 + 2Cε0
Q11 + Q12

s11 + s12
um (2.11)

and, for the paraelectric-to-c phase transition (um ≤ 0) by

Tc = T0 + 2Cε0
2Q12

s11 + s12
um (2.12)

where Qij ’s are the electrostrictive coefficients, sij ’s are the elastic compli-
ances at constant polarization, C is the Curie-Weiss constant and ε0 is the
dielectric susceptibility of vacuum. Assuming a maximum misfit of 2%, the
Tc can be shifted as much as 600◦C upwards.
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Figure 2.4: um-T phase diagram and some combinations of PbT iO3 on (pseudo)cubic
substrates providing various misfit strains um(T) curves. The triple point at um=0
corresponds to the Curie-Weiss temperature of bulk PbT iO3. The circles corre-
spond to DyScO3(110)o substrates, the squares to GdScO3(110)o and the crosses
to SrT iO3(001)c. The first- and second-order phase transitions are shown by thick
and thin lines, respectively. “Para” stands for the paraelectric phase and the bulk
Tc, the growth temperature and room temperature are also indicated. This figure is
constructed using the phase diagram from the articles by Pertsev et al. [33] and the
lattice parameters from Shirane et al. [10] and Biegalski et al. [40].

Finally, at low temperatures, the clamping to the substrate can stabilize
the aa phase (orthorhombic) and the r phase (monoclinic) with two and three
nonzero components of the polarization. These phases do not exist in free
bulk PbT iO3 crystals. It is worth to notice that the substrate lattice parame-
ters have to fulfill very strict conditions in order to obtain these phases exper-
imentally [42]. The r-phase only exists for temperatures below T≈320◦C on
substrates with in-plane lattice parameters above 3.968 Å at this temperature
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(∼3.949 Å at room temperature). Combined with the maximum misfit strain
which can be accommodated by lattice deformation (∼2%; section 2.3), this
leads to the conclusion that the room temperature c-phase of PbT iO3 requires
effective substrate lattice parameters between 3.827 and 3.949 Å and for the
r-phase they should be between 3.949 and 3.983 Å.

The more elaborate case of anisotropic in-plane strain, applicable when

Figure 2.5: Vertical cross section of the three-dimensional phase diagram of PbT iO3

thin films grown on dissimilar orthorhombic substrates. This cross section corre-
sponds to the plane um1=-um2. The circles correspond to DyScO3(110)o substrates,
the squares to GdScO3(110)o and the green cross to SrT iO3(001)c. The single(’) and
double(”) prime correspond to the two distinctive a-directions, for which the po-
larization is oriented along the [100] and [010] crystallographic axes, respectively.
Indicated are also the bulk Tc, the growth temperature and room temperature. The
inset shows a horizontal cross section of this three-dimensional phase diagram at
T = 25◦C. This figure has been constructed using the phase diagrams from arti-
cles by Zembilgotov et al. [43] and the lattice parameters from Shirane et al. [10] and
Biegalski et al. [40].

substrates with an in-plane rectangular structure are used, has been analyzed
by Zembilgotov et al. [43]. The misfit strain, um, is replaced by two misfit
strains, um1 and um2, for the two different in-plane directions. This extra pa-
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rameter gives rise to a three-dimensional phase diagram of which the most
interesting profiles are reproduced in Figure 2.5. The inset of this figure dis-
plays the profile of the um1,−um2 plane at room temperature and shows that,
in the case of anisotropic strain, the requirements on the substrate parameters
in order to obtain the r-phase, are somewhat relaxed. A tensile lattice misfit
is required and lattice parameters between 3.949 Å and 4.000 Å are necessary.

Finally, note that it is quite surprising that this theory works well to de-
scribe ferroelectric PbT iO3, since the primary requirements are not very well
met: the cubic-to-tetragonal phase transition in bulk PbT iO3 is strongly first
order and room temperature is relatively far from Tc = 490◦C. In thin films
under strain, the phase transition changes from first to second-order [33]
which improves the suitability of the theory, but Tc is shifted upwards un-
der the influence of stress, which makes it more remarkable that the theory
describes thin films at room temperature under epitaxial strain (stress) quite
well.

2.5.3 Tetragonality

Besides the previously described phase diagrams, Landau models can also
be used to gain more insight in the relationships between different physical
properties. In the case of a thin film, the normal stress σ3 is always zero which
enables the calculation of the u3 strain tensor [13] via the thermodynamic
relation σ3 = δG

δu3
and the Gibbs free energy as described by Haun et al. [13]:

δG

δu3
= 0 = C11u3 + 2C12u1 −Q11P

2
3 (2.13)

where Qij are the cubic electrostrictive coefficients and Cij the second order
elastic coefficients, which can be rewritten as

u3 =
1

C11
(Q11P

2
3 − 2C12u1) (2.14)

By using the definition of strain:

u3 =
c− a

a
⇒ c = a(1 + u3) (2.15)
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and rewriting this, one can get the tetragonality of an epitaxial film, which
can be measured:

c

asub
=

a

asub
(1 + u3) (2.16)

We can combine equation 2.14 and 2.16 to obtain

c

asub
=

a

asub
(1 +

1
C11

(Q11P
2
3 − 2C12u1)) (2.17)

This shows that for constant u1, the tetragonality (c/a) of a [001]-oriented
strained film scales with P 2

3 . This coupling will be used throughout this the-
sis to monitor ferroelectricity. Temperature dependent measurements of the
tetragonality, allow us to probe the order parameter as a function of temper-
ature.

Regarding thickness dependent measurements of the tetragonality, the
validity of this relationship is still under debate, certainly for PbT iO3. Whereas
several reports show a strong polarization-strain coupling [29, 35], C.-L. Jia
et al. [44], have shown that this mechanism is not universal and Lee et al. [45]
have shown that it is especially not valid for PbT iO3-based ferroelectrics. It
is thought that the already large lattice distortions (and thus polarizations)
in the bulk, can not be enlarged by applying additional strain. This would
make these materials rather insensitive to applied epitaxial strain above a
certain strain regime.

In order to verify the polarization-strain coupling, pure PbT iO3 on dif-
ferent substrates has been used, but the low critical thickness for strain relax-
ation often hinders verification. Based on the work of Speck and collabora-
tors [46], these critical thicknesses for PbT iO3 on Pt(140 Å) and SrT iO3(83
Å) should be still reasonably large to perform electrical measurements with-
out being dominated by tunneling and leakage currents and interface effects.
But as soon as misfits increase, the small critical thicknesses prevent exper-
imentalists from measuring polarization directly (e.g. on MgO the critical
thickness is only 5 Å). Therefore, many indirect measurements of polariza-
tion by measuring strain, will be influenced by the type of strain relaxation
and domain formation. Still, strain is used as an indirect measurement of
the large ferroelectric responses, since it is strongly coupled to the symmetry
change related to the large ferroelectric responses close to the morphotropic
phase boundaries.



2.6. Domain structures in ferroelectric perovskites 41

2.6 Domain structures in ferroelectric perovskites

In a real thin film, the single-crystalline planar slab described in the previous
section, will often show regions with different orientations of the polarization
(domains). In a tetragonal ferroelectric perovskite like PbT iO3, two kinds of
domains can be distinguished: so-called 180◦ and 90◦ domains. The driving
forces for their appearance are, respectively, electrostatic and mechanical in
origin, as explained in chapter 1. For both types of domains, a critical thick-
ness exists above which the domains and the walls separating them, will ap-
pear. For PbT iO3, the critical thickness for 180◦ domain formation, which do
not contribute to the elastic energy, is typically in the order of a few monolay-
ers and close to the critical thickness for ferroelectricity. Whereas the critical
thickness for 90◦ domain formation (strain relaxation) depends heavily on
the misfit strain. Above the latter critical thickness, 90◦ domains form which
add complexity to the description of ferroelectric structures. But from the ap-
plication point of view it is important to take domains into account, because
domains play an important role in switching behavior. Extrinsic effects, such
as domain wall motion, can even account for more than 50% of the total ma-
terials’ response in some cases [15].

Regarding the analytical analysis of domains, first-principles calculations
on 180◦ domain structures are most challenging because of the scarcity of
atomic scale details on these domain walls [44]. Several characteristic do-
main wall properties have anyhow been obtained by first-principles calcu-
lations. We will elaborate here on the results by Meyer and Vanderbilt [31]
and Kornev et al. [47]. Meyer and Vanderbilt have given more details on the
energetics of 180◦ and 90◦ domain walls and Kornev on the possibilities of
rather exotic domain patterns. Next, several phenomenological models will
be described, applicable to 180◦ domains [48], the onset of 90◦ domains [2, 3]
and 90◦ domain structures [49, 5].

2.6.1 180◦ domains

Meyer and Vanderbilt [31] have used first-principles in order to calculate the
equilibrium structural parameters, the domain wall energies, the atomistic
domain-wall structure, the barrier for domain wall motion and the polariza-
tion profile of PbT iO3 for both 90◦ and 180◦ domain walls. Their main results
are summarized in Table 2.1. Note that this analysis is valid for a tempera-



42 2. State of the art of ferroelectrics

parameter [units] 180◦ domain walls 90◦ domain walls
Eformation[mJ/m2] 132 (γ) 35 (σ)
Ebarrier[mJ/m2] 37 1.6

Table 2.1: First principles results by Meyer and Vanderbilt [31] on 90◦ and 180◦ do-
main walls in a free-standing PbT iO3 single crystal. Note that we will use the symbol
σ for the 90◦ domain wall formation energy and γ for the 180◦ domain wall forma-
tion energy.

ture of 0K and a free standing PbT iO3 single crystal. The main observation in
these data is that both the domain wall formation energy and the energy bar-
rier for domain wall motion for 90◦ domains are much lower than those for
180◦ domains. The energy barrier for 90◦ domain wall motion (1.6mJ/m2) is
of the order of kBT at room temperature, meaning that 90◦ domain walls are
expected to be still mobile at room temperature. Whereas the energy barrier
for 180◦ domain wall motion is much higher, indicating that 180◦ domains
will instead “freeze in” at an elevated temperature [50].

Kornev et al. [47] have used a first-principles derived effective Hamilto-
nian to describe the effect of different electrical boundary conditions on po-
larization patterns in tetragonal PZT close to the MPB. Based on a parameter,
β, which describes the total electric field inside the film, they have shown the
correlation between the amount of screening of surface charges and the polar-
ization patterns. These correlations differ for different mechanical boundary
conditions. Compared to the stress-free situation, in-plane polarization is fa-
vored under tensile strain and any in-plane polarization is annihilated for all
β values under compressive strain. Under compressive strain, open circuit
conditions result in a macroscopically non-polar state (MNP; Figure 2.6c). In-
creasing β towards short-circuit conditions, gives rise to a microscopically
inhomogeneous (Figure 2.6b) and a microscopically homogeneous (Figure
2.6a) polar state, consecutively. The inhomogeneous polar state consists of
nanodomains having local dipoles aligned opposite to the macroscopic polar-
ization. The MNP state shows a polarization structure as depicted in Figure
2.6c, which is different from the commonly accepted pictures of out-of-plane
180◦ flux-closure domains and open-stripe domains [51]. The nanodomain
structure reflects the competition between electrical and mechanical bound-
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ary conditions. Each nanodomain is terminated at one surface by significant
in-plane and relatively small out-of-plane polarizations (1; to decrease the
depolarizing field) and has a neighboring nanodomain that is terminated at
this surface by rather large out-of-plane polarizations (2; driven by the com-
pressive strain).

The general phenomenological description of 180◦ domains originates

Figure 2.6: Sketch of the three different domain structures presented by Kornev et
al. [47]: a) microscopically homogeneous polar state, b) microscopically inhomoge-
neous polar state and c) macroscopically non-polar state (MNP). The inset of figure
c) shows the polarization structure in more detail.

from ferromagnets [51] and has been applied to ferroelectrics too [48]. As
previously mentioned, ferromagnets show two types of 180◦ domains: flux-
closure domains and open-stripe domains [51]. Whereas in free-standing fer-
romagnets, domain formation is determined by a competition between the
magnetic field energy, domain wall formation energy and anisotropy energy
of spin orientations, in ferroelectrics, the last term does not play any role and
the first term naturally involves the electric instead of the magnetic field en-
ergy, leading to the formation of only open-stripe domains. For ferromagnets,
the flux-closure domains correspond to a non-zero domain wall energy and
anisotropy term and a zero magnetic field energy, whereas in a ferroelectric,
the analogous case would correspond to zero electrostatic energy and there-
fore, no domains are formed.

The first comparison between the energy of different domain structures
dates back to Lev Landau [32] and Charles Kittel [51], who derived what is
now called “Kittel’s Law”. This law holds for domain systems in which the
domain wall energy per unit film surface scales with H

d (thickness/domain
width ratio) and the magnetic or electrostatic energy per unit film surface
area, scales with the domain width d [52]. Adding these terms and setting
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the derivative with respect to d equal to zero5, gives:

c1 − c2
H

d2
= 0 (2.18)

This means that the energy is minimized for domain sizes that scale with the
film thickness according to

d ∼
√

H (2.19)
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Figure 2.7: Schematic representation of the side-
view of a 180◦ domain pattern, analyzed with and
without taking the presence and dielectric constant
of the substrate (gray) into account.

Additional energy terms
can modify this situation,
which is the case for epitax-
ial instead of free-standing
thin films with 90◦ domain
walls. For ferroelectrics,
depending on the leading
term in the energy balance,
180◦ (electrostatic) domains
or 90◦ (elastic) domains
will appear. In the remain-
ing of this section, we will
give energy expressions of
the general form of the en-
ergy Ftotal = Fwall + Felec +
Felas that describes these domain structures.

Mitsui and Furuichi [48] have derived the ferroelectric analog of Kittel’s
law that gives an equivalent relationship between the ferroelectric crystal
thickness, H , and the 180◦ domain width, d, in the case that electrostatics
is dominant (see Figure 2.7). For a fully relaxed free-standing crystal with
180◦ domains, the dielectric constant, ε, spontaneous polarization, P0, and

5Generally, we will use the domain periodicity D instead of the domain width d. For 180◦

domains, 2d = D, but for 90◦ domains this relation usually does not hold.
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the 180◦ domain wall energy, γ, are also involved in these expressions [48]:

Fwall =
γ(T )H

D

Felec =
1.052 · 8 · P 2

0 D

π3ε0(1 +
√

εaεc)
Felas = 0

(2.20)

Ftotal =
γ(T )H

D
+

1.052 · 8 · P 2
0 D

π3ε0(1 +
√

εaεc)
(2.21)

which can be used to calculate the domain width as a function of the crystal
thickness:

∂F

∂D
= −γ(T )H

D2
+

1.052 · 8 · P 2
0

π3ε0(1 +
√

εaεc)
= 0 (2.22)

D2 = γ(T )H
π3ε0(1 +

√
εaεc)

1.052 · 8 · P 2
0

(2.23)

Mitsui and Furuichi [48] have obtained also several other important proper-
ties of 180◦ domain walls. For the current work, their main results are the re-
lations between the spontaneous polarization, P0, and both the domain wall
width, δ, and the 180◦ domain wall energy ,γ:

δ =
c′

P0
(2.24)

γ = c · P 3
0 (2.25)

Equation 2.24 and especially the constant c′ has been extracted for many fer-
roelectrics to show the narrow domain wall width, usually in the order of
tens of Ångströms. This is an important observation that justifies the simpli-
fication in all models to set δ = 0. Equation 2.25 is very useful when domain
wall energies are to be determined, since the temperature-dependence of the
polarization is usually well-known. Streiffer et al. [53] have used this rela-
tionship and we will apply it similarly here. Domain wall energies calculated
by first-principles, like those of Meyer and Vanderbilt [31], hold at T = 0K.
Since the domain wall energy is proportional to P 3

0 , the temperature depen-
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dence of the domain wall energy is given by

γ(T ) = γ(0K)
[

P0(T )
P0(0K)

]3

(2.26)

Several authors [53, 54, 52] have refined the model of Mitsui and Furuichi
by taking the boundary conditions of a dielectric substrate into account. This
is of importance because the higher the dielectric constant of the substrate,
the better the screening of the depolarization field. Therefore, this external
dielectric constant reduces the driving force for the formation of 180◦ do-
mains and will, in general, lead to larger domain sizes. For a fully relaxed
system with 180◦ domains on a substrate we get:

Felec =
1.052 · 8 · P 2

0 D

π6ε0εsub(1 +
√

εaεc

εsub
)

(2.27)

Ftotal =
γ(T )H

D
+

1.052 · 8 · P 2
0 D

π6ε0εsub(1 +
√

εaεc

εsub
)

(2.28)

Which can be minimized with respect to the domain width, resulting in:

D2 = γ(T )H
π6ε0εsub(1 +

√
εaεc

εsub
)

1.052 · 8 · P 2
0

(2.29)

2.6.2 Critical thickness for strain relaxation

The formation of 180◦ domains requires single crystallographic orientation.
Above the critical thickness for strain relaxation, crystallographic 90◦ do-
mains form and electrostatics will play a minor role. The thickness at which
these domains start to form can be calculated by comparing the free energies
of a strained and a relaxed system. This mechanism is an alternative to dislo-
cation formation but the similarities in the effect and the role of dislocations
and domain walls (both are discontinuous crystal “defects”), allows one to
describe the domain structure effectively as a system of dislocations [5].

The most common model to calculate the critical thickness for strain re-
laxation of epitaxial layers on substrates, is the Matthews-Blakeslee model
(MB) [2]. We will compare this with the People-Bean model (PB) [3], which
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we believe is more appropriate for low-misfit perovskite ferroelectrics [55].
Both models have been developed to describe the appearance of dislocations
in semiconductor layers. The MB model is known to predict too low values
for the critical thickness, especially when high-quality substrate/film inter-
faces and low strains are involved. This is due to the fact that the assump-
tions of the MB model imply that interfacial misfit dislocations only form in
the presence of grown-in threading dislocations [3]. For very small misfits,
very few threading dislocations are expected and thus this mechanism is ex-
pected not to be a source of misfit dislocations. The PB model on the other
hand, assumes no threading dislocations are present at first and these form
when it is energetically favorable, purely based on an energy balance.

While for many cases, the MB model is very appropriate, the more phe-
nomenological PB model has shown to explain experimental data for semi-
conductor films better. While more complete and complex models exist, we
consider here the two models for which simple calculations, not requiring
adjustable parameters, suffice and we compare the critical thicknesses Hc for
the MB [46] and PB [56] models:

HMB
c =

b(1− µcos2β)
8πum(1 + ν)cosλ

ln(
αHc

b
) (2.30)

HPB
c =

b(1− µ)
40πu2

m(1 + ν)
ln(

Hc

b
) (2.31)

with b the magnitude of the Burgers vector, um the misfit strain, ν the Pois-
son’s ratio6, α the cut-off parameter used to describe the continuum energy
of the dislocation core, β the angle between the dislocation line and the Burg-
ers vector, and λ the angle between the Burgers vector and the line that lies
within the interface and in a plane normal to the dislocation line. These mod-
els will be used in chapter 4 to calculate the critical thicknesses for the in-
volved film/substrate combination.

6Throughout this thesis, it is assumed that the Poisson’s ratio of any thin film is equal to
the bulk value of the material it consists of. This is not strictly true as has been shown by
Biegalski et al. [57].
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2.6.3 90◦ domains

At first sight, the domain structure of 90◦ domains is quite different from
the 180◦ domain structure. The 90◦ domains are crystallographic a/c twins
which share the (101)-plane as their low-strain plane. This gives rise to a
domain wall close to the (101)-direction as indicated in Figure 2.8. Several
models exist to describe the energetics of 90◦ domains. The simplest model
balances the wall formation and elastic energies, giving

Fwall =
σ2
√

2H

D
Felec = 0
Felas = 2G(sa − sc)2D

(2.32)

Ftotal =
σ2
√

2H

D
+ 2G(sa − sc)2D (2.33)

Which can be minimized with respect to the domain width, resulting in:

D2 =
σ2
√

2H

2G(sa − sc)2
(2.34)

More realistic descriptions of the 90◦ domain structure, started with Roit-
burd [49], who considered an epitaxial thin film with 90◦ domains, on a sub-
strate. Two cases are distinguished, namely when the thickness is (much)
larger than the domain periodicity (H À D) and when the thickness is (much)
smaller than the domain periodicity (H ¿ D). Only when the thickness H is
much larger than the domain periodicity D, an analytical solution could be
found, which shows the same D ∼ √

H relation as that of the cases described
above.

As explained above, domain twinning takes place in order to attain coher-
ence at the domain walls, by sharing the zero energy (101) plane. However,
this is done at the expense of the coherence at the film-substrate interface.
Speck and collaborators [4] proposed a way to solve that by creating arrays
of dislocations/disclinations. Using that idea, since domain walls play the
same role as dislocations, Pertsev and Zembilgotov [5] have modeled the
stress fields in a thin film with 90◦ domains by fictitious dislocations. This
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gives an expression of the internal energy as follows

Felas =
GH

1− ν
(s2

a + 2νsasc + s2
c)

+
GH

1− ν
(sa − sc)2 ×

[
2

(
(1 + ν)

sa

sa − sc
− 1

)
d

D
+

D

H
fc

(
D

H
,

d

D

)]

(2.35)

Ftotal = σ2
√

2H
D + GH

(1−ν)(s
2
a + 2νsasc + s2

c) + GH
(1−ν)(sa − sc)2 ×

[
2

(
(1 + ν) sa

sa−sc
− 1

)
d
D + D

H fc

(
D
H , d

D

)]
(2.36)
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Figure 2.8: Schematic representation of the side-
view of a 90◦ domain structure where the
film/substrate misfit plays a key role. Within the
structure, the main variables in the model of fic-
titious dislocations by Speck and collaborators [4]
and Pertsev [5] is shown.

Where sa is the c-domain
misfit (with the a-axis in-
plane), sc the a-domain
misfit (with the c-axis in-
plane) and fc is a func-
tion of the two dimension-
less variables defining the
domain structure, D

H and
d
D [5]. Minimalization with
respect to the domain pe-
riod, D, involves consid-
erably more mathematics
than the previous cases but
it can be shown that it pre-
dicts a non-monotonic D −
H dependence for small
thickness, H, a linear rela-
tion for intermediate H and
a D ∼ √

H-dependence for large thicknesses. This will be treated in more
detail in chapter 5.





Chapter 3

Thin film technology & analysis

3.1 Introduction

Although the first pulsed laser ablation experiments took place in the mid-
sixties of the previous century, it took until the discovery of high-Tc super-
conductors in 1986 for pulsed laser deposition (PLD) to become a widespread
deposition method. The relatively good stoichiometric material transfer from
target to substrate and the wide choice of (oxygen) background pressures,
have made PLD the leading deposition technique in research for high-Tc su-
perconducting thin films. The development of high-pressure reflection high-
energy electron diffraction (RHEED) [58] and single crystal surface treatments
[59], opened up possibilities to monitor the surface structure during high-
pressure deposition of metal oxide thin films.

Nearly parallel in time to these developments, scanning probe microscopy
has made enormous progress. This was triggered by the discovery of scan-
ning tunneling microscopy (STM) by Binnig and Rohrer in 1982 and the atomic
force microscope (AFM) a few years later [60]. Already in 1989 the first ex-
periments with conductive tips on ferroelectrics were performed [61], set-
ting the field of piezoresponse AFM (p-AFM). Due to the growing interest in
ferroelectric thin films, p-AFM is currently a rapidly developing field of re-
search [62].

These developments, set the background for the techniques used in this
thesis work. Combined with more conventional techniques like X-ray and
electron diffraction, impedance spectroscopy and CV-measurements, PLD-
grown ferroelectric thin films have been analyzed. Despite the good stoi-
chiometric transfer of material from target to substrate, thorough materials
analysis remains necessary, since the stoichiometry can be disturbed by dif-
ferences in the thermal properties of the materials constituents. Besides, the
properties of ferroelectrics in thin film form are not yet fully understood [63],
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which makes knowledge and control over a wide variety of parameters nec-
essary. In the case of PbT iO3, the main parameters to be taken care of are
the lead excess necessary to compensate for lead loss at high (growth) tem-
peratures, the oxygen pressure during deposition or annealing to prevent the
formation of oxygen vacancies and the importance of the thermal history of
the ferroelectric with respect to the domain structure.

3.2 Monitored thin film growth

3.2.1 Pulsed Laser Deposition (PLD)

The variety in thin film deposition techniques is so large that even exten-
sive textbooks [6] only provide general overviews. Categorization of all these
different techniques, provides a good context in which pulsed laser deposi-
tion (PLD), can be viewed. PLD is a physical deposition technique: a phys-
ical process is used to deposit a vaporized form of the material onto a sur-
face (substrate). No chemical reactions are involved. The compound that
is to be deposited, is ablated, forms a plasma and deposits onto a surface
(the nomenclature is incomplete here; the material undergoes a phase tran-
sition from solid to plasma and back). In the case of PLD, the physical pro-
cess is ablation by a high-power pulsed laser (in this case a Lambda Physik
COMPex Pro 205 KrF (λ=248 nm) excimer UV-laser), by which a plasma
of highly energetic ions is formed. The ions in this plasma expand from a
ceramic or single crystal target material towards a single crystal substrate
on which the material is deposited. This process takes place in a conven-
tional vacuum vessel (pbackground = 10−7 − 10−8 mbar) filled with oxygen
gas (pdeposition = 0.01 − 1.00 mbar O2). PLD can be seen as very short and
rapid depositions at every laser pulse, followed by annealing in the time in-
terval between the laser pulses. The thermodynamic model to describe the
characteristics of PLD, is based on the nucleation of a solid phase from a su-
persaturated gas.

An important drawback of PLD is that, unlike many chemical deposi-
tion techniques, it cannot be scaled up easily. The homogeneous deposition
area typically has a diameter of only several centimeter, although efforts for
up-scaling are being made. On the other hand, for research purposes, PLD
has a large advantage over most chemical vapor deposition techniques: ex-
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Figure 3.1: SEM images of ablated surfaces of a SrT iO3 target with increasing en-
ergy density from 1.0J/cm2, 1.3J/cm2, 1.5J/cm2 to 1.7J/cm2 (from left to right). At
1.0J/cm2 ”pillars” or ”droplets” are formed which is often attributed to inhomoge-
neous melting. Homogeneous ablation starts around 1.3J/cm2; further increasing
the energy density is ineffective as it will merely increase the effective temperature.
An energy density of 1.5J/cm2 is chosen to ensure homogeneous ablation.

tremely thin films can be easily prepared and the material transfer is stoi-
chiometric. This stoichiometric transfer is ensured as long as the ablation
is homogeneous. Because multi-component target materials are used in our
experiments, and different materials ablate at different energies, or with dif-
ferent rates at a fixed energy, a suitable energy regime is necessary to prevent
preferential ablation. These have been chosen carefully, analyzing ablated
target areas using scanning electron microscopy (SEM) as shown in Figure
3.1. The differences in ablated surface morphology have been used as a guid-
ing principle. When the ablated area shows a flat surface without extrusions,
homogeneous ablation is ensured. Even with the good stoichiometric trans-
fer of material from target to substrate, the stoichiometry of the resulting thin
film can be different from that of the target material. The reason for this is
the high plasma temperature and the elevated temperature of the substrate
needed for single crystal growth. This can lead to loss of volatile species or
decomposition of the thin film material at the substrate. In this work the
volatility of lead, compared to elements like titanium and strontium, gives
rise to possible lead-loss during the growth process. Therefore, we add a
3− 8% excess lead in the PbT iO3 target materials.

Typical deposition parameters used in the experiments described here,
are summarized in Table 3.1. The PLD setup used for this work, is a TSST
PLD-RHEED system2, schematically represented in figure 3.2. The heater
consists of a resistive wire heating element; the substrates are attached to the

2Twente Solid State Technology, P.O. Box 256, 7500 AG Enschede, The Netherlands
(www.tsst.nl).
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heater with silver glue. The laser-optics involves a UV-mirror and a lens,
aligned to focus close to the target surface. A typical laser spot on the target
is shown as an inset in Figure 3.2. In this case, it is the image of a 15x4mm
mask, resulting in a 2.62x0.98mm laser spot. Also shown in this figure is the
grazing angle of incidence (0.1-5◦) for RHEED and a typical RHEED pattern
as obtained from a treated SrT iO3 substrate (for details, we refer to section
3.2.3).

Excimer laser (Lambda

Physik COMPex Pro 205 KrF)
mirror

lens

window

target
phosphorus

screen

heater

e-
gun

0.1-5°

direct

beam

reflection diffraction

pattern including

Kikuchi lines

Figure 3.2: Schematic top-view of the PLD-system at the Zernike Institute for Ad-
vanced Materials. The target material is ablated by a focused pulsed UV-laser beam
that enters the vacuum vessel via a quartz window. The ablated material forms a
plasma whose ions land on the heated substrate. Using an electron gun and phos-
phorus screen, the growth is monitored by RHEED. The temperature, pressures and
several positionings are computer-controlled. As insets, on the left, a typical RHEED
pattern is shown and, on the right, a picture of an ablated target area.

3.2.2 Supersaturation & growth modes

Whereas in homoepitaxy, the growth is fully determined by kinetics, for het-
eroepitaxy, thermodynamics plays an important role too. The very short and
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material pO2 (mbar) T(◦C) Ed (J/cm2)
PbT iO3 0.13 570-580 2
SrT iO3 0.10 800-850 1.5
SrRuO3 0.06 600-700 2.5

Table 3.1: Deposition parameters: From left to right the material, oxygen pressure,
substrate temperature and laser energy density. In general, all targets are sintered
ceramics, the background pressure in the vacuum vessel before gas inlet is typically
below 10−7mbar, target-substrate distance is 48mm, laser repetition rates are in the
range between 0.5 and 15 Hz and the spot size ranges from 0.76 to 2.46 mm2. Devia-
tions from these settings are mentioned in the pertinent chapters.

rapid depositions at every laser pulse, followed by annealing in the time in-
terval between the laser pulses, as described earlier, gives rise to supersatu-
ration. Formally, supersaturation is the difference in chemical potential be-
tween two phases of a material. In PLD practice, the plasma phase is far
from equilibrium and has a very high vapor pressure. Upon expansion of the
plasma, the vapor pressure exceeds the saturation pressure and supersatura-
tion is established. The atoms nucleating on the surface, act as condensation
centers for crystal growth.

The supersaturation is expressed in terms of the difference in chemical
potential for different aggregations (∆µ), which is zero between pulses but
enormous during the laser pulse. This equals

∆µ = kT · ln P

P0
= kT · ln R

R0
(3.1)

where T is the temperature, P and P0 are the vapor pressure during deposi-
tion and at the equilibrium, respectively, and R and R0 are the corresponding
deposition rates.

The way in which the material nucleates on the substrate is then deter-
mined by the supersaturation. This can be adjusted by a number of inter-
dependent parameters in the PLD process, of which the main ones are the
target-substrate distance, the laser energy density, the (oxygen) pressure and
the substrate temperature.

For heteroepitaxy, the materials differences between the impinging parti-
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cles and the substrate which determine the relationship between the substrate
and film surface free energies and the misfit strain, also play an important
role in the nucleation. The nucleation on the sample surface determines the
growth mode of the thin film. In general, three modes can be distinguished:
island (or Volmer-Weber (Figure 3.3a)), layer (or Frank-Van der Merwe (Fig-
ure 3.3b)) and Stranski-Krastanov (Figure 3.3c) growth [6].

Layer growth resulting in atomically flat thin films, is preferred because

a) Volmer-Weber b) Frank-Van der Merwe c) Stranski-Krastanov

Figure 3.3: General classifications of growth modes

our aim is to measure intrinsic thin film properties and grow superlattices.
Volmer-Weber and Stranski-Krastanov growth are generally (more) useful for
the fabrication of (periodic) morphological structures [64]. In the next section
more details on the distinction between these growth modes by reflection
high-energy electron diffraction (RHEED) during the growth process will be
given.

Two sorts of layer growth can be distinguished: step flow and layer-by-
layer growth. Step flow mode is best described by the propagation of the
steps because impinging particles have sufficient energy to move to the ter-
race step before the next particles arrive. In layer-by-layer growth, impinging
particles have a somewhat lower energy, leading to the formation of unit-cell
high islands, which grow and merge to fill a whole layer, before the next layer
will start forming. Although step flow growth results in the highest film qual-
ity, experimentalists using RHEED prefer layer-by-layer growth because that
enables them to monitor the thin film grow layer-by-layer.

Besides these layer growth modes, we observed Stranski-Krastanov-like
(SK) growth modes several times. In Stranski-Krastanov, the first few mono-
layers grow in a layer mode and then the energy balance between solid, liq-
uid and vapor changes, causing a change in growth mode to island growth.
This means that in the SK growth mode, the surface roughness increases with
thickness. We have also observed two other but similar growth modes, which
differ from SK by the absence of roughening with thickness. One of them is
very similar to the growth mode recently described in literature as a “pseudo-
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two-dimensional” growth mode [65]. Shin et al. [65] show that the surface
roughness is constant when the film thickness is increased. Therefore, we
think the mode we observe is not SK, but pseudo-two-dimensional (Figure
3.4a). The second one is similar to that described by Sánchez et al. [66] and
named “mound” growth. In this growth mode, islands nucleate on the ter-
races and start growing in a layer-by-layer fashion. The terraces sometimes
remain visible, but superimposed to them are unit-cell-stepped islands (Fig-
ure 3.4b).

We have also observed Volmer-Weber growth modes (see section 5.2.2):
First, we observed a growth mode in which islands nucleated on an initially
two-dimensional surface. After this initial island nucleation, the surface turns
two-dimensional again. In the intermediate regime, fingerprint-like struc-
tures are observed due to the merging islands (see Figure 5.2). And finally,
we have observed true three-dimensional growth, for example when PbT iO3

was grown at room temperature on SrT iO3 with polymer nanorods (chapter
6).

3.2.3 Reflection High Energy Electron Diffraction (RHEED)

In RHEED, an electron beam is aligned under a grazing incident angle (0.1−
5◦) on the surface by which it is diffracted (Figure 3.2). The diffraction pat-
tern is collected at a phosphorus screen and contains information on both
the crystal structure and morphology of the top-most atomic layers of the
surface. RHEED is highly suitable to monitor PLD growth since it can -via
differential pumping [58]- be applied in high oxygen pressures and interfere
minimally with the deposition process. When care is taken, the observation
of intensity oscillations of the specular RHEED intensity can be linked to the
layer-by-layer growth rate [67, 68]: An initially flat surface is highly reflective
and upon island nucleation, the reflected intensity drops. In a layer-by-layer
growth mode, this decrease in intensity continues until half a monolayer is
filled. Then the islands coalesce, the surface retains flatness and the reflected
intensity increases until an entire crystal monolayer is grown. This obser-
vation has made of RHEED a suitable technique to monitor layer-by-layer
growth with atomic resolution. In the ideal case that one oscillation corre-
sponds to one unit cell, it can also be used to monitor the thickness of the
deposited layer.

A RHEED pattern contains a plethora of information: the pattern pro-
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(a) (b)

Figure 3.4: AFM images of thin films grown in different observed growth modes.
a) “Pseudo-two-dimensional” growth, observed when SrT iO3 was grown on
SrT iO3, full z-scale ∆z=7 nm(top) and when SrT iO3 was grown on DyScO3, ∆z=4
nm(bottom). This growth mode has also been observed several times for PbT iO3

on SrRuO3 on DyScO3 and PbT iO3 on SrT iO3 (not shown). b) “Wedding cake” or
“mounds” growth observed when PbT iO3 is grown on SrRuO3 on DyScO3, ∆z=10
nm (top) and 5 nm (bottom) and when SrRuO3 is grown on DyScO3 (not shown).

vides information on the surface crystal structure and reconstruction, the lat-
tice parameters can be calculated from the spot spacings, the pattern symme-
try of the spots and its behavior upon sample rotation reveal the morphology
(two- or three-dimensional) and, as mentioned before, the specular spot in-
tensity as a function of time gives information on the growth mode and layer
thickness. Here we will only deal with elastically scattered electrons, since
they are scattered by the outermost atomic layers, which is the region of in-
terest for thin film growth monitoring. As an in-situ growth monitoring tool,
mainly the two- versus three-dimensional patterns and intensity oscillations
as a function of deposition time have been used. These will be treated here in
some more detail.

A perfect two-dimensional surface is never present in epitaxial thin film
growth, but a nearly two-dimensional surface, with one unit cell steps (in
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Figure 3.5: Schematic top-view of the RHEED setup in real space (a), linked with it’s
interpretation in reciprocal space (b+c). (a) Top-view showing the grazing incident
and diffracted angle (θin and θout) and the in-plane sample rotation (φ) in real space.
Top- (b) and side-view (c) showing the reflected diffracted signal and its construction
using the Ewald’s sphere and the crystal truncation rods. In the measurement setup,
the pattern is projected on the fluorescent screen.

the case of oxide perovskites ∼3.9 Å) every few hundreds nanometer, can be
regarded as two-dimensional (2d). A RHEED pattern corresponding to a 2d
surface during thin film growth, can be the result of either step flow or layer-
by-layer growth. The diffraction pattern from a 2d surface is constructed by
the crystal truncation rods intersecting the Ewald’s sphere. The radius of the
Ewald’s sphere is determined by the wavelength (energy) of the electrons
(in RHEED generally a large radius, the wavelength we typically use is only
44 pm) and the spacing between the crystal truncation rods by the in-plane
crystal structure and lattice parameters (Figure 3.5). The RHEED pattern of
a 2d surface is, therefore, sensitive to the in-plane orientation of the sample:
upon rotation around the sample normal, diffraction spots should move and
(dis)appear, unlike that of a three-dimensional surface, for which a diffrac-
tion pattern of the protruding material in transmission mode is obtained.
This diffraction pattern is insensitive to orientation, since it is a powder-like
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diffraction pattern.
The intensity oscillations observed by RHEED on layer-by-layer growing

thin films, are well described by a simple empirical model in which the spec-
ular intensity is inversely proportional to the number of up and down steps
on the surface [69]. Every step can act as a diffuse scatterer so a maximum
of steps corresponds to a minimum in specularly reflected signal and a mini-
mum in steps to a maximum in specularly reflected signal. Using this model
and the pulsed nature of PLD, the relaxation time τ for the deposited materi-
als to diffuse, can be calculated with a relation of the form

I ∝ I0(1− e−
t
τ ) (3.2)

This relaxation time depends on the laser fluence, substrate temperature and
film/substrate combination and it can be used to determine an appropriate
laser frequency and deposition rate, which facilitates sustainable layer-by-
layer growth.

3.3 Substrates

Layer-by-layer growth requires lattice-matched substrates in order for the
deposited material to grow epitaxial onto a substrate. To investigate the
lattice match, typical single crystal substrates with lattice parameters simi-
lar to those of perovskite metal oxide ferroelectrics are summarized in fig-
ure 3.6. As a function of temperature, the lattice parameters of PbT iO3 and
several perovskite substrates like SrT iO3, DyScO3, GdScO3, KTaO3 [40],
SrRuO3 [70], LaAlO3 [71], NdGaO3 [72] and MgO [73] are plotted. Chem-
ical compatibility makes metal oxide substrates more suitable than, for ex-
ample, metallic substrates like Pt (cubic a=3.9231 Å at room temperature)
which have a very good lattice fit to PbT iO3. Only recently, scandate per-
ovskite substrates have become commercially available with lattice parame-
ters in the range below 2% misfit strain with PbT iO3 [72, 74].

An important prerequisite for epitaxial growth and to attain a sharp
substrate-film interface on these metal oxide substrates, is a single terminated
surface. Besides, the termination of perovskite substrates determines the elec-
tronic structure and chemical properties of the interface [75]. For the ABO3

perovskite substrates in use, those with large differences in chemical prop-
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Figure 3.6: Lattice parameters as a function of temperature of PbT iO3 (solid line; in-
cluding the hypothetical cubic low temperature phase) and several perovskite sub-
strates like LaAlO3(001)c (dashed, plusses), NdGaO3(110)o (dash-dotted, > trian-
gles), SrT iO3(001)c (dashed, crosses), SrRuO3 (dashed, diamonds), DyScO3(110)o
(dash-dotted, circles), GdScO3(110)o (dotted, squares), KTaO3(001)c (dotted, aster-
isks) and MgO(001)c (dash-dotted, < triangles).

erties of the AO and BO2 layers, can be used to obtain nearly perfect single
terminated surfaces. SrT iO3(001)c is the ABO3 perovskite with the best-
established procedure to achieve single terminated surfaces. The procedure
to obtain nearly perfect single terminated surfaces is thoroughly described
elsewhere [59]. The chemistry involved is described by merely two chemical
equations (TiO2 is stable in water):

SrO(s) + H2O(l) → Sr(OH)2(s)
Sr(OH)2(s) + HF (l) → Sr−complex (aq)

This chemical procedure is followed by thermal annealing at 960◦C in a mod-
ified tube furnace. The modification consists of a replacement of the thermo-
couple which provides the feedback-loop signal. This thermocouple is placed
inside the tube right next to the substrates, ensuring that the substrate tem-
perature is controlled with the highest precision. During heating and cooling,
a small flow of oxygen (< 200ml/min) is applied to prevent the formation of
oxygen vacancies within the substrate.
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A similar procedure results in single terminated surfaces for LaAlO3 and
NdGaO3 substrates [76], but the misfit with PbT iO3 is quite large. Too large
misfits (especially at the growth temperature) are detrimental for epitaxial
growth, which also eliminates MgO. The thermal properties of KTaO3 are
problematic for high-temperature crystal growth: Potassium (K) is very volatile,
which can easily lead to K-loss accompanied by K2Ta4O11 formation [77].

We are, therefore, left with SrT iO3, SrRuO3, a typical electrode material,

Figure 3.7: AFM images of as-received and treated substrates. a) As-received SrT iO3

cleaned with acetone and ethanol in ultrasound (full z-scale ∆z=2 nm). b) Cleaned
and thermally treated SrT iO3 (∆z=1.5 nm). c) Cleaned, chemically and thermally
treated SrT iO3 (∆z=2.5 nm). d) As-received DyScO3, cleaned with acetone and
ethanol in ultrasound (∆z=2 nm). e) Cleaned and thermally treated DyScO3 (∆z=2.5
nm).
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and the scandate perovskites GdScO3 and DyScO3. Because of the small mis-
fit with PbT iO3, especially for T > TPbT iO3

c , DyScO3 is an ideal substrate ma-
terial. A proper treatment procedure is hard to obtain for this crystal, due to
the similarities in chemical properties between the DyO and ScO2. Whereas
the first metal oxide is soluble in acids, the second is soluble in hot acids [78].
Reactions with water lead to etch pits and, although etching with a HNO3

solution in methanol has been reported [79], etching with HNO3 in ethanol
lead in our case to etch pits, most likely due to the residual water in this so-
lution. Ultrasonic cleaning in acetone and ethanol, rubbing with acetone and
optical tissue, no etching and a thermal treatment of 24 hours at 1020◦C gives
unit-cell stepped terraces with reasonably straight steps, as depicted in figure
3.7e.

SrT iO3 and DyScO3 are selected based on lattice match and chemical
compatibility, but the remaining materials aspects also need to be investi-
gated. The electronic properties are the most important aspect, since they
play a crucial role in thin film growth and domain formation in ferroelec-
tric thin films. The conductivity and dielectric constant of the substrate, de-
termine the domain formation, so knowledge on these properties is of vital
importance. SrT iO3 is a widely studied dielectric material. It is a wide-
bandgap semiconductor with an indirect band gap of 3.16eV at 10K [80].
The structure is cubic above Tc = 105K and tetragonal below. It is a so-called
quantum paraelectric: the dielectric constant increases extraordinarily with
lowering temperature and stabilizes at values over 104 below 10K without
showing a ferroelectric phase transition [81]. The dielectric constant is ap-
proximately 300 at room temperature [82] and ∼ 102 at temperatures above
1000K. The dielectric constant depends heavily on doping and SrT iO3 can
even be doped to become a conductor or pseudo-ferroelectric. The resistivity
of pure SrT iO3 single crystals is ρ > 107Ωm at room temperature and drops
to ρ < 1 for temperatures above 1500K and below 100K [77].

Data on the electrical properties of DyScO3 are not widely-spread in lit-
erature. The material is a wide band gap semiconductor as well, with a
band gap around 5.7eV [83]. The dielectric constants at room temperature
in the three different crystallographic directions of DyScO3 are ε11 = 22.0;
ε22 = 18.8 and ε33 = 35.5 [84]. To our knowledge, no studies have been
performed on the temperature-dependence of the dielectric constants of bulk
DyScO3. But probably the temperature dependence of the dielectric constant
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has a relatively flat profile over the 300-1000K temperature range, as it has
been reported for relatively thick DyScO3 thin films [85].

Last, but not least important, is the internal charge distribution in these
crystal substrates possibly leading to polar surfaces. Whereas SrT iO3(001)c
can be thought to be built up by alternating layers of SrO and TiO2 which are
both charge neutral, DyScO3(110)o is built up of layers of DyO+ and ScO−

2

giving rise to a polar surface. Besides the usual atomic reconstruction at crys-
tal surfaces, this polar surface can lead to electronic reconstruction, an inter-
esting effect in itself [86], but that can cause a complex charge distribution at
the interface complicating the description of the electrical boundary condi-
tions of the ferroelectric.

3.4 Targets and stoichiometry

Besides a single commercial target (of SrT iO3)3, all targets have been pre-
pared in-house by solid state reactions of metal oxide powders. The stan-
dard process consisted of powder weighing, ball milling with ethanol, dry-
ing, grinding, sieving, powder sintering, grinding, sieving, pellet pressing
and finally pellet sintering. Sintering of the powders and pellets has been
performed in a standard tube furnace in a closed crucible with some excess
PbO powder at temperatures and times in the range of 700-850◦C and 1-4
hours.

The final target stoichiometry has been determined by powder X-ray
diffraction. Due to the excess of lead (Pb), only PbT iO3-like phases and PbO
were allowed to ensure the proper stoichiometry. In Figure 3.8 the diffrac-
tograms of a PbT iO3 target and a PbT iO3 target with excess lead (in the form
of PbO) are shown. We preferred to use the latter because of the volatility of
lead at the growth temperatures we have employed.

Other techniques, like inductively coupled plasma-optical emission spec-
trometry (ICP-OES) and scanning electron microscopy/energy dispersive X-
ray (SEM/EDX), have been employed to verify the stoichiometry, but could
not give a reliable element composition: Because our target materials are not
even soluble in aqua regia, ICP-OES analysis could not be performed. Oxy-
gen is too light to be detected by EDX (detection range Na − U ), so only the

3Obtained from SCI Engineered Materials, 2839 Charter Street Columbus, OH 43228, USA
(www.superconductivecomp.com).
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Figure 3.8: Powder X-ray diffractograms of a PbT iO3 target (black) and a PbT iO3

target with excess PbO (gray). The black indexation and black circles are based on
Glazer and Mabud [41] for PbT iO3 at T=25◦C. The gray indexation and squares are
based on Boher et al. [87] for PbO at T=27◦C.

metal ratios have been determined but the small electron penetration depth
(typically ∼ 1µm) and dependence on surface morphology of EDX measure-
ments have led to inconsistent results from one measurement to the other.

The stoichiometry of thin films has been measured by Rutherford backscat-
tering (RBS) and X-ray photoelectron spectroscopy (XPS). X-ray photoelec-
tron spectroscopy (XPS) is present in our laboratory, while for RBS, facilities
at Utrecht University have been used. Both techniques are non-destructive;
the main disadvantage of XPS compared to RBS is the effective probe depth,
which is only ∼15 Å for XPS and ∼200 Å for RBS. Another important advan-
tage of RBS is that it does not require composition standards [6], while the
main drawback is that light-element substrates have to be used (in our case,
preferably MgO), which do not reproduce the strain conditions of the films
on SrT iO3 or DyScO3.
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3.5 Structural and morphological characterization

Besides stoichiometry, the structure and the quality of the interfaces are two
of the most important factors influencing the properties of thin films [6].
Therefore, several characterization techniques have been used in this work
to determine the morphology and structure of thin films. The in-situ sur-
face characterization technique used in this work, RHEED, has been intro-
duced previously in this chapter. A graphical overview of RHEED and the
ex-situ techniques based on the probe area and probe depth, is given in Fig-
ure 3.9. A short description of the different techniques can be found in this
paragraph, while more extensive descriptions are available in literature and
textbooks [88, 89].

probe

depth

probe area

XRD

RHEED

LEED
AFM/PFMSTM

nm mmµm

nm

surface

X-TEM

µm

Figure 3.9: Graphical representation of the utilized characterization techniques,
based on the probe area and probe depth. All abbreviations and techniques are de-
scribed shortly in this section. Note that the probe depth of X-TEM is not very well
defined since samples are cut. what we mean here is the probe depth of the electrons,
while for cut samples as used in X-TEM the whole film is probed along the original
film normal.
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3.5.1 Structural characterization

X-Ray Diffraction (XRD)

Routine X-ray diffraction experiments have been performed on a PanAlytical
X’Pert four axes diffractometer with Anton Paar heating stage. This setup
is equipped with a Cu X-ray generator tube, supplying X-rays with a wave-
length of 1.540598 Å (Cu Kα). In parallel beam configuration, both X-ray
reflectivity and out-of-plane diffraction measurements at temperatures up to
900◦C can be performed, providing information on film thicknesses and lat-
tice parameters (see Figure 3.10a for the general setup). The (in)coherency of
the thin films and domain formation has been studied by recording recipro-
cal space maps (RSMs), mainly in the [H0L]-plane.

For high-resolution X-ray diffraction and grazing incidence diffraction
(GID), beamline W1 at HASYlab, DESY (Hamburg, Germany) has been used.
The 6+2 circle diffractometer at this beamline can be used both for high-
resolution routine-like measurements as for grazing incidence diffraction (see
Figure 3.10b). The intense X-ray beam is obtained via a wiggler and the pho-
ton energy can be tuned between 6 and 11 keV . In GID, the X-ray beam comes
in at a grazing angle below the critical angle for total reflection, giving rise to
an evanescent wave, propagating along the surface. Bragg diffraction of this
wave provides information on the in-plane structure of the surface of the thin
film. This enables the recording of RSMs in the [HK0]-plane.

Although excellent overviews and reviews of X-ray diffraction tech-
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Figure 3.10: Schematic representation of the typical setup used in (a) normal diffrac-
tion experiments and (b) grazing incidence diffraction (GID). In both cases, the
length of the incoming and outgoing k-vectors is defined by the diffraction angles
ω and θ. In normal diffraction, the orientation of the k-vector is determined by off-
sets in ω and θ and possible rotation of sample and detector around the z-axis. In the
case of GID, the orientation of the k-vectors can only be in-plane, since the grazing
angles αi,f determine the probe depth of the X-rays.
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niques are widely available [90, 91], some background and detailed infor-
mation on the measurements performed will be treated here. We will fo-
cus especially on RSMs and the possibilities to simulate diffraction patterns.
The recording of RSMs has proven its value in structural analysis of epitax-
ial systems with anisotropic and inhomogeneous strain relaxation and layer
tilting [92]. The amount, presence or absence of epitaxial strain can easily
be monitored non-invasively. Over time, RSMs have shown not to be use-
ful solely for this purpose, but also to obtain information on the polarization
state [93] and the domain structure [1, 94] of e.g. ferroic thin films. The length
scale at which polarization and periodic strain relaxation occurs and its or-
dered nature, allows for X-ray diffraction to monitor these as a function of
temperature, electrical boundary conditions, etc. Due to the relatively com-
plex nature of these polarization and strain relaxation profiles and their de-
pendence on boundary conditions, RSMs are a key method to monitor these.

The recording of RSMs is based on scanning two angles independently
in your diffractometer. We will treat the most simple and common case of
RSMs recorded in the [H0L]-plane, but the general idea can be applied to any
diffraction plane. Recording 2θ − ω scans (2θ being the detector angle and ω
the angle between the incident beam and the sample surface) for a range of
different ω values, allows to convert these scans to a reciprocal space map.
The scan in angle space over 2θ − ω changes the length but not the direction
of the scattering vector ∆K in reciprocal space. While scanning ω in angle
space is equivalent to changing the direction of the scattering vector ∆K in
reciprocal space, but not its length. The combination of the 2θ − ω and ω an-
gles produces a two-dimensional reciprocal space map with information on
the length and direction of the scattering vector. In this reciprocal k-space,
distances are measured in units of Ewald’s sphere diameter (4π

λ ). This en-
ables comparison between measurements taken with different wavelengths.
In order to compare measurements on different substrates, these units can be
made dimensionless by normalizing with respect to the substrate lattice pa-
rameter a0 (axes in reciprocal space units, r.l.u.). When k-space is normalized
in this way, q-space plots are obtained. In formulae, the transformation from
angle space to reciprocal q-space, is given by

q⊥ =
2a0

λ
sin(θ) · cos(ω − θ) (3.3)
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q|| =
2a0

λ
sin(θ) · sin(ω − θ) (3.4)

Where the last term determines the direction of the scattering vector and the
other terms determine the length of the scattering vector in q-space.

Reciprocal space maps: coherency, superstructures and domains

First of all, the use of RSMs enables to determine the coherency between a
substrate and a thin film. But RSMs can also be used to observe and study
superstructures (e.g. periodic domains), which appear in a RSM as a super-
imposed periodicity. Tilted layer growth or twinning within a thin film, is
observed as a lattice which is tilted by its (small) tilt angle with respect to
the reference lattice. And finally, finite size effects are reflected in peak size
broadening in the transverse directions. This allows us to extract information
on domain sizes, orientations and periodicity from the RSMs.

As an example, the interpretation of RSMs will be treated here in some-
what more detail. Figure 3.11 shows a comparison of RSMs around the (103)
Bragg reflection of 30 nm PbT iO3 on a SrT iO3 substrate and of 30 nm PbT iO3

on 10 nm SrRuO3 grown on three different substrates: SrT iO3, KTaO3 and
LaAlO3

4. In general, the substrate peaks are more intense and sharper than
the film peaks, due to effects of finite size and diffuse scattering from the film.
The observed lattice parameters are indicated and, while the layers are coher-
ently grown both on bare and on SrRuO3 electroded SrT iO3 (substrate and
film are on the same vertical, meaning they share the same in-plane compo-
nent of the scattering vector), this is not very clear on SrRuO3/KTaO3 and
it is surely not the case on SrRuO3/LaAlO3. On KTaO3, the PbT iO3 film
peak is rather weak, probably caused by the K-volatility at the employed
growth temperature (570◦C). In combination with the well-established sub-
strate treatment procedure [59], this makes SrT iO3 the substrate of choice of
these three substrates to grow PbT iO3 onto, as explained in section 3.3. Be-
sides, it shows that the presence of a SrRuO3 buffer (electrode) layer does
not influence the epitaxial relations visibly.

Superstructures and domains require a more detailed analysis of RSMs.
For ferroelectrics, in which the up and down polarized states are associated
with oppositely displaced atoms, the structure factor of these two states is

4These thin films have been obtained from Arjen Janssens at the University of Twente.
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Figure 3.11: RSMs around the (103) Bragg reflections of (a) 30 nm PbT iO3 on SrT iO3

and (b) of 30 nm PbT iO3 on 10 nm SrRuO3 on SrT iO3; (c) KTaO3 and (d) LaAlO3.
Axes are in reciprocal lattice units (1 r.l.u.= 2π

b ); i.e. normalized to the substrate lattice
which have lattice constants 3.905 Å for SrT iO3; 3.988 Å for KTaO3 and 3.793 Å for
LaAlO3. The vertical lines act as a guide to the eye.

different. Using the general formula for the structure factor of the unit cell:

F (−→q ) =
Na∑

j=1

fi(
−→q )eiq·rjd3−→r (3.5)
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with Na the number of atoms in the unit cell located at (a1, a2, a3) and all with
their own atomic scattering factor fi(

−→q ). This can be applied to a ferroelectric
perovskite with general formula ABO3 with A cations (in our case Pb) at
(0, 0, 0), B cations (Ti) at (1

2 , 1
2 , 1

2 ± δ) and oxygens at (0, 1
2 , 1

2), (1
2 , 0, 1

2) and
(1
2 , 1

2 , 0). With A being the displaced atom5, and reducing the problem to two
dimensions since the two in-plane directions are equivalent, this gives rise
to an ”up” polarized unit cell structure factor (”up” being associated with a
polarization pointing upward thus an upward ion displacement, see Figure
3.12):

Fu(−→q ) = fA · e2πi(qx(n)+qz(m)) + fB · e2πi(qx(n+ 1
2
)+qz(m+ 1

2
+δ))

+ fO ·
[
e2πi(qx(n+ 1

2
)+qz(m))

+ e2πi(qx(n)+qz(m+ 1
2
)) + e2πi(qx(n+ 1

2
)+qz(m+ 1

2
))
]

(3.6)

and a ”down” polarized unit cell structure factor:

Fd(
−→q ) = fA · e2πi(qx(n)+qz(m)) + fB · e2πi(qx(n+ 1

2
)+qz(m+ 1

2
−δ))

+ fO ·
[
e2πi(qx(n+ 1

2
)+qz(m))

+ e2πi(qx(n)+qz(m+ 1
2
)) + e2πi(qx(n+ 1

2
)+qz(m+ 1

2
))
]

Where qx(n) and qz(m) indicate the in-plane and the out-of-plane direc-
tions, respectively, and are functions of n and m, which are the unit cell in-
dices over which we will sum to ”construct” an entire crystal. Since Pb and
Ti are the main scatterers, it is a good approximation to omit the O-terms.
With these simplified structure factors of up and down polarized unit cells,
the intensity of the diffraction pattern of a periodic up/down polarized crys-
tal can be calculated. Before we construct the whole crystal, one more step is
required: we construct a unit of M unit cells high, consisting of ”up” polar-
ized unit cells from the 1st to the N th unit cell and ”down” from the N + 1th

5The Pb, Ti and O sublattices are displaced with respect to each other. We neglect the
oxygen octahedra distortion and consider a tetragonally distorted ferroelectric, , which means
that a displaced Pb lattice is effectively equivalent to a displaced Ti lattice.
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Figure 3.12: Graphical representation of a periodic 180◦ domain pattern and a high-
light of a ”down” (left) and an ”up” (right) polarized unit cell and their associated
atomic coordinates (the displacements are not to scale).

till the 2N th unit cell:

Fu−d(qx, qz) =
m=M∑

m=1

[n=N∑

n=1

Fd(qx(n), qz(m))

+
n=2N∑

n=N+1

Fu(qx(n), qz(m))
]

(3.7)

(3.8)

Which has a 180◦ domain periodicity of 2N unit cells. Subsequently, an
entire crystal of 2NXe by MYe is ”constructed” by summation over these
”up/down” units:

Ftot(qx, qz) = Fu−d(qx(n), qz(m))
X=Xe∑

X=1

e2πi(2NX)qx
[Y =Ye∑

Y =1

e2πi(MY )qz
]

(3.9)

And the intensity measured by XRD is proportional to the square of the struc-
ture factor, thus:

Itotal = |Ftot(qx, qz)|2 (3.10)

This leads to the conclusion that due to the difference in structure factor of
”up” and ”down” polarized ferroelectric domains, periodic 180◦ domains in
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thin films give rise to the observation of an in-plane superlattice. There is one
exception to this rule: This superlattice can only be observed around Bragg
peaks with non-zero L. When L = 0, it can easily be seen from equation
3.5 that the −→q · −→rj term equals zero, no matter what vertical displacement.
The presence of superlattice peaks around [00L]-reflections and their absence
around [H00]-reflections is shown in Figure 3.13.

For 90◦ domains, a similar analysis is somewhat more laborious and

Figure 3.13: Simulation of diffraction patterns in the [H0L]-plane of a Pb-Ti lattice
with a typical displacement of 0.05 unit cell (0.2 Å) in the z-direction. Along the
horizontal axis is the variable in reciprocal space (varying over ε), along the vertical
axis the calculated intensity. a) H = 1± ε, L = 0, the equivalent of a GID 2θ-ω scan.
b) H = 1, L = ±ε, the equivalent of a GID ω scan. c) H = 0, L = 1± ε, the equivalent
of a 2θ-ω scan. d) H = ±ε, L = 1, the equivalent of an ω-scan. The observed smooth
fringes are due to finite size effects. The superlattice peaks are clearly present for
H = 0 and L = 1 (d) and absent for H = 1 and L = 0 (b).

would involve twinning angles. A phenomenological analysis is therefore
more useful. Twinning of tetragonal a- and c-domains occurs by sharing the
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zero-strain (101)-plane. Therefore, the domains tilt with respect to each other
and in the case of thin films, at least one domain tilts with respect to the
substrate. In a RSM, this results in different sublattices tilted with respect to
one another. When this occurs periodically, superlattice peaks are present in
the RSM, superimposed to this tilting.

Double diffraction

A phenomenon not very commonly observed and, therefore, not very well-
known in X-ray diffraction of thin films, is ”double diffraction” or ”Umwe-
ganregung”. Whereas double diffraction in optics, electron diffraction and
single crystal X-ray diffraction is observed regularly, it is a rare phenomenon
in X-ray diffraction of thin films. Several reports on double X-ray diffraction
on single crystals exist [95], but only few on thin films on substrates [96].
The concept is most easily explained by the ”Huygens’ principle”, which in
essence means that every point on a given wavefront acts as a new source of
wavelets that travel in all directions. For XRD on single crystals this means
that two (or more) lattice points lie on the Ewald’s sphere at the same time.
Although simultaneous diffraction can change the strength of a Bragg peak
and can help solving the phase problem for bulk crystals, the peaks are al-
ways found at reciprocal lattice points of the crystal. For a hybrid system like
a heteroepitaxial thin film on a substrate, a modified analysis is needed and
can be found in recent literature [96]. The main difference with simultaneous
diffraction from single crystals, is the fact that two distinct reciprocal lattices
are superposed. This can lead to sums of diffraction vectors which end up
at positions that belong to neither of the two primary lattices. Understand-
ing of double diffraction peaks is not straightforward but can lead to three-
dimensional information of the layer structure without having to measure in
asymmetrical diffraction geometries. In other words: Reciprocal space maps
of single symmetric reflections can already allow for determination of paral-
lel and perpendicular lattice mismatches and relative lattice spacings [96].

3.5.2 Morphological characterization

Scanning probe microscopy provides information on the surface morphology
of substrates and thin films. This technique comes in many kinds and fla-
vors; only atomic force microscopy (AFM) and the more advanced technique
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of piezoresponse atomic force microscopy (p-AFM), will be treated here. The
details on the (spectroscopic) electrical characterization via p-AFM, will be
treated in the next section on electrical characterization. In an atomic force
microscope, a -not necessarily conducting- tip is brought to the proximity of
a surface and the bending of the cantilever to which the tip is mounted, is
monitored. In this manner, a landscape based on the atomic forces between
the tip and the surface, like Van der Waals, capillary and mechanical contact
forces is measured. We have mainly used tapping mode AFM which also
allows to monitor the phase lag between applied and measured tapping fre-
quency. Although we do not present these data, we have also used this to
verify the homogeneity of surface terminations.

Piezoresponse atomic force microscopy is based on AFM. Normal AFM is
extended with a conducting tip and an electrical contact from tip via an elec-
trical circuit to the sample. By applying proper voltages, local piezoelectric
measurements can be performed. In this way the piezoelectric state of the
sample can be monitored (reading) and manipulated (writing). The tips used
for p-AFM are usually coated with a conductive coating, increasing their tip
size from a typical 10 nm tip radius for normal AFM tips to 20 nm. Still,
the configuration does not ensure homogeneous electric fields like in a flat
plate capacitor where the lateral dimensions are much larger than the longi-
tudinal dimensions. Combined with the fact that although p-AFM operates
in contact-mode, some voltage drop across the interfaces is inevitable, which
complicates proper estimations of the electric field. Therefore, the electric
fields calculated from the voltages applied and the film thicknesses is enor-
mous compared to those in macroscopic measurements (next section).

Still, contrast in piezoresponse (PR) phase and amplitude while scanning
the surface provides qualitative information on the domain structure of the
ferroelectric. The existing polarization state can be determined by scanning
with a sufficiently small AC-voltage. The coercive field can be determined
by applying a small AC-voltage while re-scanning an area which has been
scanned while applying a large DC-voltage.

3.6 Electrical characterization

Perovskite metal-oxides show a wide variety of electrical properties: from in-
sulators, via (wide-bandgap) semiconductors, magnetoelectrics, ferroelectrics
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and conductors to superconductors. While this variety of properties pin-
points the potential of this material class to be incorporated in electronic de-
vices, it shows at the same time one of the problems in the characterization
of PbT iO3-based ferroelectric thin films. As mentioned in chapter 1, PbT iO3

is, besides a good ferroelectric, also a semiconductor [9, 97]. At room tem-
perature, PZT single crystals have an estimated free carrier concentration of
3 · 1018cm−3, which means that it has considerably more free charge carri-
ers than the standard semiconductor silicon Si (1.1 · 1010cm−3). The bandgap
of PbT iO3 of 3.4eV [98] is significantly larger than that of silicon (1.12eV)
though, while the electron mobility in PbT iO3 remains unreported. This
semiconducting character hinders macroscopic ferroelectric measurements
on pure PbT iO3.

Therefore, on pure PbT iO3 only ferroelectric measurements on our thin
films have been performed by p-AFM. Still, the ferroelectric response of thin
films of solid solutions can be measured macroscopically. The ferroelectric
hysteresis loop (and thus the coercive field Ec and remanent polarization
Pr) as shown in chapter 1 has been measured using a Radiant Technologies
Precision Materials Analyzer. All other ferroelectric hysteresis loops have
been measured with p-AFM by Alessio Morelli [99]. The capacitance, C, and
losses, tanδ, of superlattices have been measured with an Agilent 4284A Pre-
cision LCR Meter. The operating principle of the Radiant apparatus is the
Sawyer-Tower circuit [100]. This circuit allows to measure the hysteresis loop
of a ferroelectric, while the influence of the measurement circuit is eliminated.
Of the different techniques available for electrical characterization [29], we
will only treat impedance spectroscopy and CV-measurements via p-AFM.
Impedance spectroscopy boils down to frequency-dependent measurements
of the capacitance and loss. The CV-measurements are carried out via p-AFM
by a PUND-like method to measure hysteresis of the remanent polarization
and the piezoelectric coefficient d33 [99]. In this way, the intrinsic dielectric
constant, piezoelectric coefficient d33, coercive field Ec and remanent polar-
ization Pr have been determined.

3.6.1 Impedance spectroscopy

Impedance measurements of materials that can be modelled by capacitive
and resistive components and follow Debye-like relaxations, form one semi-
circles per relaxation process, when plotted in a Nyquist diagram (real part
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along the x-axis and imaginary along the y-axis; each point corresponding to
a different frequency). An equivalent circuit can be built in which conduc-
tion mechanisms are represented by resistors, R, and polarizabilities of the
material by capacities, C. Every RC-circuit has a certain time constant which
defines the frequency of the maximum loss. In a material with grain bound-
aries and a contact interface for example, this enables one to distinguish be-
tween intrinsic, grain-boundary and contact RC-characteristics (impedance
and polarizability), which give three separate semicircles.

Because the dielectric constant consists of a real part ε′ and an imaginary
part ε”, it can be written as ε ≡ ε′ − iε”. Since impedance, Z, and dielectric
constant, ε, are related by Z = 1/(iωCε), a Nyquist diagram of the real and
imaginary part of the dielectric constant results in a similar plot, known as a
Cole-Cole plot (Figure 3.14). The intrinsic materials properties are character-
ized by fast response, meaning that the first semicircle (closest to the origin,
usually related to the high-frequency response), represents the intrinsic ma-
terials properties. The intercept of the first semicircle with the real axis is the
bulk dielectric constant of the material. Real measurements will deviate from
this ideal Debye theory behavior. The main deviation is the locus of the cir-
cular arc which can be off from the real axis. This deviation is described by
α, which indicates the angle between the real axis and the line between the
origin and the locus of the arc [101] (see Figure 3.14). The measured capac-
itance and dielectric loss are converted to the real and imaginary part of the
dielectric constant by

ε′ =
CH

ε0A
(3.11)

and
ε” = ε′tan(δ) (3.12)

in which C is the capacitance, H the film thickness, A the effective capacitor
area and tan(δ) the dissipation factor or loss tangent.

3.6.2 CV-characteristics

A hysteresis loop of electric polarization versus electric field can be mea-
sured via CV-measurements. The CV-characteristics of a ferroelectric are de-
termined by the coercive field Ec, the saturation polarization Psat and the
remanent polarization Pr. Since polarization is nothing but charge separa-
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Figure 3.14: Cole-Cole plot of a single RC-circuit.

tion, other mechanisms in which charge is being displaced, should be ruled
out when measuring intrinsic polarization: one only wants to measure the
remanent polarization, not the total switchable polarization. In practice, the
response of many electronic components is easily mixed up with that of a
ferroelectric, modifying the intrinsic measurement, or even worse, leading to
the conclusion that a material is ferroelectric while it is not [102].

In this work, macroscopic CV-measurements have only been performed
on solid solutions of PbT iO3, while all measurements on thin films of PbT iO3

have been performed by p-AFM by Alessio Morelli [99]. For both types of
measurements, the first step in the process is to determine the electric field
required to saturate the polarization. Once this is known, simple voltage
sweeps while measuring the capacitance, result in CV-curves which -once
integrated- give PE hysteresis loops characteristic for ferroelectrics. The elec-
tric field E is the derivative of the voltage with respect to position and the
polarization P can be calculated using the expression for the dielectric con-
stant (equation 3.11) combined with that for the polarization:

P = ε0(εr − 1)E (3.13)

CV-measurements by which the most reliable intrinsic properties of a fer-
roelectric can be measured, are performed by the so-called PUND-method.
PUND stands for Plus-Up-Negative-Down, which describes the measure-
ment pulses applied to the ferroelectric. Three parameters can be used to
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perform a PUND measurement [103], which are related to the electric field
(Vmax) and the timing (pulse width and pulse delay). Similar care has been
taken to measure intrinsic properties in the p-AFM measurements of the hys-
teresis loops of the remanent polarization. The voltage-circuitry as depicted
in Figure 3.15 has been used. Both the d33 and the PR phase have been mea-
sured as a function of the applied DC voltage pulse. In this way, the intrinsic
d33 is measured and besides, the coercive field Ec can be determined.

Figure 3.15: (a) Voltage-circuitry as used for the piezoresponse-AFM ferroelectric
hysteresis loop measurements. (b) Piezoresponse AFM setup consisting of a normal
AFM setup with a metallic tip and a feedback loop in parallel with an electrical cir-
cuit to apply the voltage pulses as depicted in (a) to the ferroelectric sample under
investigation.





Chapter 4

Lead titanate thin films under “small”
compressive strain: PbTiO3 on SrTiO3(001)c

Parts of this chapter are published as:
S. Venkatesan, A. Vlooswijk, B.J. Kooi, A. Morelli, G. Palasantzas, J.T.M. de Hosson and B.
Noheda – “Monodomain strained ferroelectric PbTiO3 thin films: Phase transition and critical
thickness study”, Physical Review B, vol. 78, no. 10, 104112, September 2008.

4.1 Introduction

Because many applications of ferroelectrics require vertically accessible po-
larization, single c-oriented ferroelectric thin films are widely studied [39,
104, 105, 106]. In section 2.5 and 3.5 we have shown that PbT iO3 thin films
on SrT iO3 in principle belong to this category. As shown in Figure 2.4 and
calculated by Pertsev et al. [33], thin films of PbT iO3 on SrT iO3 are expected
to be under compressive strain and, indeed, c-oriented. There are several
reasons to study PbT iO3/SrT iO3, of which the most important ones are the
well-established chemical and thermal treatment of SrT iO3 substrates and
the experimental good lattice fit between SrT iO3 and PbT iO3 at room tem-
perature. Despite the large efforts, the behavior of these thin films is still not
fully understood. The domain formation in PbT iO3 often plays an important
role in the interpretation of the ferroelectric behavior. Therefore, the thick-
ness of the thin film is a crucial parameter to define the ferroelectric response.
After all, as long as the film is thin enough, the misfit is accommodated by
lattice strain and not by other effects like domain formation (twinning), dis-
location formation etc. The question of “what is thin enough?”, or in other
words “what is the critical thickness for strain relaxation?” is therefore very
important. This critical thickness can be calculated using different thermody-
namic models, like the Matthews-Blakeslee [2] and People-Bean [3] model.
In the next section these two models and their applicability will be treated
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in more detail. For the case of PbT iO3 on SrT iO3 (using literature bulk val-
ues [41, 107]), a small compressive misfit exists at the growth temperatures
that we have employed. The order of magnitude of this misfit is such that
it allows for a relatively large critical thickness for strain relaxation. In this
chapter, we show that a critical thickness far beyond those predicted by the
previously-mentioned models can be obtained in this film-substrate system
and we explain the reasons. It should be reminded though, that the misfit
strain shifts Tc upwards, giving rise to modifications in Figure 3.6. This shift
of Tc also raises the question whether our films are grown in the paraelectric
or ferroelectric phase. Temperature-dependent XRD measurements which
will be presented in section 4.4.1, show that our films are grown in the ferro-
electric phase. This is an important observation, since the domain structure
in a ferroelectric is strongly dependent on its thermal history, especially when
ferroelectric/paraelectric phase transitions are involved.

The defining conditions of our thin PbT iO3 layers on SrT iO3, apart from
their growth in the ferroelectric phase, the are the relatively slow cooling rate
(−5◦C/min) and the absence of electrodes. Thermodynamics is valid when
the film is grown slow enough or thin enough for defects to annihilate dur-
ing growth or post-annealing. Growth rates up to 2 Å/s, corresponding to
a 5Hz laser frequency in combination with our deposition parameters, lead
to thin films which are c-oriented, as is expected from thermodynamics. In
these films, the presence of periodic 180◦ domains has been confirmed by
XRD [1, 53, 106] and possibly also by AFM [108].

This is in agreement with other reports. In thin films with thicknesses
below the critical thickness for strain relaxation and without electrodes, peri-
odic 180◦ domains can be present. In the present work, also double diffraction
peaks are observed by XRD, indicating a high quality coherent film/substrate
interface. These double diffraction peaks only appear when certain require-
ments are met, of which a good lattice match, proper film thickness and a
high quality coherent substrate/film interface are the most important ones.
As far as we know, double diffraction in ferroelectric thin films has not been
acknowledged in the literature, and these peaks are often misinterpreted as
impurity phases [105, 109]. The piezoelectric constant of these films is mea-
sured by p-AFM to be in the order of 30 pm/V.
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4.2 Thin film growth

Figure 4.1: RHEED intensity as a function of growth time (left) and RHEED patterns
of PbT iO3 grown on (top center panels) a 0.02◦ miscut SrT iO3 substrate with a 5Hz
laser repetition rate showing oscillations and a 2d RHEED pattern characteristic for
layer-by-layer and step-flow growth. And (bottom) on a 0.04◦ miscut substrate and
a 10Hz laser repetition rate showing no oscillations and a RHEED pattern character-
istic for 3d growth. The insets in the intensity versus time graph show a blow-up of
the oscillations and a fit to the relaxation after every pulse. The dotted lines indicate
the 95% uncertainty interval. Ex-situ 1 × 1µm AFM images of the film surfaces are
shown with z-scales of 3 nm (top) and 20 nm (bottom).

The growth of thin films of PbT iO3 has been performed by pulsed laser
ablation of in-house fabricated PbT iO3 targets with a 2 − 7% excess of lead.
The deposition settings are listed in Table 3.1 in chapter 3 and in most cases
we have used a spot size of 2.5mm2 and a target-substrate distance between
48 and 51mm. After deposition, samples were typically annealed in 500mbar
of oxygen at their growth temperature and immediately cooled down with
a -5◦C/min cooling rate to room temperature. In order to achieve the ear-
lier mentioned layer-by-layer growth, RHEED is used to monitor the adatom
diffusion in time. As shown in the inset of Figure 4.1(left), for the growth
of PbT iO3 on single-terminated SrT iO3 and on SrRuO3 electroded SrT iO3,
the relaxation time constant τ , calculated with the use of formula 3.2 is of the
order of 0.20 ± 0.04sec. This means that a laser repetition rate of 1Hz (and
a spot size of 2.5mm2) allows enough time for adatom diffusion to ensure
layer-by-layer growth, while laser repetition rates above 5Hz are expected
not to do so.

When PbT iO3 is grown with a 1Hz laser repetition rate, the RHEED os-
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cillations still damp out with time. The rate at which they damp out is of
the order of 10 monolayers, which is a common observation in heteroepitaxy
of metal oxides by PLD [110]. Generally, the RHEED pattern remains that
of a two-dimensional surface and does not turn into that of a rough three-
dimensional surface, indicating that the growth mode changes to step-flow.
This growth mode does not allow for in-situ real-time growth-rate and thick-
ness monitoring, but it ensures a high film quality. Also shown in Figure 4.1 is
what happens for growth rates above 5Hz and substrates with two termina-
tions: the growth mode is three-dimensional and RHEED oscillations cannot
be observed.

The substrate treatment, termination and miscut can be important param-
eters for the growth mode [111]. We have not studied these effects systemati-
cally. Instead, we have used mainly TiO2-terminated SrT iO3 substrates with
0.1-0.2◦ miscuts. The growth rate then seemed to be an important parameter
in determining the formation of a-domains in thin films of PbT iO3. There-
fore, we have systematically varied the deposition rate by varying the laser
frequency. Ex-situ AFM generally showed two types of surfaces of these thin
films: Single c-domain oriented thin films showed atomically flat film sur-
faces with unit cell steps and some screw dislocations. These surfaces show
that the films grow in a layer-by-layer or step-flow mode. Our RHEED obser-
vations indicate that after an initial layer-by-layer growth, the growth mode
switched to step-flow (this is depicted in the top row of Figure 4.1, as de-
scribed above). In some cases, we observed a so-called “mound” or “wed-
ding cake” surface, indicating that after initial island growth, the growth
mode switched to a layer-by-layer or step-flow mode.

A second type of morphology is found: In the cases of a-domain forma-
tion, we have observed thin films with rougher, but still relatively flat sur-
faces (RMS roughness below 5 nm).

These surfaces show a so-called “fingerprint” structure as depicted in the
bottom row of Figure 4.1 (and even more clear in Figure 3.4 in chapter 3). In
correspondence with these AFM observations, the RHEED intensity showed
3d features and no oscillations. For the thickest film without a-domains,
we have detected a combination of these observations: a two dimensional
RHEED pattern, but a fingerprint-like structure in AFM. This could indicate
that the thickness of this film is very close to the critical thickness for forma-
tion of elastic 90◦ domains.
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4.3 Thin film characterization

4.3.1 Double diffraction

As the surface-to-volume ratio of these thin films is very large, high quality
interfaces are very important. While later in this chapter (Figure 4.10) we
will show that the top surface of the thin films is of high quality, XRD mea-
surements also show very good coherence between film and substrate and
thus a high quality substrate/film interface. This is deduced from peaks as
those observed at q⊥=2.114 in Figure 4.2(a). This peak and similar peaks ob-
served at q⊥ = 1.062 and q⊥ = 1.933 (Figure 4.3 1) are often misinterpreted
as impurity phases or remain unexplained. This is certainly the case in Fig-
ure 8 by Dahl et al. [105] and Figure 1 in Gan et al. [109] and possibly also
in Figure 1A by Stemmer et al. [112] and Figure 1 by S.B. Mi et al. [113]. But
actually, these peaks are “double diffraction” or “Umweganregung” peaks,
a very well-known phenomenon in electron diffraction, but relatively un-
known in XRD. This is quite remarkable, since the use of X-ray diffraction
to structurally characterize epitaxial thin films is well-established [94, 114].
Especially in a field like ferroelectrics, where (periodic) domains are of large
importance, there is a lot of interest in looking at reciprocal space maps (and
not only standard θ-2θ scans) in order to detect the presence of satellite peaks,
possibly related to electrostatic domains [1, 53, 106], but also to crystallo-
graphic twinning domains [115] or impurity phases.

Information like the epitaxial relations and crystal quality are easily ex-
tracted using X-ray diffraction. The general model used is that of a simple
superposition of two reciprocal lattices, but in reality this image is too sim-
plistic. The epitaxial relationship between substrate and film, increases the
possibility of simultaneous diffraction. And this simultaneous or “double
diffraction”, also known as “Umweganregung” should be taken into account,
as it can give rise to satellite peaks. Especially in the kind of set-up we have
used and which is quite commonly used in lab-diffractometry of thin films.
We have used an X’Pert MRD in line focus; the slits in this set-up are nar-
row in the ω-direction (parallel to he scattering plane) but very broad in φ
(perperdicular to the scattering plane). This results in a very limited res-

1Throughout this chapter, q-space is normalized to the room temperature SrT iO3 lattice
parameter (a=3.905 Å).
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olution in that direction and any reflection perpendicular to the scattering
plane, like Umweganregung peaks, can easily show up in the diffractograms.
The “Umweganregung” peaks are generally weak and quite sharp. For our
measurements performed at the synchrotron, this means the observation of
“Umweganregung” peaks is less likely due to the better resolution, but when
the proper diffraction conditions are met, the increased beam intensity allows
to monitor even weak “Umweganregung” peaks. Simultaneous diffrac-
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Figure 4.2: a) Q-space RSM1 around the (002) Bragg peak of a 22 nm PbT iO3 film
on SrT iO3. The peak at q⊥ = 2.114(2) is constructed by double diffraction from
the SrT iO3 (004)- and PbT iO3 (002̄)-plane. b) General idea of multiple diffraction
in reciprocal space. The beam singly diffracted by the (h1, k1, l1)-plane, acts as an
incoming beam for the second diffraction by the (h2, k2, l2)-plane. This results in a
double diffraction peak, seemingly diffracted by the (h1 + h2, k1 + k2, l1 + l2)-plane.

tion occurs when two (or more) lattice points lie on the Ewald’s sphere of re-
flection at the same time. For single crystals, thorough analysis can be found
in literature [95, 116]. Although simultaneous diffraction in single crystals
can change the strength of a Bragg peak, the peaks are always found at re-
ciprocal lattice points. For a hybrid system like a heteroepitaxial thin film
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on a substrate, a modified analysis is needed and can be found in recent lit-
erature [96]. The main difference with simultaneous diffraction from single
crystals, is the fact that two distinct reciprocal lattices are superimposed. This
can lead to sums of diffraction vectors which end up at positions that belong
to neither of the two primary lattices. The general idea of multiple diffraction
is presented in Figure 4.2(b). A typical combination of Bragg planes and their
associated Bragg cones are shown with their apexes meeting at one point.
Any beam obeying Bragg’s law must lie along the surface of these cones.
Multiple diffraction arises when an incident beam is obeying the Bragg con-
dition for one set of planes and the resulting diffracted beam can act as an
incoming beam for a second set of planes. The diffracted beam (h1, k1, l1) has
to lie on the cone of (h2, k2, l2). With a limited φ resolution (rotation of the
cone), the beam constructed by double diffraction is most easily observed,
since it only has to have a length matching to the accompanying Ewald’s
sphere.

When double diffraction peaks are investigated using ray diagrams as in
Figure 4.2(b), several aspects should be taken into account. First of all, any
combination of a film and substrate reflection should obey the requirement
that it will cross the film interface. This allows for two options: Either the
beam is transmitted through the film, diffraction from the substrate occurs
and this signal serves as an incoming beam for a film plane which diffracts
outwards; or the beam is diffracted by the film and the diffracted beam acts
as an incoming beam for a substrate plane which diffracts outwards. Sec-
ond, beams (h1, k1, l1) and (h2, k2, l2) should be of comparable intensity. This
means the thickness and quality of the film play a role. In epitaxial thin films,
the signal coming from the substrate is in general very strong compared to
the film. In double diffraction this means the signal from the film will be the
limiting factor in the detection of a double diffraction peak and the film has
to have a good crystallinity and a minimum thickness to give enough sig-
nal. On the other hand, in a thin film of PbT iO3 with Pb being a very strong
X-ray scatterer, the film should not be too thick, because this leads to very
strong absorption of the incoming beam by the thin film. Additionally, if at
the position of a double diffraction peak in reciprocal space, there are weak
or no substrate or film peaks, the possibilities of observation of the double
diffraction peak are best. And finally, concerning the construction of dou-
ble diffraction peaks using the ray diagrams, the electron density of film and
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substrate should be similar, otherwise a correction for the refractive index is
needed.

Since PbT iO3 and SrT iO3 have similar electron densities, no correction
for difference in refractive index is needed and ray diagrams can be used
without any correction to predict the double diffraction peaks. Taking into
account that the (101)-type reflections in perovskites are usually very strong,
the “Umweganregungen” constructed from these reflections are the first ones
to take into account. For the current case, the strength of the Bragg reflections
at room temperature for PbT iO3 and SrT iO3 in order from strong to weak is
summarized here:

material strongest weakest
PbT iO3 [41] (101) (110) (111) (100) (211) (200) ...
SrT iO3 [107] (110) (200) (211) (111) (220) (310) ...

“Umweganregungen” constructed from these strong reflections are expected
to be most easily observed. The peak positions in q-space (in relative lattice
units, normalized with respect to the SrT iO3 substrate lattice) are given by

q‖ = aSTO
aSTO

√
h2

STO + k2
STO + aSTO

aPTO

√
h2

PTO + k2
PTO

q⊥ = a0
cSTO

lSTO + aSTO
cPTO

lPTO

(4.1)

Where h, k and l are the Miller indexes, a, cSTO are the normalization lattice
parameters and a0 is the observed lattice parameter. If we index the Umwe-
ganregung as a sum of the indices of the two involved primary reflections,
the (00L) Umweganregung peaks and their indices are expected to be1 (in or-
der of peak strength and based on bulk lattice parameters):

PbT iO3 SrT iO3 Umweganregung q‖[r.l.u.] q⊥[r.l.u.]
(101) (1̄01) (002) 0 1.940
(1̄1̄1̄) (112) (001) 0 1.060
(111) (1̄1̄2) (003) 0 2.940
(101) (1̄03) (004) 0 3.940
(002) (002) (004) 0 3.879
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Figure 4.3: a) Linear scans along the [00L]-direction of a PbT iO3 thin film on SrT iO3

of 150 nm (a) and 82 nm (b-d). We have observed Umweganregung peaks for films
with thicknesses ranging from 22 nm up to 150 nm. a) The indicated peak po-
sitions ((001) and (002)) correspond to q⊥ = 1.000(2); 2.000(2) for SrT iO3, q⊥ =
0.936(2); 1.874(2) for PbT iO3 and q⊥ = 1.062(2); 1.933(2) for the Umweganregung
peaks. b-d) The peak positions correspond to b) q⊥ = 1.000(2); 0.942(2); 1.058(2); c)
q⊥ = 2.000(2); 1.883(2); 1.940(2) and d) q⊥ = 4.000(2); 3.765(2); 3.880(2) for SrT iO3,
PbT iO3 and Umweganregung, respectively.

Which is in good agreement with the measurements in Figure 4.3. Note
that the zero-values for the Umweganregung a-lattice parameter, is valid due
to the substrate/film coherence. Although this is not our case, when the
film/substrate interface is incoherent, the peak due to double diffraction will
end up outside the crystal truncation rod and gives quantitative information
about the strain state [96].
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By performing φ-rotation, we have confirmed that the observed peaks
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Figure 4.4: Signs of a high quality substrate/film interface by XRD and HRTEM. a) ω
versus φ plot of the (002) double diffraction peak (q⊥ = 1.940 r.l.u.) in our laboratory
diffractometer. The vertical lines indicate φ = 0◦(constructed from (00L)’s); φ = 35.3◦

(constructed from (11L)’s) and φ = 41.8◦ (constructed from (12L)’s) b) The same φ
dependence recorded at beamline W1, Hasylab, showing a large amount of peaks.
These peaks can be constructed by subsequent diffraction from the substrate and the
thin film because of the good coherence between substrate and film. c) HRTEM of
the interface between SrT iO3 (bottom) and a 37 nm thin film of PbT iO3 (top)2. This
confirms the high quality of the interface (which is indicated by an arrow).

are due to double diffraction. Double diffraction peaks are strongly angle
dependent and from single crystal Umweganregung it is known that rota-
tion around the scattering vector shows very sharp peaks at certain positions.
Therefore, while focussing on a (002) Umweganregung reflection, the sample
has been rotated around φ (the azimuth) (and ω was rocked, which is neces-
sary because the sample surface is not perfectly parallel to the x-ray beam in
our lab diffractometer). The result is plotted in angle-space in Figure 4.4(a).
For every omega rocking curve, the crystal truncation rod is crossed, lead-
ing to increased intensity (typically 10% of the intensity Ip of the main peak
at φ = 0◦). At certain φ values the intensity is somewhat increased. Peaks
are observed for φ = 0;±4;±36;±40◦. The φ resolution (1◦) does not al-
low us to draw definitive conclusions from these peak positions. The peak
at 0◦ is the main peak and can be constructed from primary (00L) reflec-
tions. Similarly, the peaks at ±36◦ show an intensity of 0.25-0.30Ip and can
be constructed from primary (11L) reflections. The peak at ±41◦, with 0.13-
0.17Ip, can be constructed from primary (12L) reflections, while the peak at
±4◦ (0.17-0.18Ip) remains unexplained.
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In principle, many peaks can be observed for different φ angles, but many
of them are very weak. Synchrotron measurements as plotted in Figure 4.4(b)
show that there are indeed many different peaks. We have not indexed these
peaks, but we think that their presence indicates a very good substrate/film
coherence with a sharp interface. This facilitates the construction of many
double diffraction paths, even of relatively weak singly diffracted beams. The
high quality of the interface is confirmed by HRTEM measurement as in Fig-
ure 4.4(c) 2.

4.3.2 Compositional properties

Figure 4.5: RBS measurement data and simulation of a 30 nm PbT iO3 film grown on
a MgO substrate with the detector at (a) 60◦ and (b) 10◦ from the incoming beam.
The plotted simulations represent a 0.99:1.01 Pb : Ti-ratio. The two different beam
directions deviate with a higher (a) and lower (b) Pb : Ti-ratio indicating that these
deviations are most likely due to chanelling effects. c) is an AFM measurement of this
film, showing a 3-dimensional structure of islands/platelets with a RMS roughness
of 5nm (4×4 µm scan size; full z-scale 40 nm).

In order to verify the thin film composition, X-ray photoelectron spec-
troscopy (XPS) and Rutherford backscattering (RBS) have been used. Re-
markably, XPS measurements consistently give a 2:1 Pb:Ti ratio, when com-
position standards are taken into account correctly. This observation is not
fully understood, but the most likely explanation is that the topmost layer of
the thin film is Pb-rich. Especially since this 2:1 ratio is not reproduced by
RBS measurements. Although RBS measurements have been performed on

2TEM measurements performed by Sriram Venkatesan, Materials Science Group, Univer-
sity of Groningen, The Netherlands.
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PbT iO3 films on MgO (RBS does not allow for good quantitative measure-
ments when heavy-element substrates are used), there are no straightforward
reasons to expect large composition differences due to this difference in sub-
strate. In order to prevent channeling effects [117], detectors at 10◦ and 60◦

with respect to the incoming beam have been used. Measurements on a 30 nm
thick PbT iO3 film on MgO with detectors at 10◦ and 60◦ is depicted in Figure
4.5(a-b). The measurements can be simulated using a 0.99:1.01 Pb : Ti-ratio
showing opposite deviations for the two different beam directions. There-
fore, it can be concluded that the Pb : Ti ratio is 1:1 within measurement
errors, which means that the excess lead in our PLD target is lost in the depo-
sition process and the thin film is stoichiometric.

In combination with our XPS measurements and the fact that the probe
depth of RBS is more than a factor of 10 larger than that of XPS, it is likely
that the topmost monolayers of our thin films are Pb-rich. Both effects are
consistent with existing literature: for thin films of PbT iO3, a Pb-enriched
surface layer is observed by XPS frequently [118]. And Kwak et al. [119],
have shown RBS data on PbT iO3 thin films on different substrates, showing
stoichiometric compositions.

4.4 Results and discussion

4.4.1 90◦ domain formation: critical thickness and growth rate

Even though the experimental misfit strain at room temperature between
SrT iO3 and tetragonal PbT iO3 is only of the order of 10−3, misfit strain can
certainly play an important role in this system due to the misfit with the cu-
bic PbT iO3. At our typical growth temperature of 570◦C, the misfit strain is
0.01-0.02 (and compressive). On the one hand, this provides opportunities to
study the effect of misfit strain by studying the temperature-dependent be-
havior. On the other hand, this misfit strain at elevated temperatures can give
rise to dislocation, defect or domain formation.

Several reports are available of a/c-domains in PbT iO3 on SrT iO3 [94,
120], which show that when strain relaxation takes place in this system, a/c-
domain formation is the most common mechanism. There are at least two
possible reasons for this domain formation. The first one is intrinsic to the
PbT iO3/SrT iO3 combination and related to the film thickness: If the film is
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Figure 4.6: Growth rate R versus PbT iO3 film thickness H showing the presence of
single c-domain (squares) versus a/c-domains (circles) in the film. The domain struc-
ture has been observed by XRD and/or TEM. The growth rate R has been calculated
by multiplying the laser repetition rate with an average growth rate per pulse of 0.4
Å. The dashed line is a guide to the eye to distinguish the regions with and without
a-domains.

thicker than the critical thickness for strain relaxation, the strain will relax
loosing coherence with the substrate, which makes a/c-domain formation
plausible. The second reason is related to the growth rate of the thin film.
When the film is grown very rapidly, chances of off-stoichiometry and other
growth-imperfections increase. This induces randomness in the thin film,
increasing the chances for nucleation of a-domains, resulting in a/c-domain
formation.

Remarkably, the critical thickness for strain relaxation of thin films of
PbT iO3 on SrT iO3 at room temperature is only of the order of 10 nm when
calculated using the most common approach as formulated by Matthews and
Blakeslee [2](MB). Our observations as plotted in Figure 4.6 show a large dis-
crepancy with the previous value and raises questions about the applicabil-
ity of the MB model in this case. Although the MB model is widely used
for ferroelectric thin films, it is not universally valid neither very appropri-
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ate to describe the critical thickness of this system, since it only holds for
film/substrate systems with a considerable amount of pre-existing disloca-
tions. What is actually calculated, is the thickness at which the tension in the
dislocation line is balanced by the force exerted on it by misfit stress. To en-
sure an existing dislocation line, a misfit of at least 0.02-0.04 [3] at the growth
temperature is needed. As we just stated, the misfit strain at the growth tem-
perature is 0.01-0.02 in our case.

The People-Bean model [3](PB), which is applicable to low misfit systems
with high-quality interfaces, could be more appropriate. This model assumes
that dislocations have to nucleate, which leads to a simple energy balance of
the strain energy versus the energy cost of dislocation nucleation.

The misfit at the growth temperature is, thus, the key to a proper choice
between the MB and the PB model. Up till now, we have used bulk literature
values (as plotted in Figure 3.6 in chapter 3) to calculate these misfits. But
the matter is somewhat more complicated than this simple approach. As we
calculated in section 2.5.2, the Tc can be shifted up by as much as 600◦C due
to the strain. In Figure 4.7 temperature-dependent XRD data of a 130 nm and
280 nm PbT iO3 film on SrT iO3 are shown, which clearly show a shift in Tc.
This effect can strongly influence the relaxation and thus the a/c-domain for-
mation.
Using the theory as described in section 2.6.2, the critical thickness using the

MB and PB model, of PbT iO3 grown on SrT iO3, can be calculated. Based on
our TEM observations, we use Burgers vectors of type 〈110〉, (α = 4, β = 90◦

and λ = 45◦). Other inputs are an estimate of the Poisson’s ratio of 0.3, as
is common to many metal oxides and the misfit strain at our typical deposi-
tion temperature of 570◦C. For the SrT iO3 substrate lattice parameter b, bulk
values can be used [107], but a linear regression of our measurement data is
probably more appropriate (and reasonably close to the literature values):

bSTO = 3.905 + 3.61 · 10−5T (4.2)

with b in Å and T in ◦C. This is in close agreement with the bulk data pro-
vided by the supplier [72], plotted with the dash-dotted line in Figure 4.7(a).

For the PbT iO3 film, we will compare the result obtained using the ob-
served cubic (high temperature cubic parameters extrapolated down to the
tetragonal phase) and tetragonal lattice parameters in these films (Figure 4.7).
The cubic and tetragonal lattice parameters differ considerably and different
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Figure 4.7: a) Temperature dependent X-ray diffraction measurements of a 130 nm
thin film of PbT iO3 on SrT iO3: the dashed line with squares indicates the mea-
surement during heating from room temperature; the dotted line with squares the
cooling back to room temperature. Idem for a 280 nm thin film of PbT iO3 on
SrT iO3 where the squares are replaced by circles. The solid line is a fit to the high-
temperature PbT iO3 measurements extrapolated into the tetragonal phase. The lit-
erature values of bulk PbT iO3 by Shirane [10] (data) and Haun [13] (extrapolation)
are shown by a dash-dotted line. The out-of-plane lattice parameter of cubic SrT iO3

upon heating and cooling is marked by diamonds, the solid line is the fit to this
measurement data. For comparison, the bulk SrT iO3 data from the supplier [72]
is plotted with a dash-dotted line. b) Shows the temperature dependent tetragonal-
ity of the PbT iO3 thin films and bulk PbT iO3, using the data from Figure a) and
corresponding markers.

arguments exist to use one or the other. When one assumes that the film be-
haves like bulk, the cubic lattice parameters should be used. On the other
hand, when one considers that the shift of Tc due to strain leads to growth of
tetragonal PbT iO3, the tetragonal lattice parameters should be used. For cu-
bic PbT iO3 on SrT iO3 the critical thickness according to the MB and PB mod-
els is 6.2 and 48 nm, respectively. However, for tetragonal PbT iO3 on SrT iO3

the critical thickness according to the MB and PB models is 19 and 386 nm, re-
spectively. The results in Figure 4.6 show that completely c-oriented PbT iO3

films coherent with the substrate, can be grown up to thicknesses of at least
340 nm. This leads to two conclusions: First of all, the MB model gives too
low critical thickness values and the PB gives a more realistic estimate. And
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second, the film is grown directly in the tetragonal (ferroelectric) phase. Al-
though we have not investigated it experimentally, for films with a thickness
larger than the critical thickness, relaxation by misfit dislocations can still
lead to only partial relaxation, leaving enough strain to shift Tc upwards and
stabilize the tetragonal ferroelectric phase during growth.

Although single c-oriented PbT iO3 films up to 340 nm can be grown, Fig-
ure 4.6 also shows that increased deposition rates, lead to a decrease in critical
thickness. In our PLD-system, the PB model seems to hold for growth rates
up to 2 Å/s (5Hz with 0.4 Å/pulse). But when the growth rate is increased,
the growth imperfections and impurity phases, facilitate a/c-domain forma-
tion. This growth rate of 2 Å/s corresponds to a 5Hz laser repetition rate
(with 0.4 Å/pulse) which is in good agreement with the observed relaxation
time τ (Figure 4.1).

Since the a/c-domains do not order periodically, the reciprocal space maps
(RSMs) as shown in Figure 4.8 reflect the relative domain orientation (tilting
angles). The c- and a-domains nucleate in different places in the film and
have to be able to share the strain-free (101)-plane at the domain wall. There-
fore, a characteristic angle α between the c- and a-domains exists. This angle
is determined solely by the c/a ratio by

α = 90◦ − 2tan−1(
c

a
) (4.3)

with a and c the PbT iO3 lattice parameters. This angle α can be observed
in RSMs by measuring the a and c lattice parameters and, redundantly, by
measuring the tilt angle α, between the reciprocal lattices of the c and a do-
mains. By measuring RSMs around different Bragg reflections, the peaks can
be modeled as in Figure 4.8a-c. This gives a- and c-domains with a small dif-
ference in strain state. The a-domains are modeled using a=3.909-3.911 Å ac-
companied by an in-plane c=4.120-4.109 Å, where the c-value is calculated us-
ing the Poisson’s ratio. The c-domains can be modeled by using c=4.140-4.121
Å and, also using the Poisson’s ratio, an in-plane value of a=3.923-3.944 Å is
obtained. As can be observed from the RSM, the c-domains are not tilted with
respect to the substrate lattice. This gives rise to a tilt angle α = 3.01 − 2.83◦

of the a-domains, in good agreement with the measurement, showing the
consistency of the model.
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Figure 4.8: RSMs1 in the (H0L)-plane around the (a)(002), (b)(103) and (c)(001) Bragg
peak of a thick relaxed PbT iO3 film on SrT iO3 showing a- and c-domains. Super-
imposed are the peak positions of SrT iO3(blue), c-domain PbT iO3 (magenta) and
a-domain PbT iO3(black), tilted with an angle α (red). The c-domain peak is broad-
ened corresponding to a crystal size of ∼80 nm. d) RSM in the (HK0)-plane around
the (002) Bragg peak, measured in grazing incidence geometry, showing the 4-fold
symmetry of the twinning domains.

4.4.2 180◦ domain formation

As explained previously, under the condition of a sufficiently low growth
rate, single c-oriented PbT iO3 thin films can be grown below the critical
thickness for strain relaxation, which in the present case is very large. As
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pointed out in the paragraph on Landau theory of thin ferroelectric films
(specifically section 2.5.3), in determining the ferroelectric properties of these
PbT iO3 thin films compressively strained to SrT iO3, a very important pa-
rameter is the c/a ratio. Linked to that is the Tc which, once shifted due
to the strain, gives rise to a change in c/a ratio at a specific temperature.
This brings us back to Figure 4.7 with the temperature-dependence of the
lattice parameters and the accompanying c/a-ratio for two different thick-
nesses, showing different Tc values for for different thicknesses and thermal
histories. The discussion of this important observation has been omitted for
clarity in the previous section and will be treated here. In principle, both
films are c-oriented and according to Pertsev [33] they should have similar
(Tc) behavior. At room temperature, their tetragonality is indeed similar. But
especially for high temperatures (T > 500◦C) this is not the case. From their
Tc-shift and lattice parameters as a function of temperature, we can thus de-
duce that their strain state is quite different.

Figure 4.7(a) shows that for the 280nm films the high-temperature lattice
parameters do not change upon a Tc-shift from 680◦C to 540◦C. We can then
consider that the strain state and lattice parameter of PbT iO3 in the paraelec-
tric region is well-defined. Linear regression including the well-established
room temperature unstrained cubic PbT iO3 lattice parameter of 3.956 Å [41],
gives

a0 = 3.958 + 4.73× 10−5T (4.4)

with a0 in Å and T in ◦C.
From the empirical equations 4.2 and 4.4, a hypothetical misfit strain um can
be calculated and compared with the effective misfit strain obtained from the
shift in Tc (section 2.5.2). The result of this comparison is shown in Table 4.1.
Here, the strain state is defined as the real misfit strain, based on Tc shift, di-
vided by the misfit strain one would expect in the ideal case when the film
lattice accommodates all misfit by strain.
Table 4.1 shows that none of the c-oriented films are fully strained and that

their strain states differ considerably with thickness and thermal history. Be-
sides the differences in strain state, the most striking feature is the shift in
Tc of the 280 nm film upon cooling compared to heating. The strain state of
∼ 50% of the 280 nm thin film is reduced to ∼ 15% after heating to 800◦C,
while the strain state of the 130 nm film is ∼ 90%, independent of heating
up to 700◦C. This difference is due to the larger amount of strain energy in
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d [nm] 280c 280h 130
Tc [◦C 550 680 850
um,TC -0.002 -0.0075 -0.0142
a0 [Å] 3.984 3.990 3.998
b [Å] 3.925 3.930 3.936
um,ab -0.0151 -0.0154 -0.0159
strain state [%] ∼15 ∼50 ∼90

Table 4.1: Strain state calculations of PbT iO3 thin films with a thickness of 280 nm
(cooling (c) and heating (h)) and and 130 nm.

thicker films (strain energy scales with thickness). Therefore, the amount of
thermal energy that has to be provided to overcome the energy barrier to nu-
cleate dislocations or domain walls (and relax the strain), is obviously lower
for thicker than for thinner films.

Irrespective of the strain state, 180◦ domains are expected in these com-
pletely c-oriented ferroelectric PbT iO3 films. By careful analysis, these can be
observed by XRD, as superimposed modulations in the RSM [1], [106]. Care
should be taken because, as explained above, off-specular reflections and in-
tensity modulations are also observed as a result of (relaxation) twins, mul-
tiple diffraction and diffuse scattering by dislocations. Comparing different
diffraction orders is the main handle to distinguish between these different
origins of off-specular peaks. Simple analysis of the first three effects shows
that these can be easily distinguished. In Figure 4.9(a-c), three RSMs around
the (002) Bragg peak of thin films with different thicknesses are plotted. All
three show satellites along the in-plane direction, which we attribute to peri-
odic 180◦ domains.

Besides, we have performed temperature-dependent synchrotron diffrac-
tion experiments, monitoring the signal around the PbT iO3(001) Bragg peak,
associated with the in-plane periodicity (Figure 4.9d-e). Two kinds of period-
icities are observed in this case: a 20 nm periodicity which we associate with
180◦ domains and a 220 nm periodicity which we attribute to be induced by
the terrace steps which have a similar size. By cooling down from room tem-
perature to 10K, no measurable change in size of the two kinds of in-plane
periodicity have been observed. The inertness to temperature of the terrace
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Figure 4.9: a,b,c) RSMs1 around the PbT iO3 (002) reflection of PbT iO3 on SrT iO3,
with film thicknesses (a) 85 nm, (b) 22 nm and (c) 12 nm. The observed in-plane pe-
riodicities are respectively 107-126 nm, 19-21 nm and 13-20 nm. d) Temperature de-
pendent XRD measurements around the PbT iO3 (001) reflection of the 22 nm sample
with no observable difference in the outer satellites (periodicity of 20 nm) between
300K (dotted) and 10K (solid). e) A clear change in positions of the inner satellites
(220 nm). The spacing remains approximately equal but the satellites shift following
the shift due to the symmetry change of the SrT iO3 substrate around 105K. The top
line is recorded at 150K, the middle line at 100K and the bottom line at 10K.

steps is expected with this resolution, the inertness of the polar domains with
temperature probably means that at below room temperature there is no do-
main wall mobility and the stripes are “frozen” [50]. It is quite remarkable
that Fong et al. [1] observe the disappearance of the periodic domains already
above room temperature, for this thickness. This is most likely caused by the
boundary conditions, as their samples are exposed to ionizing radiation for
long times [108].

Note that the observed change around 105K is related to the symmetry
change of the SrT iO3 substrate from cubic to tetragonal. Two or three twins
appear and each have their own modulations related to the in-plane period-
icity of the terrace steps (∼220 nm). The inertness of the 20 nm periodicity to
this twinning, means that it is not strongly influenced by the substrate struc-
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ture. This is an extra argument to ascribe this periodicity to the presence of
periodic 180◦ domains, as this structural change does not change the electrical
boundary conditions. In-plane measurements did not show any modulations
related to a periodicity which means the domains have both periodicity and
polarization perpendicular to the surface, so the periodicity can only be ob-
served in peaks with an L-component, as expected (see equation 3.5).

Although in the direction normal to the film/substrate interface, the “up”
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Figure 4.10: AFM images of PbT iO3 thin film with (b+c) and without (a+d) buffer
electrode SrRuO3 layer on SrT iO3. The layer thicknesses in a+d) are 22 nm
(PbT iO3), b) 4 nm (PbT iO3), 45 nm (SrRuO3) and c) 5 nm (PbT iO3), 5 nm (SrRuO3).
The full z-scale of all images is 2 nm, the scan size of a-c is 1x1µm. e) shows the line
profile of the sections as indicated in the scans.

and “down” domains in a 180◦ domain structure have equal thicknesses,
these domains can possibly be observed by AFM. We have observed minute
contrast in AFM scans on thin films with a very flat unit-cell step morphol-
ogy (Figure 4.10a+d). It is remarkable that the height contrast is 2-3 Å, close
to approximately half a unit cell. Growth effects usually show height con-
trast close to 4-5 Å, a full unit cell. Comparing different surfaces of PbT iO3

does not show very distinctive differences in height contrast. Figure 4.10 a)
and d) most likely show 180◦ domains, whereas b) and c) show unit cell steps
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imaged with a blunt (b) and sharp (c) tip. From our observation, it can not
be ruled out that the contrast is due to another effect than 180◦ domains.
But there is a strong resemblance to the recent observations by Thompson
et al. [108], who ascribe this to the presence of 180◦ domains. They state
that the contrast mechanism is not yet clear, but at least two possible mech-
anisms exist: One is related to the electrostatic interactions between the tip
and the near-surface electric fields of the domains or their adsorbates. The
other is based on the small intrinsic height differences between the positively
and negatively charged adsorbates attached preferentially to each polariza-
tion orientation.

Altogether, this leads to the conclusion that the observations as in Figure
4.9 and 4.10 are signatures of the thin films being ferroelectric, consisting of
ordered 180◦ domains. Still, direct measurements of a ferroelectric response
would be desirable and has been attempted in next section.

4.4.3 Electrical properties

Our AFM and XRD observations indicate that thin films of PbT iO3 on SrT iO3

can be ferroelectric, strained and single oriented. In such a system, ferro-
electric 180◦ domains are expected and in the previous paragraph, we have
shown observations of these domains. These signatures of being ferroelectric
are not directly confirmed by electrical measurements. Actually measuring
the ferroelectric response of thin films of pure PbT iO3 is problematic due to
the fact that it behaves often as a semiconductor [97] and that interface effects
play a large role in the measurement [121]. Using bottom SrRuO3 and top Au
electrodes, we have not succeeded to measure ferroelectric hysteresis loops
on thin films of approximately 30 nm PbT iO3 with macroscopic electrodes.
These measurements are extremely sensitive to workfunction matching and
interface layers. To our knowledge, only very few reports on ferroelectric
loops using macroscopic electrodes on PbT iO3 thin films with thicknesses
down to 2 nm exist [105]. These measurements have been performed using
Nb : SrT iO3 substrates or SrRuO3 bottom electrodes and Pt top electrodes.

In order to show the potential of ferroelectric thin films compared with
bulk ferroelectrics, we have measured ferroelectric hysteresis loops using
macroscopic electrodes on relatively thick PZT samples in cooperation with
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Figure 4.11: a) Standard bipolar hysteresis loops measured with a 20ms hysteresis
period and 1000ms preset delay on a 100 nm PZT thin film on SrT iO3 with top and
bottom SrRuO3 electrodes. The circles correspond to a measurement on a “fresh”
electrode (first measurement), while the crosses mark a second measurement on this
electrode (pre-poled). This shows the sample is pre-poled with a positive bias. b)
Cole-Cole plot of the real and imaginary part of the dielectric constant of a thin film
of 100 nm PZT. Indicated are the limiting measurement frequencies. The fitted semi-
circle corresponds to a static dielectric constant ε′ = 640.

Joost van Bennekom 3. The piezoelectric voltage-polarization hysteresis loop
shown in Figure 1.3 is measured on a ceramic PZT sample with a thickness of
790 µm. Voltage sweeps with increasing maximum field have indicated the
requirement of a minimum field for proper switching. The main parameters
which can be obtained from these loops are the coercive field, Ec = 7.3kV/cm,
and a remanent polarization, Pr = 26µC/cm2. The good switching and rema-
nence are measured using voltages up to 1.9kV , which shows the drawback
of these bulk-like samples: the high switching voltages. A decrease of thick-
ness to 100 nm, without changes in materials’ properties could reduce this to
a voltage of 0.25V .

In cooperation with Arjen Janssens4 we have performed macroscopic fer-
roelectric measurements on thin films of PZT with SrRuO3 bottom and top
electrodes. A typical hysteresis loop on a 100 nm PZT film is shown in Figure
4.11. The remanent polarization Pr = 38.8 ± 1.1µC/cm2 is 50% larger than

3University of Twente, currently at University of Groningen, The Netherlands
4PhD in the Inorganic Materials Science group at the University of Twente, the Nether-

lands.
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that of bulk PZT treated in the previous paragraph. The coercive voltage,
Vc ≈ 0.83 ± 0.05V , which corresponds to a coercive field, Ec (d=100 nm), of
83 ± 5kV/cm, is more than a factor 10 larger than that of bulk PZT. Still, the
applied voltage is relatively low. The increase in coercive field with decreas-
ing thickness is well known [45]. The difference in remanent polarization is
most likely to be ascribed to the difference in microstructure. Although PZT
grows in a columnar fashion as a thin film, it is highly oriented, whereas the
bulk material is randomly oriented. Frequency dependent dielectric mea-
surements on this 100 nm PZT sample indicate a static dielectric constant ε′

of 640±100 (see Figure 4.11). Besides, this measurement shows that this large
value is associated to a relaxation mechanism with a characteristic frequency
of about 1 MHz (see fitting semicircle), most likely the relaxation of domain
walls.

On thin films of PbT iO3 on SrT iO3, only microscopic functional mea-
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Figure 4.12: Piezoelectric characterization of sample A (see Table 4.2) by p-AFM.
From left to right: measured d33, measured phase and the effective d33 calculated
from those measurements.

surements have been performed, by Alessio Morelli [99]. Piezoresponse-
AFM (p-AFM) allows for ferroelectric measurements without macroscopic
(top)electrodes, considerably reducing possible leakage paths and changing
the interface effects (which are still present). Acquiring quantitative param-
eters from these measurements is complex due to the unknown contact ef-
fects and inhomogeneous electric field due to the tip shape, but an effort has
been done in this direction, as presented in figure 4.12. Most measurements
show switching behavior and statistics over a large number of measurements
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A B C
Ec [kV/cm] 150 420 400
d33 [pm/V] 30-33 10-30 10-35

Table 4.2: Overview of the coercive field Ec and piezoelectric coefficient d33 of sam-
ple A: 130 nm PbT iO3 on 30 nm SrRuO3 on SrT iO3; B: 100 nm PbT iO3 on 40nm
SrRuO3 on SrT iO3 and C: 110 nm PbT iO3 on 40 nm SrRuO3 on SrT iO3.

(5-50) on every sample, shows that the coercive field is Ec=150-420 kV/cm.
The factor of 2-4 difference with the coercive fields observed in macroscopic
measurements, is most likely caused by imperfect contact and the inhomoge-
neous field due to the tip shape.

Using a force curve calibration, the microscope has been calibrated to per-
form d33 measurements. The d33 and the effective d33 ·cos(θ) measured in this
way (without any further corrections), are plotted in Figure 4.12. In this case
d33 ≈ 30 pm/V, but in general, the d33 value shows a large spread from 10
to 35 pm/V (Table 4.2). Compared to the d33 = 79.1pm/V as calculated for
single crystals [13], this value is somewhat low. But at room temperature, a
decrease in d33 is expected for PbT iO3 thin films strained on SrT iO3 (com-
pressive um,cub) [122]. Based on the large Tc shifts that we observe, the effec-
tive stress is such that it can lead to a considerable decrease in d33.

Quantitative verification of the dij coefficients is known to be difficult,
since the measured signals are generally small and thorough measurement
calibration is required. Therefore, reports of experimentally determined d33

values are very scarce in literature and our observation is of the same order
of magnitude as the few values reported: Tandon et al. show a value con-
verging to d33 ≈ 50pm/V [123]. Besides, retention times of these films are in
the order of 100 hours, which is in close agreement with other reports [55].

4.5 Conclusions

First of all, our study confirms the accepted knowledge that the thermal his-
tory of a ferroelectric determines its domain configuration. At the typical
growth temperature we have employed for thin films of PbT iO3 on SrT iO3

(570◦C), the growth takes place directly in the tetragonal phase. This is due to
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the misfit strain between substrate and film, which gives rise to a shift in Tc,
in accordance with Pertsev’s theory [33]. Unlike many previous reports, we
have shown that the self-strain of the PbT iO3 has to be taken into account to
calculate the critical thickness of these thin films on SrT iO3. In other words,
we provide a physical explanation for the Tc shift as predicted by a Landau
approach [33]: it is energetically not favorable for the PbT iO3 to be in the cu-
bic phase with large internal stresses. Instead, it is energetically favorable for
the film to grow in the tetragonal phase (which although it is not the ground
state of the bulk material at the growth temperature, it is relatively close in
energy), in order to achieve coherency.

Moreover, we have shown that the Matthews-Blakeslee model (MB) does
not predict the critical thickness for strain relaxation in these thin films prop-
erly. In many cases, the MB model is appropriate, but in this case it is much
more realistic to use the model by People and Bean (PB). This last model
does not only predict a critical thickness in much better agreement with our
observations, but the assumptions at the foundations of the model are also
much better met: The MB model uses assumptions which imply that interfa-
cial misfit dislocations only form in the presence of grown-in threading dis-
locations [3]. But for very small misfits, very few threading dislocations are
expected and thus this mechanism is expected not to be a source of misfit
dislocations. The PB model is based on an energy balance which assumes
the initial absence of misfit dislocations and their formation when it is ener-
getically favorable. When grown in the tetragonal state, MB predict a critical
thickness of 19 nm, while PB predict 386 nm. This explains the successful
growth of single domain dislocation-free thin film with thickness above 100
nm reported in some instances in the literature [124], for which the mecha-
nism of the large critical thickness remained unexplained up to now, as well
as our own results.

Indeed, we have slowly grown films with thicknesses up to 340 nm and
did not observe any relaxation by a-domain formation, which supports the
PB model. Note that this observation has large consequences for the inter-
action between modeling and experimental observations of ferroelectric thin
films. The difference in conception of the lattice misfit has already been men-
tioned in chapter 1 and in models [42], the critical thickness is usually calcu-
lated using the cubic state of PbT iO3 and the MB model.

Another important parameter determining the domain structure is extrin-
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sic to the PbT iO3/SrT iO3 system: the growth rate. When films are grown
rapidly, in the case of our PLD system typically at laser repetition rates above
5Hz and 0.4 Å/pulse growth rate (i.e. 2 Å/s), a-domains form. This do-
main formation is accompanied and probably triggered by growth imperfec-
tions and off-stoichiometry. These a-domains form a crystallographic twin
structure with c-domains (sharing the strain-free (101)-plane). For thick and
rapidly grown films, we have been able to determine the characteristic twin
angle α = 2.92± 0.09◦. This is somewhat smaller than the value observed in
bulk (α = 3.57◦), which indicates the presence of tensile stress on c-domains
and/or compressive stress on a-domains. This means that compared to the
self-strained bulk PbT iO3, the c-domains are tensile strained in-plane. But
with respect to the cubic PbT iO3, the c-domains are still compressively strained
in-plane.

For single c-oriented films, periodic 180◦ domains are observed both by
AFM and XRD. The contrast mechanism of these 180◦ domains in AFM is
still not clear and it is hard to distinguish the probable observation of 180◦

domains from unit cell steps due to two-dimensional growth.
The good coherence and high substrate/film interface quality is confirmed

by double diffraction or “Umweganregung”. Although double diffraction is
often not taken into account or misinterpreted in XRD measurements, we
show that these diffraction peaks can be used as a powerful method to study
closely matched epitaxial systems.

Besides all the qualitative measurements of the ferroelectric properties of
thin films of PbT iO3, also quantitative functional measurements have been
performed. The large leakage and strong interface effects, prevented us from
performing macroscopic electrical measurements. p-AFM does allow for lo-
cal functional measurements. Alas, this method shows a large variation in the
measurement values, mainly due to varying sample regions and tip/surface
contacts. Still, a piezoelectric coefficient d33 of∼ 30 pm/V has been measured
and single c-oriented thin films of PbT iO3 have been shown to display long
retention times in the order of 100hrs.





Chapter 5

Ferroelectric thin films under “large”
anisotropic strain: PbTiO3 on DyScO3(110)o

Parts of this chapter are based on:
D. Rubi, A.H.G. Vlooswijk and B. Noheda – “Growth of flat SrRuO3 (111) thin films suitable
as bottom electrodes in heterostructures”, Thin Solid Films, vol. 517, no. 6, 1904-1907 (2009);
A.H.G. Vlooswijk, B. Noheda, G. Catalan, A. Janssens, B. Barcones, G. Rijnders, D.H.A. Blank,
S. Venkatesan, B. Kooi and J.T.M. De Hosson – “Smallest 90 degrees domains in epitaxial
ferroelectric films”, Appl. Phys. Lett., vol. 91, no. 11, 112901 (2007).

5.1 Introduction

In the previous chapter we have shown that PbT iO3 under isotropic com-
pressive biaxial strain, can be grown in the single c-domain phase. Figure
2.4 shows undoubtedly that this should be the case. Whereas for PbT iO3

on DyScO3, the case treated in this chapter, several phase transitions are ex-
pected. This makes this system more complex but also potentially more inter-
esting. Fortunately, one aspect simplifies the growth of PbT iO3 on DyScO3.
This is the nearly perfectly lattice-matched heteroepitaxy at the growth tem-
perature which makes the growth structurally similar to homoepitaxy. On
the other hand, this means that differences in chemistry and thermal expan-
sion coefficient that can strongly influence the substrate-film interface, may
be more noticeable.

Whereas the SrT iO3 substrate gives rise to a compressive (isotropic) mis-
fit strain um,cub at room temperature, DyScO3 substrates induce a very small
(∼ 10−3) compressive anisotropic misfit strain at this temperature. Based on
the cubic misfit strain between PbT iO3 and DyScO3 extrapolated to room
temperature, the PbT iO3 is expected to be very close to the r-phase. As can
be seen in Figure 2.4(b), a small increase in temperature gives rise to a small
tensile misfit strain. A more realistic phase diagram also includes the strain
anisotropy as shown in Figure 2.5. This shows that the c-phase is expected
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at room temperature, but a small increase in tensile strain, leads to the r-
phase. As discussed in chapter 2, this r-phase, which is predicted in epitaxial
PbT iO3, does not exist in bulk, and has not been confirmed experimentally.

Because of the important role of the DyScO3 surface, we will first treat
several aspects of the DyScO3 substrate in detail, like the substrate treatment
and its structural and electrostatic properties. We logically move on to the
thin film growth on DyScO3, first treating the growth of SrRuO3 electrode
layers and then the growth of PbT iO3. Subsequently, we will describe the pe-
riodic 90◦ domains with a large registry that we have observed in these films
by XRD, AFM, p-AFM and TEM. We will start describing the relaxed thin
films with 90◦ domains at relatively large thicknesses. Then we will discuss
the energy balance from which the critical thickness for 90◦ domain forma-
tion can be calculated. These relaxed films will be treated in some more detail,
calculating the stress field as a function of thickness and domain sizes. This
is done by using the model of Pertsev and Zembilgotov [5], which describes
the film/substrate and domain/domain interfaces by fictitious dislocations.
The rich reciprocal space maps (RSMs) measured by X-ray diffraction of these
relaxed films, in combination with TEM measurements, have revealed a gra-
dient in lattice parameters, which is explained by a model describing the do-
mains as rigid bodies. The consequences of these strain gradients are espe-
cially meaningful to increase understanding of the coupling between tetrag-
onality and polarization.

This will be followed by a description of the 180◦ domains observed be-
low the critical thickness for strain relaxation. In this case, PbT iO3 is strained
and we show that this strain possibly leads to the novel r-phase or other
rotational symmetries which do not exist in the bulk material. By monitor-
ing the 180◦ domains in these thin films as a function of thickness, the 180◦

domain wall formation energy has been determined. Finally, we have in-
vestigated the influence of the electrical boundary conditions on relaxed thin
films, which is thought to be minimal. We show that the electrical bound-
ary conditions do not alter the thickness scaling of the domain size notice-
ably, but they do influence the domain orientations. Moreover, we will show
some preliminary piezoresponse-AFM measurements on PbT iO3 thin films
on SrRuO3 electroded DyScO3.
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5.2 Experimental considerations

5.2.1 Substrate treatment

Substrates of the perovskite DyScO3 have only become available commer-
cially a few years ago [72] and are not widely used yet. One of the large
advantages of DyScO3 over SrT iO3 substrates is the crystal quality. This is
due to the way the crystals are grown. Whereas SrT iO3 crystals are mainly
produced by flux growth, DyScO3 is usually grown using the Czochralski
process. This leads to much higher crystallinity and less mosaicity, as can be
observed by the XRD rocking curves shown in Figure 5.1(a). But due to the re-
cent introduction of DyScO3 substrates, no proper treatment procedure, like
that for SrT iO3, to obtain single terminated substrate surfaces with unit cell
steps, is available yet [59]. This is not surprising, since a similar procedure
will also require more effort as the difference in chemical reactivity between
DyO and ScO2 is very small compared to that between SrO and TiO2 [78].
A short report of a treatment [79] is present in literature, and although sim-
ilar procedures have been performed successfully, reproducibility is known
to be difficult 1. Therefore, we have chosen to use a thermal treatment which
results in substrates with, at least locally, a single termination and unit cell
steps.

A thermal treatment of 24 hours at 1020◦C with an oxygen flow upon
heating up and cooling down, results in substrate surfaces as depicted in fig-
ure 3.7(e). We have not determined any relationship between substrate mis-
cut and the timing or temperature, instead we have always used substrates
with miscuts between 0.1 and 0.2◦. The thermal treatment functions well in
a temperature range of 1000-1030◦C, the cleaning seems more critical: Wa-
ter has a detrimental effect leading to etch pits and recrystallization. Proper
cleaning is performed by at least 2 cleaning cycles of 30 minutes in acetone
with ultrasound and 30 minutes in ethanol with ultrasound, separated by
mechanical polishing (rubbing) with optical tissue and ethanol.

Whereas the in-plane structure of DyScO3(110)o is not perfectly square
[40, 125]2, the magnitude of its lattice parameters (apc=3.952Å; bpc=3.957Å)

1Private communication with A. Molag and A. Janssens from the Inorganic Materials Sci-
ence group at the University of Twente, Enschede, The Netherlands.

2At room temperature all rare-earth scandates have the orthorhombic Pnma (space group
62) crystal structure, equivalent to the pseudocubic perovskites Pbnm settings. The conver-
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Figure 5.1: (a) XRD rocking curves around the (pseudo)cubic (002) Bragg peaks
of SrT iO3 and DyScO3. The latter shows a FWHM of nearly an order of magni-
tude smaller than the former. (b) The cubic in-plane structure as we have observed
it by LEED on treated DyScO3 substrates. (c) In-plane atomic structure of bulk
DyScO3(110)o using the crystal structure as reported in literature [125].

make it an interesting substrate for crystalline materials with a ∼4 Å lat-
tice parameter, like many perovskite metal-oxides. Figure 3.6, in chapter
3, shows the temperature dependence of the in-plane lattice parameters of,
amongst others, DyScO3 and the a- and c-lattice parameters of PbT iO3. This
clearly shows the excellent lattice match between DyScO3 and PbT iO3 at
the growth temperature that we have employed (570◦C). Besides, the lattice
parameters of the cubic PbT iO3 extrapolated into the tetragonal region [13]
are plotted, confirming the excellent lattice match between cubic PbT iO3 and
DyScO3. But not only the bulk lattice parameters should be taken into ac-
count, the in-plane structure of the terminating DyScO3 surface layer also
depends heavily on its termination. A top view of the bulk atomic structure
(Figure 5.1(c)) reveals that the scandium is clearly ordered in a nearly square
in-plane structure, while the dysprosium and the oxygen octahedra show a

sion from the a, b, c axes in Pnma to the a’, b’, c’ axes in Pbnm, and the lattice parameters of
DyScO3(110)o, are given by a′ = c = 5.4494 Å, b′ = a = 5.7263 Å, and c′ = b =7.9132 Å. In
this chapter, the Pbnm notation is used. Since we have only used the DyScO3(110)o oriented
substrate, the orientation will often be omitted.
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zig-zag in-plane ordering. Of course the actual reconstruction of the different
terminations, is what matters, but with the limited resolution of our LEED
setup, we could not detect any deviation from a cubic surface structure (see
Figure 5.1(b)).

5.2.2 The DyScO3 surface

The atomic structure of DyScO3 is somewhat more complicated than the pre-
viously treated case of SrT iO3. The in-plane lattice of DyScO3 is not perfectly
square, but rectangular. However, the anisotropy is only small and can be
taken into account in strain calculations. The electronic structure of DyScO3

can give rise to more complicated effects. Along the [110]o direction, DyScO3

can be thought to be built up by alternating layers of DyO+ and ScO−
2 . For

a single-terminated DyScO3 substrate, this would give rise to a macroscopi-
cally charged surface and the so-called polar catastrophe [126], which will be
avoided by electronic reconstruction. On the other hand, when the surface
has two terminations, it will not only be chemically, but also electronically
inhomogeneous.

The different and, even more important, uncontrolled electrostatic bound-
ary conditions are undesired. To circumvent this problem, we have usually
employed SrRuO3 bottom electrodes of considerable thickness. Figure 5.2
shows characteristic AFM images of SrRuO3 grown on DyScO3, indicating
the strong thickness-dependence of the SrRuO3 morphology. While films
with thicknesses below 10-20 nm are non-wetting and form islands, films
with thicknesses above 25 nm form a wetting layer with unit cell terrace
steps. This thickness dependence of the morphology of SrRuO3 on sub-
strates with a polar surface, seems to be more general, as it is also observed
on SrT iO3(111) [127].

For the thin film growth of PbT iO3 on these SrRuO3-electroded DyScO3

surfaces, we have used the same settings as for growth on SrT iO3, the only
difference being the spot size which was only ∼0.8 mm2. By using a 1Hz
laser frequency, this resulted in a ∼1 u.c./55 sec deposition rate. In sev-
eral instances, we have also deposited PbT iO3 on DyScO3 without SrRuO3-
electrode layer. In line with the morphology described in the previous para-
graph, we have observed, using time-resolved RHEED, both for SrRuO3 as
for PbT iO3, an initial surface roughening or a lattice reconstruction, followed
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Figure 5.2: AFM images of SrRuO3 layers of different thickness (H) on DyScO3

illustrating the thickness-dependence of the morphology. (a) H ∼ 4nm; full z-scale
∆z= 10 nm, RMS roughness= 2.0 nm; (b) H ∼ 6nm; ∆z= 15 nm, RMS roughness=
0.88 nm; (c) H ∼ 11nm; ∆z= 15 nm, RMS roughness= 2.3 nm; (d) H ∼ 28nm; ∆z=
2.5 and 1.5 nm, RMS roughness= 0.2 nm; and (e) H ∼ 32nm; ∆z= 2.5 nm, RMS
roughness= 0.32 nm.

by layer-by-layer or step-flow growth.
Since the lattice match of both PbT iO3 and SrRuO3 with DyScO3 is nearly

perfect, there are very little driving forces for a structural reconstruction. A
surface roughening or a reconstruction driven by electrostatics, is the most
logical scenario [128] for the initial behavior. A representative RHEED in-
tensity profile and electron diffraction image of the growth of PbT iO3 on
SrRuO3-electroded DyScO3 are shown in Figure 5.3. In this case, there is an
initial, very short reconstruction, as observed frequently in heteroepitaxial
growth [128].

While the SrRuO3 electrode layer ensures controlled electrical boundary
conditions, it leads to a complication because of the initial growth morphol-
ogy: Often, “wedding-cake” surface morphologies are observed. Moreover,
the SrRuO3 forms in-plane twins with a twin angle of only 0.2◦ (as explained
below). Since at 10K, this only modifies the in-plane lattice parameters from
3.949 (DyScO3) to values between 3.937 to 3.957 Å, we will assume that the
strain is that imposed by the substrate and that we can safely use the DyScO3

in-plane lattice parameters in all our calculations. But especially close to the
critical thickness, the SrRuO3 twinning can have some effect on the thin film.



5.2. Experimental considerations 115

500 1000 15000 3500300025002000 t[s]

co
u

n
ts

[a
.u

.]

3700 3800 4100400039000 50 100 150 250200

reconstruction

layer-by-layer growth

direct

beam

RHEED

spots

Figure 5.3: Characteristic RHEED pattern and RHEED intensity versus time of
PbT iO3 grown on SrRuO3 on DyScO3. The intensity change in the oscillating
RHEED signal around t=1500sec is due to manual adjustment of the RHEED cur-
rent.

Figure 5.4(a) shows the AFM images of an 11.2 nm PbT iO3 film grown
directly on DyScO3; exactly the same thin film (grown simultaneously), but
with an intermediate 20 nm SrRuO3 electrode layer, is shown in Figure 5.4(b).
While the film on DyScO3 shows a stepped terrace morphology, that on
SrRuO3/DyScO3 shows a wedding-cake morphology, similar to that of the
SrRuO3 layer beneath. Interestingly, while the film in Figure 5.4(b) shows
a/c-domains, that in 5.4(a) shows 180◦ domains. If this is due to the differ-
ent surface morphology, the different electrical boundary conditions or the
twinning of the SrRuO3 layer (see Figure 5.5), is still unclear to us. For this
reason, we have both grown PbT iO3 thin films directly on DyScO3 and with
a SrRuO3 electrode buffer layer. Throughout this chapter the presence or ab-
sence of an electrode layer will always be indicated.
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Figure 5.4: AFM images of 11.2 nm PbT iO3 a) directly on DyScO3 and b) on 20 nm
SrRuO3 on DyScO3. The full z-scale of image (a) is 1.6 nm(I) and 3 nm (II) and the
RMS roughness 1.9 Å(I) and 2.9 Å(II). For image (b) the corresponding values are 5
nm(I) and 10 nm(II) and 5.5 Å(I) and 9.6 Å(II).

5.3 Results and discussion

5.3.1 90◦ domains

Even though the misfit strain at increased temperatures (and thus the mis-
fit between DyScO3 and cubic PbT iO3) is only of the order of 10−3, misfit
strain certainly plays an important role in this system due to the (tetrago-
nal) misfit at room temperature. In the next section, we will show that for
thicknesses above 12 nm, the 90◦ domains in PbT iO3 on DyScO3 are well de-
scribed by a model reported by Pertsev and Zembilgotov and based on that
of Speck et al. [4], who calculated the stress fields due to the domains consid-
ering fictitious dislocations [5]. Here we show how these domains and their
periodicities can be observed by AFM, p-AFM, XRD and TEM. Moreover, we
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Figure 5.5: RSM of the in-plane (HK0)-plane around the (100) Bragg peak of a 30 nm
PbT iO3/ 30 nm SrRuO3/ DyScO3 sample, measured at 10K in GID setup at DESY-
beamline W1 (αi = 0.3◦). The SrRuO3 is twinned in-plane with a twin angle below
0.2◦. The PbT iO3 is periodically a/c twinned out-of-plane and is therefore observed
as an a-domain with c=4.15 Å and a c-domain with a=3.90 Å. On top of that the
domain periodicity can be observed as a superstructure along the (H00)-direction
with λ=28 nm.

will describe how the small cubic lattice misfit can lead to highly periodic 90◦

domain structures.
Figure 5.5 shows an area of the reciprocal space contained in the (HK0)-

plane around the (100) Bragg peak of a 30 nm PbT iO3 thin film on SrRuO3

on DyScO3, which indicates the presence of a-domains (c lattice parameter
in-plane) and c-domains (a lattice parameter in-plane). This domain structure
is confirmed by out-of-plane RSMs and AFM images as presented in Figure
5.11. These RSMs show that the a domains are a minority fraction and the
c domains a majority fraction. The domains twin with a characteristic twin
angle α ≈ 3◦ and both domains tilt with respect to the DyScO3 substrate.
Superimposed is an in-plane superlattice which reflects the domain period-
icity and can be observed by X-ray diffraction due to the large registry of the
twinning. The AFM images confirm the periodicity of the domains and the
domain volume fractions qualitatively. Since the narrow ridges are thinner
than the wider stripes, they can be assigned to be the a-domains (with the
smaller out-of-plane (a) lattice parameter).

In Figure 5.7 we show a typical analysis to obtain quantitative data from
these AFM images: the periodicity can be obtained from the Fourier trans-
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Figure 5.6: RSM of the out-of-plane (H0L)-plane around the (001) Bragg peak of a
30 nm PbT iO3/ 30 nm SrRuO3/ DyScO3 sample, measured at room temperature
at DESY-beamline W1. The PbT iO3 is periodically a/c twinned out-of-plane and
consists of a- and c-domains both tilted with respect to the substrate normal. On
top of that the domain periodicity can be observed as a superstructure along the
(H00)-direction with λ=28 nm.

form of an AFM image. As will be shown at the end of this chapter, the con-
trast due to the different domains is even more clearly observed by p-AFM,
for which especially the phase contrast between the two differently oriented
domains is evident.

The domain structure and periodicity is further confirmed by TEM as
shown in Figure 5.8. All in all, we have three independent measurement tech-
niques to determine the 90◦ domain periodicities, which have shown to be in
good agreement with each other. Generally we have observed 90◦ domain pe-
riodicities along the pseudocubic axes. For thin films without any electrode
or with only bottom electrode, the domain walls orient in similar fractions
along the [H00]c and [0K0]c in-plane orientations. For thin films sandwiched
between top and bottom electrodes (short-circuited), we observe a preferen-
tial domain wall orientation along the shortest pseudocubic DyScO3 in-plane
axis.

Based on the observation of these domain periodicities and domain frac-
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Figure 5.7: AFM topography images (full z-scale ∆z= 3 nm) of a 28 nm PbT iO3 film
on (a) SrRuO3 on DyScO3 and (b) bare DyScO3. (c) The Fast Fourier Transform of
image (a) and a horizontal section in this image (d) show three repetitive features
with different length scales can be distinguished and linked to the topography: 1 is
the footprint of the terrace steps of the substrate, 2 represents the size uniformity of
the wedding-cake islands. 3 represents a 31 nm unidirectional periodicity associated
to the periodic a/c stripe pattern. These directly observed a/c domains at the surface
have the same periodicity as that observed with XRD. Image (b) shows this domain
pattern is superimposed onto the island morphology, suggesting that the pattern is
not related to the growth mode. Careful analysis by AFM and XRD has shown that
the domains order along the crystallographic axes, particularly with the 90◦ domain
walls parallel to the short in-plane axis of DyScO3. In combination with Figure 5.11
this can be assigned to a/c domain formation.

tions, in combination with the very good cubic lattice match, we have stud-
ied the 90◦ domain formation by a simple geometrical model [130]. Still, it
should be kept in mind that 90◦ domains are considerably harder to ana-
lyze than their 180◦ counterpart, because the a/c-domains bring to bear the
subtle problem of how to join the different crystal orientations across the do-
main wall while simultaneously maintaining some lattice relation along the
film/substrate interface. Therefore, the presence of misfit dislocations and
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Figure 5.8: TEM images of different PbT iO3 thin films on SrRuO3 on DyScO3. (a)
is an image of 18 nm PbT iO3 on SrRuO3 on DyScO3; (b) a plane-view image of 14
nm PbT iO3 on DyScO3 and (c) is a high resolution image of a 20 nm PbT iO3 on
SrRuO3 on DyScO3.

other defects, which interfere with the domain pattern, can not be completely
ruled out.

First, we have stepped over these problems and as a first approach, we
have assumed that the 30 nm thin film of PbT iO3 is coherent at the growth
temperature and completely relaxed at room temperature. The fraction of
a-domains needed to compensate the mismatch upon cooling down, can be
estimated by imposing (Figure 5.9)

Nac + Nca = Nb (5.1)
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where Na and Nc are the number of unit cells in the a-domain and c-domain
respectively and N is the total number of unit cells in one period. This
is valid because a < b < c and leads to an a-domain volume fraction of
Na
N = b−a

c−a = 0.16, in reasonable agreement with the experimentally observed
ratio (∼ 0.2). This ratio was defined by Pompe and co-workers [131] as the
coherence strain and is a key parameter to many calculations of equilibrium
domain sizes (for example in the next section).

The TEM images (Figure 5.8; of films with thicknesses around 30 nm)

Figure 5.9: Schematic of the a/c-domain formation. (a) shows the incorrect image of
twin domains which do not share a twinning angle. This simple picture is an aid to
understand equation 5.1. (b) is a similar picture, showing the twin angle between a-
and c-domain and the requirement of lateral coherence.

also reveal another interesting feature: all periodic a-domains have approxi-
mately the same width, regardless of the domain periodicity (a + c domain).
With AFM we have only been able to measure their size is below 9 nm (lim-
ited by the tip size), but TEM consistently shows an a-domain size of ∼7 nm
(we observe smaller and larger domain sizes, but not in periodic domains). A
crucial step in our geometrical twinning model, is to assume lateral coherence
between adjacent c-domains (see Figure 5.9). There is no clear-cut reason for
this lateral coherence, but it is justified first, by the fact that there is perfect
coherence at the growth temperature. And second, by the relatively low stiff-
ness of DyScO3, which allows both types of domains in PbT iO3 to be tilted
with respect to the DyScO3 lattice, as observed in XRD. To accommodate the
tilting at the substrate interface elastically, the domains will form as if they
mainly share their (101) stress-free plane and are not so strongly clamped to
the substrate. Still, the strain energy associated with the substrate-tilted do-
mains interfaces will be minimized when the separate domains are as small
as possible, which implies a minimum possible a-domain size wmin

a to match
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two subsequent atomic rows of two contiguous c-domains, being

wmin
a =

c

tan(α)
(5.2)

(see Figure 5.9). This gives, for fully relaxed values, wmin
a ≈6.6 nm, in ex-

cellent agreement with our experimentally observed values of ∼7 nm. This
model is only a first approximation and a more advanced model is needed to
understand the dependence of the domain periodicity with thickness. This
has been proposed by Pertsev and Zembilgotov [5] and will be treated in the
next section. It shows a critical thickness for 90◦ domain formation and pos-
tulates a minimum domain wall periodicity. The model is based on the free
energy of a strained thin film, including the stress fields due to interface in-
compatibilities. This means that one of the missing factors of our first approx-
imation is included: the stress field energy due to the coherency/incoherency
of the different crystal orientations.

W

Figure 5.10: Schematic representation of u-domains:
only at the film/substrate interface there is a driv-
ing force to form domains with the c lattice param-
eter in-plane. Energetically, it is very unfavorable to
form this domain structure. In literature [132, 133],
some examples of closure domains can be found,
but for the film thicknesses we have studied these
are unlikely to form.

A different approach to
the domain wall scaling
between 12 and 30 nm,
should not be left un-
mentioned. If one as-
sumes that a mechanical
model can be used to calcu-
late a correct critical thick-
ness, then a competition
between electrostatic and
mechanical energy for thick-
nesses between 12 and 30
nm, could give rise to more
complex domain structures.
In close correspondence with
ferromagnetic closure do-
mains, u-shaped domains are an obvious solution in the intermediate regime
between clear 180 and clear 90◦ domains. In some theoretical papers, these
kinds of domain configurations are proposed [132, 133], but it is very un-
likely that these form. Distinction should also be made between the closure
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domains described in these theoretical works and our observations, since in
our case, unlike in the magnetic case, closure domains would imply lattice
deformations with the c-axis in-plane at the interface (see Figure 5.10).

The formation of u-domains (see Figure 5.10) in thin films with 12≤
H ≤30 nm is unlikely for two main reasons. First of all for a geometrical
reason: dislocations usually start forming at the free surface which is impos-
sible for the small 90◦ wedge. And second for an energetical reason: proba-
bly the energy barrier to form this 90◦ wedge at the film/substrate interface
is too high. Although XRD and AFM do not rule out the existence of these
90◦ closure domains, we do not observe them in X-TEM. Instead we have
observed an increase in 90◦ domains periodicity for low thicknesses with all
techniques. This leads to the conclusion that Pertsev’s model (see section
2.6.3) is the most appropriate model to described the critical thickness and
domain size scaling in this case.

5.3.2 Critical thickness for strain relaxation

Figure 5.11 and 5.12 show the difficulty in determining the critical thickness
from our measurement data. For thicknesses below 12 nm we observe 180◦

domains and above 30 nm 90◦ domains are observed; for 12≤ H ≤30 nm, the
situation is unclear. At a thickness of 12 nm the domain pattern still depends
strongly on the electrical boundary conditions (see Figure 5.4) but the first
signs of 90◦ domain formation appear. Up to 30 nm the 90◦ domain period-
icities show no clear relation with the film thickness, which they do above 30
nm. Qualitatively, this behavior is reproduced by the model by Pertsev and
Zembilgotov as described in section 2.6.3. To our knowledge, this is the only
account in literature that correctly treats domain patterns in thin films over
a large range of thicknesses. They have shown that, especially for low thick-
nesses, the domain width does not scale monotonically with the film thick-
ness, as reported for free crystals and films with H À D by Roitburd [49]
and verified experimentally [52, 134]. Moreover, the model by Pertsev and
Zembilgotov predicts a thickness interval in which the domain size scales
linear with the thickness and a minimum periodicity (an upturn in domain
size with decreasing thickness). Qualitatively, our observations seem to be in
good agreement with this model.



124 5. “Large” anisotropic strain

-0.04 -0.02 0 0.02 0.04
0.92

0.94

0.96

0.98

1.00

1.02

1.04

-0.05 0 0.05
0.92

0.94

0.96

0.98

1.00

1.02

1.04

2

4

6

8

10

12

-0.05 0 0.05
0.92

0.94

0.96

0.98

1.00

1.02

1.04

-0.05 0 0.05
0.92

0.94

0.96

0.98

1.00

1.02

1.04

-0.05 0 0.05
0.92

0.94

0.96

0.98

1.00

1.02

1.04

(a)

(b)

(c)

(d)

(e)

q
00

L
[r

.l
.u

.]

q
H00

[r.l.u.]

Figure 5.11: RSM and AFM images of PbT iO3 on DyScO3 with different thicknesses
H and periodicities D : (a) H=8.2 nm; D=27 nm; (b) H=11.2 nm D=51 nm; (c) H=20.2
nm D=47 nm; (d) H=31.4 nm D=30 nm (e) H=101 nm D=61 nm. Z-scale of the RSMs
is in logarithmic scale.

The core of this approach is to describe the stress fields associated with
the domains by fictitious dislocations. Besides the domain wall formation
energy and the misfit strain energy, this adds two more terms to the free en-
ergy expression. These are a fictitious dislocation ensemble representing the
film/substrate interface stress field, and arrays of wedge disclinations mod-
eling the stress fields due to the domain walls. Since the internal stresses are
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calculated by summation over infinite arrays of fictitious dislocations and
disclinations, numerical integration is required to calculate the free energy.
The free energy can then be expressed as a function of two dimensionless
parameters: the c-domain fraction φ and the periodicity-to-thickness ratio χ.
The shape of the energy landscape is determined by only 2 materials param-
eters, the normalized film thickness

Hn =
HG(sa − sc)2

σ(1− ν)
(5.3)

and, for small misfit strains, thus sa, sc << 1, the strain ratio (1 + ν)sr with

sr =
b− a

c− a
(5.4)

also called coherency strain [131]. In the above equations, G is the shear mod-
ulus of the thin film, sa = b−a

a , sc = b−c
c , σ is the 90◦ domain wall energy and

ν the Poisson’s ratio. With these formulae, the equilibrium values φ∗ and χ∗

can be determined by calculating the simultaneous energy minima ∂F
∂φ = 0

and ∂F
∂χ = 0 of the free energy expression F . Since we are only investigating

one film/substrate system, we have applied this model only to the relative
coherency strains applicable for PbT iO3 on DyScO3. By varying the sr val-
ues, the c-domain fractions we have observed (typically around 80%) are re-
produced for 0.15< sr <0.35. Therefore, we have used two different values
of sr corresponding to the misfit at room temperature (∼ 0.20) and at a high
temperature of 440◦C (∼ 0.27), because the domain walls could “freeze in”
at elevated temperatures, id est, could have an energy barrier for movement
which is too high to overcome. A fixed sr-value leads to a universal D

H ratio
which can be converted to real D and H values.

Pertsev and Zembilgotov have used materials parameters for which their
calculations realistically model the 90◦ domain structure which appears due
to the mechanical film/substrate interaction. The parameters are chosen such,
that the electrostatic energy can be omitted. But in some limiting cases, this
is not applicable, for example when φ → 1, which is equivalent to a single
c-domain, the model is incorrect. Even more, when at the same time χ →∞,
large φ-values already give rise to very large areas with out-of-plane polar-
ization. In this case, electrostatics becomes important and 180◦ domains can
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form within every c-domain. In Pertsev-Zembilgotov’s models, the absolute
energy minimum is reached for large χ and φ = 1, while a local minimum
exists for low χ (typically around 1) and φ ' 0.75.
Since our observations as plotted in Figure 5.12 do not show this long pe-
riodicity and extremely high c-domain fraction, there must be an energetic
penalty for domains with φ → 1 and χ → ∞, which is not included in the
model. We have reproduced the calculations by Pertsev and Zembilgotov
and applied them to our particular system. For relatively large thicknesses
the previous problem does not play an appreciable role since the energy bar-
rier between the local and global minimum is relatively large. But the energy
landscape has an energy barrier that decreases for decreasing thickness: first
a bi-stability appears and for very low thicknesses the local energy minimum
has diminished. This last feature of the model is in accordance with observa-
tions of 180◦ domains in very thin films, but for an appropriate description
also the electrostatics for very small thicknesses should be included.

Our measurement data shows at least an upturn in periodicity for low
thicknesses and a linear thickness-to-periodicity scaling for large thicknesses.
Possibly, this upturn for low thicknesses is preceded by a bump in the period-
icity, but our measurement accuracy does not allow a firm conclusion on this
aspect. The first two features are reflected in the curve obtained using the ex-
perimental sr at room temperature and the bump can only be reproduced by
the model for increased sr values, implying freezing of the domain walls at
increased temperatures. The conversion from dimensionless parameters (see
equation 5.3) to observed parameters, allows us to obtain the 90◦ domain
wall energy σ (since the involved lattice parameters, the shear modulus G
and Poisson’s ratio are well-established values). In this way the experimental
data can be fitted by either assuming room temperature bulk parameters and
a 90◦ domain wall energy of σ = 27mJ/m2. Or assuming “freeze in” of the
domain walls at an increased temperature. For “freeze in” at 440◦C, the fit to
Pertsev and Zembilgotov’s model corresponds to a 90◦ domain wall energy
of σ = 17mJ/m2 (fitting the H-value of the upturn).

In both cases the D
H -values from the simulation are larger (by approxi-

mately a factor of 2) than the observed values. This effect can not be ac-
counted for by a different effective lattice parameter, since this is accompa-
nied by c-domain fractions which are not in line with observations. Besides,
the D

H ratio is increased when the sr-value is outside the range 0.30< sr <0.40.
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The two most sensible reasons for the discrepancy between experiment and
theory are an energy penalty for 180◦ domain formation which is not in-
cluded in the model and a different energy cost of the dislocations than ac-
counted for. The latter effect can be due to the low stiffness of the DyScO3

substrate which possibly gives rise to different stress fields in substrate and
thin film (considered equal in the calculations) or due to wedge-shaped do-
mains which will give rise to a modified stress field.
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Figure 5.12: (a) Domain period D as a function of film thickness H for 180◦ (red,
left) and 90◦ (blue, right) domains in PbT iO3 on DyScO3. The vertical dotted line
indicates the critical thickness for strain relaxation. The dashed line is a fit to the
180◦ domains with Streiffer’s model [53], room temperature materials properties
and a domain wall energy density of 143mJ/m2. The solid line is a fit to the 90◦

domains with Roytburd’s model [49], room temperature materials parameters and a
100mJ/m2 domain wall energy density. (b) Idem, now with the dotted line being a
fit with Roytburd’s model, room temperature materials parameters and a 100mJ/m2

domain wall energy density. The upper dashed line is a fit with Pertsev’s model, ma-
terials parameters at 440◦C and a 17 mJ/m2 domain wall energy density, the lower
dashed line is the same fit with 37 nm subtracted from the periodicity. No physical
explanation for this subtraction is readily available, but it results in a very good fit.
The upper solid line is a fit with Pertsev’s model, materials parameters at room tem-
perature and a 27mJ/m2 energy density, the lower solid curve is the same fit with
41 nm subtracted from the periodicity.

In conclusion, the 90◦ domain wall energy we obtain from fitting the
model to our data, assuming all other parameters unchanged, is certainly
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below the value one obtains with Roitburd’s model (100 mJ/m2) and most
likely also smaller than, although close to, the 35 mJ/m2 calculated by first
principles by Meyer and Vanderbilt [31] for domain walls at 0K. This devi-
ation can be explained qualitatively by the experimental TEM analysis by
Foeth et al. [135]. They have measured the temperature dependence of 90◦

domain walls by TEM, and show that the 90◦ domain wall energy density
decreases as the temperature approaches Tc. This implies that first princi-
ples calculations (which are valid at T=0K) of the 90◦ domain wall energy
by Meyer and Vanderbilt [31], are an upper limit of the domain wall energy
that will be observed at room temperature. This corresponds qualitatively
to our observation and leads to an estimate of the 90◦ domain wall energy
σ= 27(+3;-13) mJ/m2. Meyer and Vanderbilt also calculated that 90◦ domain
walls are mobile at room temperature (the energy barrier for movement is
smaller than kBT ). This implies that using room temperature parameter val-
ues, is most appropriate. Figure 5.12 shows that when 90◦ domain walls are
mobile down to room temperature, the model by Pertsev can successfully re-
produce both the linear thickness-to-domain-size scaling and the upturn for
low thicknesses, This would imply that the solid line in Figure 5.12, with a
domain wall formation energy of 27mJ/m2 is most appropriate.

5.3.3 Strain gradients

The broad a- and c-domain peaks in RSMs like Figure 5.13 give rise to the
question of what this peak broadening is caused by. The spread in lattice pa-
rameters is ranging from pseudocubic (a=c=3.987 Å) to nearly relaxed with
bulk-like lattice parameters (a=3.905 Å and c=4.156 Å). Both finite size effects
and strain gradients can give rise to broadening. The latter causes a gradient
along the tilting direction, whereas the former leads to broadening in the di-
rection along which the crystal has a finite size.

Measurements in different diffraction planes and a careful analysis of the
peak broadening can answer this question. Since the full width half maxi-
mum (FWHM) of the peaks in Figure 5.13 is rather ill-defined due to convo-
lution with the in-plane superlattice, we will work the other way around and
use the film thickness observed by X-ray reflectivity and the domain sizes ob-
served by TEM and AFM to estimate the broadening.
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Figure 5.13: RSMs around the (a) (002), (b) (103), (c) (001), and (d) (110) Bragg peak of
a 30 nm PbT iO3 thin film on 30 nm SrRuO3 on DyScO3. Superimposed to the mea-
surement data around the Bragg peaks with an out-of-plane component, a model
including crystal size broadening and a gradient in lattice parameters is plotted. The
RSM around the (110) Bragg peak is measured with a grazing angle α = 0.3◦ and
shows that the in-plane lattice parameters do not fully relax to the bulk values. Be-
sides the coherent peak, the main intensity corresponds to the c-domain with an
intermediate in-plane lattice parameter between fully coherent and fully relaxed.

We know from AFM and TEM that the a- and c-domains are nano-sized
crystallographic twins with their twinning plane ∼ 45◦ tilted with respect to
the substrate normal, and that the a-domains are much narrower than the
c-domains. We also know their sizes. The corresponding finite size peak
broadening is, thus, superimposed as solid lines in Figure 5.13(a). This shows
that part of the broadening is caused by the finite crystal sizes. But the peak
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broadening seems to stretch further, which would mean smaller crystal sizes
than those observed by AFM or TEM. This implies that the large peak width
is not only due to the crystal size broadening, and this is supported by sev-
eral other observations.

First of all, the width of the peaks associated with the c-domains around
the (002) Bragg peak, is reproduced with a lattice gradient ranging from about
c=4.05 to c=4.11 Å (Figure 5.13(a), circles with dots in them are central lattice
parameters; dots indicate the broadening range). The corresponding in-plane
a lattice parameters observed in the (200) RSM range from 3.90 to 3.94 Å 1.
And second, it is very unlikely for crystal size broadening that similar do-
mains tilted in opposite directions have different peak widths, which is the
case for the a-domains in our (103) scans (see Figure 5.13(b)). Using a similar
model as for the SrT iO3 substrate (chapter 4), this a-domain peak asymme-
try is perfectly reproduced. Since the c- and a-domain are connected via their
twinning plane, the array of lattice parameters in the c-domain, gives rise to
an array of lattice parameters in the a-domain. But the a- and c-domain are
not in the same strain state, so the a- and c-lattice parameters of the a-domain
have to be verified separately. Using the (002) reflection and assuming peak
broadening according to the domain sizes as observed by AFM and TEM,
the a lattice parameter of the a-domain can still vary between a=3.90 and
a=3.95 Å. And the (200) allows a spread of c lattice parameter from 3.97 to
4.07 Å1. The overlaid model in Figure 5.13 is obtained by simply using vol-
ume conservation and gives lattice parameters of a=3.941 Å for the DyScO3

substrate, from cubic (a = c =3.987 Å) to bulk (a=3.905 Å and c=4.156 Å) for
the a-domains and from cubic to nearly bulk (a=3.927 Å and c=4.110 Å) for
the c-domains. The twinning takes place in such a way that the a-domains
tilt more than the c-domains with respect to the substrate. For the a-domains,
the tilt angle ranges from 0◦ to 2.03◦ and for the c-domains from 0◦ to 1.12◦.
The twin angle α between the a- and c-domains is ∼ 3◦, in good agreement
with the angle observed in TEM.

It should be noted that these odd-shaped satellites show some resem-
blance of diffuse scattering due to dislocations [136], but this effect is ruled
out, first of all because of the good lattice match at the growth temperature,

1Due to the anisotropic in-plane misfit, the in-plane lattice parameters do not have to be
equal. Based on volume conservation, the observed a1 and c lattice parameters for the c-
domain lead to an a2 of approximately 3.96 Å which is within the range of observed in-plane
lattice parameters. For the a-domain, this would give an in-plane a= 3.99-4.04 Å.
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second because of the observation of a- and c-domains by AFM and TEM
and finally because no dislocations are observed by TEM. All this leaves a
lattice strain inhomogeneity as the main reason for the large spread in lattice
parameters in both the a- and c-domains. The most likely scenarios for this
inhomogeneity to be present are a strain gradients along the growth direction
(vertical), or due to the a/c-domain structure, parallel to the substrate plane
(horizontal). From XRD, this can not be resolved, but high-resolution trans-
mission electron microscopy (HR-TEM) can provide this information.

First of all, the domain shape reveals the absence of a gradient in the verti-
cal direction. We have shown before that wedge-shaped domains are present
on very stiff substrates [137]. At the same time, this wedge-shape implies that
a strain-gradient along the vertical can be present in these thin films. Since
PbT iO3 on DyScO3 shows nearly parallel shaped domains, no clear strain
gradient along the vertical is expected. Second, analysis software to map lat-
tice deformations 1, shows that a gradient is present at the obtuse (∼ 135◦)
and acute (∼ 45◦) corners of the domains (Figure 5.14(a)+(b); we will call this
“corner” gradients).

This “corner” gradient can be explained by a “rigid body” model of
the temperature-dependent behavior of the system (see Figure 5.14(c)): The
PbT iO3 is grown on DyScO3 in the cubic phase with zero misfit, giving no
rise to dislocations whatsoever. Upon cooling down, the PbT iO3 undergoes
its phase transition to the tetragonal ferroelectric phase, and a misfit is devel-
oped, which has to be accommodated. Apparently, the temperature at which
the misfit arises, is too low for dislocations to form and the misfit strain is
accommodated by domain formation. Therefore, the system can be modeled
by a simple block model, of rigid blocks attached to the substrate. When a
misfit arises, this is accommodated by domain formation and the domain tilt
with respect to the substrate and to each other in order to match at their in-
terfaces. In reality, the domain walls move, but the observed stress fields can
be very well explained by a model of rigid blocks of alternating sizes with
fixed domain walls. The expected stress field from this model (Figure 5.14(c)
reflects very well what we observe: The stress fields upon deformation in the
a- and c-domains, are compressive in the acute angle corners and tensile in
the obtuse angle corners (T stands for tensile and C for compressive in Fig-

1These images have been captured and analyzed by Etienne Snoeck using a modified ver-
sion of GPA Phase 2.0 (HREM Research) and DigitalMicrograph (Gatan) software.
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Figure 5.14: a+b) are out-of-plane lattice deformation maps, obtained from TEM im-
ages. Contrast corresponds to changes in the out-of-plane lattice parameter, i.e. in
the direction perpendicular to the film surface. The numbers indicate the relative dif-
ferences with respect to the DyScO3 substrate. c) is a schematic representation of the
way the inhomogeneous strain distribution comes about. At high temperatures, the
PbT iO3 is cubic. One can imagine virtual domain walls which are drawn by a dot-
ted line. When the temperature is decreased, a tetragonality strain develops. When
a and c-domains form, the corners of the virtual blocks experience different strains,
as if they were rigid bodies. This gives rise to an inhomogeneous strain distribution
with a relatively more tensile (T) strain in the obtuse angles and a more compressive
(C) strain in the corners enclosed by an acute angle.

ure 5.14(c). We can observe this stress profile in the larger c-domains, but not
in the small a-domains. Although this profile can not be observed in the a-
domains, the profile in the c-domains and our XRD observations suggest that
a similar stress profile is present in the a-domains.

This leads to the more general conclusion that nanometer-sized domains
in this films can show rather inhomogeneous behavior because of this strain
gradient. Since the tetragonality and polarization are thought to be coupled,
this gives at the same time rise to a polarization gradient. And the observa-
tion of strain gradients in these nano-domains, sheds an interesting light on
the recently proposed connection between the extrinsic piezoelectric effect in
morphotropic PZT and the presence of nano-domains [28].

5.3.4 180◦ domains

For thicknesses below∼12 nm, 180◦ domain periodicities are observed in the
RSMs. An overview of these periodicities in a 5 nm PbT iO3 film on DyScO3
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Figure 5.15: Out-of-plane diffraction of a 5 nm thin film of PbT iO3 on DyScO3. Both
images are in the same scale (and with logarithmic z-scale), so the equally spaced
satellites in reciprocal space can be attributed to a superlattice.

and on SrRuO3 on DyScO3 is found in Figures 5.15 and 5.16.
The coherency between film and substrate is proven by the RSM around

the (103) Bragg peak (Figure 5.15(b)), which shows that the in-plane lattice
parameters of film and substrate are equivalent. Besides, all RSMs in Fig-
ure 5.15 and in Figure 5.16 show satellite peaks which are equally spaced in
reciprocal space for all monitored diffraction orders. Therefore these satel-
lites can be attributed to an in-plane superstructure: periodic 180◦ domains.
The satellite spacing of the thin film of 5 nm PbT iO3 in Figure 5.15 corre-
sponds to a periodicity of 32 nm and in Figure 5.16 to a periodicity of 23
nm. Whereas the satellites around the 00L and H0L peaks only reveal the
presence of an in-plane superstructure, the presence of equivalently spaced
satellites around the peaks in the HK0-plane imply that the polarization has
both an in-plane and out-of-plane component. This can be explained by look-
ing at the way the structure factor determines the diffracted intensity (equa-
tion 3.9). Whereas zero in-plane displacement, as that in the 180◦ domains,
gives rise to the absence of satellites in HK0 peaks (as observed in the previ-
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ous chapter), an in-plane displacement leads to satellites around the peaks in
the HK0-plane. Looking at the occurrence and orientation of these satellites
in reciprocal space (see figure 5.17), two polar symmetries have found to be
compatible with this result: the r-phase with the polar axis within the (11̄0)
plane and the ac-phase with the polar axis along the cubic [101]-direction. For
PbT iO3 on DyScO3, both symmetries are not directly expected from theory,
but are relatively close in the phase diagram (see Figure 2.4 and 2.5). There-
fore, the presence of either of these two domain structures is not surprising
and by looking at the phase diagram, one can conclude that the r-phase is
most likely to be present. After all, the r-phase forms under a tensile misfit
strain while the ac-phase requires a large strain anisotropy with compressive
strain along one axis. However, we have no definitive proof to distinguish
the ac- and r-phase from our experiments. Figure 5.17 shows the reasoning
and the resulting satellite positions of both phases. This figure consequently
leads to the conclusion that these thin films consist of 180◦ domains of ac-
phase or r-phase PbT iO3, a symmetry not observed in bulk.

Independent of the crystal symmetry (ac or r-phase), 180◦ domains form
in these thin films and their size scales with thickness as determined by equa-
tion 2.29. We have fitted the thickness H and periodicity D with this formula,
assuming temperature dependence of the 180◦ domain wall energy as given
by 2.26. With the 180◦ domain wall energy as the only adjustable parameter,
we obtain γ(0K) = 143mJ/m2 (Figure 5.12). This is is reasonable agreement
with first principles calculations by Meyer and Vanderbilt [37], which give
γ(0K) = 132mJ/m2.
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Figure 5.16: In-plane diffraction of a 5 nm thin film of PbT iO3 on SrRuO3 on
DyScO3. All images are the same scale, so the equally spaced satellites in recip-
rocal space can be attributed to a superlattice. Note that the spacing between the
different scans is not to scale and the z-scale of all images is logarithmic.
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Figure 5.17: The ac and r-phases (depicted in Figure 2.3), give rise to 180◦ domain
patterns as depicted in this figure. The top (a) and bottom (c) rows show the real
space domain patterns, split up in the top-view (HK0-plane; second column) and
the side-view (H0L- or 0KL-plane; last column). The satellites in reciprocal space
due to the periodicity of the domains in both the ac and the r phase are presented in
the middle row (b) and can be deduced using the structure factor (equation 3.5) with
the proper (hkl) and displacement components. This clarifies that the ac and r-phase
cannot be distinguished with this method.

5.3.5 Electrical boundary conditions

In the previous sections, we have shown that the elastic energy and mechan-
ical boundary conditions mainly determine the domain sizes in 90◦ domain
patterns and the electrostatic energy and electrical boundary conditions do
the same in 180◦ domain patterns. For this reason, most models include ei-
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ther strain energy or electrostatic energy. Only recently, more complete mod-
els, like that by Nagarajan and co-workers [42], have included both. Here we
will show that even for relaxed films, electrostatics is important. The elec-
trostatic energy is not influencing domain sizes in a measurable way, but the
electrostatic boundary conditions have a strong influence on the domain ori-
entation.

a) �short-circuit� b) �open-circuit�

Figure 5.18: Schematic top views of thin films with
90◦ domain patterns. a) When the electrical bound-
ary conditions do not play any role (e.g. in a short-
circuited capacitor), the 90◦ domains can be ordered
with all polarization up (or down). b) When the
electrical boundary conditions do play a role (e.g.
in an open-circuit capacitor), the 90◦ domains will
form a macroscopic checkerboard structure 90 su-
perimposed to the microscopic stripe pattern.

As can be deduced from
the free energy analysis in
section 2.6, for thicknesses
above the critical thickness
for strain relaxation, the
electrostatic energy plays
a minor role on the do-
main size. The period-
icity of the 90◦ domains
can be fitted using the
purely mechanical model
by Pertsev [5]. But it is
easily seen that a perfect
90◦ domain structure with
stripe domains in open-
circuit conditions is ener-
getically unfavorable (Fig-
ure 5.18(a)): a charged sur-
face will form and the ques-
tion rises how this can be
prevented. Basically, a
checkerboard macroscopic structure superimposed to the microscopic stripe
structure (Figure 5.18(b)) is formed. Although AFM images (Figure 5.7) show
that the length scales of the micro- and macrostructure are relatively close to
each other, this structure is present in PbT iO3 on DyScO3 and on SrRuO3-
electroded DyScO3. Only short-circuiting with a top-electrode can prevent
this structure from forming as can be seen in Figure 5.19. This figure shows
that the 90◦ domain orientation is influenced by the electrical boundary con-
ditions, but it also shows that the domain periodicity is not measurably
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changed.
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Figure 5.19: φ-scans (as indicated in the accompanying schematic) of a 13 nm
PbT iO3-layer sandwiched between two 10 nm SrRuO3 electrodes on DyScO3.
While a) is in short-circuit (top and bottom electrode connected), b) is open-circuit
(top and bottom electrode not connected). In the first case the periodicity has 2-fold
rotational symmetry, whereas in the latter case it has 4-fold rotational symmetry.

This observation poses the interesting question of whether the anisotropy
of the substrate is reflected in the crystal structure of short-circuited PbT iO3

thin films, in their domain structure or in both. If the lattice would be strained
to the substrate in one direction and relaxed in the other, this would, to our
knowledge, be the first observation of so-called monotaxy. But the broad
peaks and the superimposed superlattice do not allow us to determine whether
the PbT iO3 lattice has anisotropic in-plane lattice parameters and, therefore,
an orthorhombic symmetry. The peak positions in Figure 5.20, indicate that
the film is neither fully strained nor totally relaxed in both directions. Along
the (0K0)-direction, there are two options: the PbT iO3 relaxes but does not
form a periodic pattern, or it does not relax at all (remains strained). This
means that the film is partially relaxed and we can not determine the in-plane
crystal symmetry of PbT iO3 on DyScO3 for these intermediate thicknesses.
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Figure 5.20: RSMs of a 16 nm PbT iO3 layer sandwiched between a 46 nm SrRuO3

bottom electrode and a 10 nm top electrode on a DyScO3 substrate, around the (a)
(001) and (b) (110) Bragg peaks and (c) around the (110) Bragg peak of a 13 nm
PbT iO3 layer sandwiched between 10 nm SrRuO3 electrodes on a DyScO3 sub-
strate. In both cases, the long in-plane axis of DyScO3 ([001]o) is along the [H00]-
direction. The misfit between PbT iO3 and this axis is the largest of the two in-plane
misfits, which explains why along this direction the thin film relaxes and forms a/c-
domains.

When PbT iO3 is grown on SrRuO3-electroded DyScO3, macroscopic elec-
trical characterization of the PbT iO3 is hindered due to the same arguments
as mentioned in section 3.6 and 4.4.3. Although resistances up to MΩ and di-
electric constants of the order 102 have been measured, the main problem in
this case was the large variation and instabilities in the macroscopic measure-
ments, probably due to the electrical contact quality. This problem is circum-
vented by piezoresponse-AFM (p-AFM). The qualitative ferroelectric prop-
erties have been determined and the 90◦ domains show contrast in p-AFM
as expected. A very well defined periodicity is clearly observed. Imperfec-
tions in the film surface (the bright spots in Figure 5.21(b)) do not noticeably
influence the piezoresponse signal. And the contrast in the phase image (Fig-
ure 5.21(a)) is due to the domain orientation. The a-domains are dark, while
the c-domains are intermediate. The bright areas disappear when the contact
force applied to the tip is increased. This indicates that this signal is probably
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due to adsorbates like H2O.

a) b) c)

d) e)

200nm 200nm 1 mµ

400nm 400nm

Figure 5.21: Piezoresponse- and normal AFM images of a 31 nm PbT iO3 film on
110 nm SrRuO3 on DyScO3. The piezoresponse images of the PR-phase (a), normal
height (b) and PR-amplitude (c) show a periodicity of∼34 nm, most clearly observed
in the PR-phase. The full z-scale of a) is 5 nm and since no calibration of the PR-
signal has been performed, the z-scales of b) and c) are physically irrelevant. d+e)
are tapping mode AFM images of the same sample with full z-scales of 3.5 and 8 nm.
For these image we would like to acknowledge ScienTec France where these images
have been taken on Agilent 5100 and 5500 AFM systems.

5.4 Conclusions

We have found a thermal treatment for DyScO3(110)o. This results in a ter-
race structure with unit cell steps. The termination can not be controlled,
for which a chemical treatment would be required. Efforts in this direction
have remained fruitless and we stress that this will be difficult due to the
small difference in chemical etchability between DyO and ScO2. The surface
of DyScO3(110)o is polar which leads to interface roughness, especially for
very thin films. We show that SrRuO3 grows in an island growth mode up
to a thickness of ∼50 unit cells and above this thicknesses, a terrace structure
with unit cell steps reappears.

When PbT iO3 is grown on DyScO3 or SrRuO3-electroded DyScO3, 90◦

domains form for thicknesses H & 12 nm. Between 12 and 30 nm the scaling
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between thickness and domain periodicity is non-monotonic and for thick-
nesses 30≤ H ≤ 100 nm, the domain sizes scale linearly with film thickness.
In literature, this thickness and domains size regime is not well accounted
for: Although it is generally believed that 90◦ domains scale with thickness
following a

√
H law, this has been shown to work only when H À D [49].

For D ' H , the only model available is that of Pertsev and Zembilgotov [5].
We show for the first time that there is a linear relationship between D and
H in a range of thickness from 30 to at least 100 nm, which experimentally
confirms the model by Pertsev and Zembilgotov. Pertsev and Zembilgotov’s
model predicts an upturn in the domain size for sufficiently small thickness,
which implies a minimum in the domain size vs. thickness curve. We have
observed such minimum for a thickness, approximately equal to the domain
period and equal to ∼30 nm. Consistent with the a/c domain ratio expected
for the PbT iO3/DyScO3 system, the width of the a-domains is as small as
6-7 nm. This very small size for the a-domains is systematically found in all
the samples with periodic domains. We have been able to explain this by a
simple geometrical model that imposes lateral coherence across the domain
walls and neglects the clamping at the substrate interface. The success of this
too simplistic model could be explained by the low stiffness of the DyScO3

substrate and the nearly-perfect lattice match at the growth temperature.
We have not grown thin films of PbT iO3 on DyScO3 with larger thick-

nesses, but the model by Pertsev predicts that for increased thicknesses, the
domain size will scale Roitburd-like with D ∼ √

H behavior. We have shown
that the 90◦ domain wall energy as deduced by fitting Roytburd’s law [49] to
our data, results in very high 90◦ domain wall energy densities (100 mJ/m2).
Fitting Pertsev’s model results in 90◦ domain wall energy densities σ= 27(+3;-
13) mJ/m2, just below theoretical predictions [31], as expected from earlier
observations [135].

In addition, the crystal lattice in thin films with thicknesses 12≤ H ≤100
nm is inhomogeneously strained. In XRD these thin films show a strain gra-
dient which is confirmed by TEM. Moreover, out-of-plane lattice deformation
maps, obtained from TEM, show that the inhomogeneity is caused by strain
gradients in the obtuse (tensile) and acute (compressive) angles of every do-
main.

For PbT iO3 on DyScO3 with H ≤12 nm, we have observed 180◦ domains.
The crystal symmetry of these films is corresponding to either the ac- or r-
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phase. In any case the PbT iO3 has a symmetry that is not observed in bulk
and that can be qualified as a “bridge” phase between either the a and the
c-phase or the aa and the c-phase. The 180◦ domain size scales with film
thickness and from this scaling we have deduced a 180◦ domain wall energy
γ(0K) = 143mJ/m2, in very good agreement with first principles calcula-
tions [37].

Subsequently, we have studied the electrical properties and the influence
of the electrical boundary conditions of thin films with 90◦ domains. We have
shown that the domain orientation in partially relaxed thin films with 90◦ do-
mains, is sensitive to electrical boundary conditions. For short-circuited thin
films (in which there is no influence of the electrostatic energy), we have ob-
served periodic 90◦ domain ordering only along the large misfit direction (the
difference in in-plane lattice parameters of the substrate is only 0.003 Å). We
are unable to distinguish whether the two in-plane lattice parameters of the
PbT iO3 thin film are different, which would mean a lowering of the sym-
metry (to orthorhombic) and the first observation of so-called monotaxy (the
one-dimensional equivalent of epitaxy).

Finally, we would like to point out that, especially these relaxed thin films
with nanometer-sized periodical polar domains, which have the polarization
alternating in-plane and out-of-the-plane, can be very suitable as a polar tem-
plate to preferentially deposit materials on surfaces with different polariza-
tion and produce periodic nano-structures [138].



Chapter 6

Ferroelectric nanostructures

Parts of this chapter are submitted as:
W. van Zoelen, A.H.G. Vlooswijk A. Ferri, A.-M. Andringa, B. Noheda and G. ten Brinke –
“Ordered arrays of ferroelectric nanoparticles by pulsed laser deposition on PS-b-P4VP(PDP)
supramolecules-based templates” to ACS Nano.

6.1 Introduction

Two types of nanometer-sized structures will be described in this chapter: su-
perlattices and chains of nanodots. Although quite different in appearance,
the interest in this kind of structures has a shared origin: in both cases the
dimensionality of the ferroelectric is decreased and therefore the interfaces
potentially play an important role.

The chains of nanometer-sized PbT iO3 dots are fabricated using spon-
taneously microphase separated block copolymers. The length scale of 10-
100 nm in these microphase separated structures of block copolymers, makes
them ideal candidates as templates for the production of nanoscale materials.
The diameter of the PbT iO3 nanodots that we have fabricated using these or-
dered block copolymers is approximately 50 nm, similar to other reports by
different methods [139], but still far above the theoretically determined sizes
for which size effects strongly influence the objects’ properties (∼ 6 nm) [140].
Despite the fact that the reduced dimensionality is not expected to play a role
at these relatively large sizes, the fabrication and properties of these nanodots
can be of interest for applications. After all, the large amount of materials’
surface can enhance the influence of the depolarizing field and suppress fer-
roelectricity, an effect often encountered in applications. By studying such
systems, more insight in the role of the depolarizing field can be obtained.

In the case of PbT iO3/SrT iO3-superlattices, there is only one reduced di-
mension, the thickness, which implies that these superlattices allow to study
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the critical thickness for ferroelectricity. The limited layer thickness of each
separate superlattice layer can be tuned to the critical thickness for ferroelec-
tricity to investigate this critical thickness. Moreover, the artificial stacking
of alternating PbT iO3 and SrT iO3 layers can induce coupling between the
ferroelectric PbT iO3 and the quantum paraelectric SrT iO3 and give rise to
enhanced ferroelectric response [141]. The only literature reports of PbT iO3/
SrT iO3 superlattices up to now, have used rf-sputtering [156] or MBE [157]
as a growth technique. We use a PLD method in which part of the SrT iO3

is grown as a capping layer of the PbT iO3 and part is grown at increased
temperature (790◦C). In this way, we prevent Pb loss, yet we are able to grow
non-conductive SrT iO3.

6.2 Chains of PbTiO3 nanodots

6.2.1 Introduction

Over the last years a lot of theoretical research has been done concerning the
size and shape dependent properties of ferroelectrics at the nanoscale, not
only because of the promising technological applications, but also to gain
more understanding of the ferroelectric behavior at the nanoscale. Important
progress has been achieved in understanding the crucial role of depolariz-
ing fields in nanometer-sized objects, such as nanorods, nanodisks and nan-
odots [140, 142, 143, 144, 145, 146]. This interest for ferroelectric materials,
both for applications and from a fundamental point of view, has given rise to
experimental studies of differently shaped ferroelectrics [134, 138, 147, 148].

On the one side, lithography and focused ion beam (FIB) techniques are
used to shape bulk or thin film ferroelectrics to a desired shape [52]. On
the other side, chemical routes are used to obtain nano-particles of ferro-
electrics [149]. Both techniques have their drawbacks: lithography and FIB
are expensive and time consuming, and the minimum lateral size is limited
to 70-100 nm [150]; macroscopic measurements are usually hard to conduct
for nano-objects obtained via chemical routes because of the lack of ordering
on a substrate and the small amount of available material.

We use a combination of self-assembly and pulsed laser deposition (PLD)
in order to obtain a large number of ordered chains of ∼ 50 nm ferroelectrics
on a substrate surface. This approach allows the study of the properties
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of single ferroelectric nano-objects with atomic force microscopy combined
with piezoresponse measurements (p-AFM), while at the same time, the large
number of nano-objects available on a single substrate allow macroscopic
measurements such as X-ray diffraction (XRD). The technique we have used,
bears resemblance with the NSL (nanosphere lithography) approach reported
by Ma et al. who used PLD on ordered latex particles to create nano-objects
of ferroelectric BaTiO3, however, the nanostructures obtained in our study
are one order of magnitude smaller [151].

6.2.2 Experimental

(c)(a) (b) (d)

Figure 6.1: Schematic representation of (a) PS-b-P4VP(PDP) supramolecule, (b) mi-
crophase separated into structures within structures, in this case cylinders-within-
lamellae. (c)Nanorod with a PS core and P4VP corona obtained by removal of the
PDP from the bulk. (d)PS-b-P4VP(PDP) thin film after solvent annealing, forming
terraces of parallelly oriented PS cylinders in a P4VP(PDP) matrix.

We have used PS-b-P4VP(PDP) comb-shaped supramolecules as depicted
in Figure 6.1a as a nano-template to fabricate chains of PbT iO3 nanodots.
PS-b-P4VP is schematically represented in Figure 6.1a: It is a heteropoly-
mer of polystyrene and poly(4-vinylpyridine) (PS-b-P4VP), with the P4VP
hydrogen bonded with pentadecylphenol (PDP). The supramolecules can
microphase separate into structures-within-structures, in this case cylinders-
within-lamellae as schematically represented in Figure 6.1b. Removal of PDP
from a bulk sample results in nanorods with a PS core and a P4VP corona
(Figure 6.1c). By spin-coating from a chloroform solution and subsequently
annealing the solvent, a PS-b-P4VP(PDP) thin film of ovally shaped cylinders
remains, forming terraces of paralelly oriented PS cylinders in a P4VP(PDP)
matrix (Figure 6.1d; the orientation of P4VP(PDP) lamellae forming the small
length scale is not depicted). Washing away PDP also removes the top layer
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of cylinders from the film, while a single layer of PS-b-P4VP nanorods re-
mains at the interface due to the strong interactions with P4VP (Figure 6.2b).

Previously, these kinds of polymer structures have been made on SiO2

(a) (b) (c) (d)

(e)

200nm 200nm 200nm 200nm

Figure 6.2: a) SrT iO3 substrate with 95 ± 5 nm wide terraces; full z-scale ∆z=6 nm.
b) P4VP nanorod structure on SrT iO3; ∆z=28 nm. c) The same structure as b) cov-
ered with amorphous PbT iO3 with a grain-structure deposited by room temperature
PLD; ∆z=36 nm. d) The same structure as c) after annealing at 565◦; ∆z=53 nm. In
b), c) and d), Fast Fourier Transforms of the image show that the structure is repeat-
ing every 65 ± 5 nm. e) During heating the nanorods are degraded and the PbT iO3

crystallizes in such a way that nanostructured PbT iO3 remains.

substrates, but this procedure works equally well on SrT iO3 substrates [152].
This allows us to use SrT iO3 substrates covered with a single layer of ori-
ented block-copolymer cylinders as a growth template. In order to conduct
piezoresponse-AFM measurements, we have deposited a conducting bottom
electrode of SrRuO3 before coverage with the block-copolymer. Figure 6.2
shows the characteristic AFM images and schematic representations of the
different procedure steps for nanorods prepared on SrT iO3. The chemical
and thermal treatment of SrT iO3 (001) substrates, as described in chapter 3,
leads to a single TiO2-terminated surface with unit cell steps (Figure 6.2(a)).
These substrates have been coated with an∼ 80 nm thin film of comb-shaped
supramolecules of polystyrene-block-poly(4-vinylpyridine) (PS-b-P4VP) hy-
drogen bonded with pentadecylphenol (PDP) by spin-coating from a chlo-
roform solution, and subsequently annealed in solvent vapor, which led to
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the formation of terraces of parallelly oriented PS cylinders in a matrix of the
P4VP(PDP) comb. Subsequent treatment with ultrasound in ethanol, a good
solvent for PDP as well as for P4VP, and a non-solvent for PS, separated the
rods from each other, removing the top layers of cylinders, while the bot-
tom layer firmly remained at the substrate interface due to strong interac-
tions with P4VP. This resulted in patterned nanorods with a typical height
of ∼ 25 nm and ∼ 65 nm periodicity (Figure 6.2(b)). The distance between
the nanorods is hard to measure due to tip convolution effects, but assuming
equal densities for all phases, it can be estimated to be 20 nm. The shape of
the nanorods is oval-like due to the collapse of the cylindrical structure after
swelling.

Due to the low melting point of the polymers, PLD had to be performed at
room temperature, coating the patterned nanorods with a continuous layer of
∼ 30 nm of amorphous PbT iO3 (with a small Pb-excess) (Figure 6.2(c)). Post-
deposition crystallization was carried out at 565◦C. This crystallization tem-
perature lies far above the degradation temperature of the nanorods, which
start to degrade at ∼ 300◦C and are evaporated at ∼ 450◦C as determined by
thermogravimetric analysis of pure block copolymer (heating rate = 10◦C/min).
However, during the degradation of the nanorods, the nanostructures are
transferred to the PbT iO3 layer (Figure 6.2(d)). The grain-like structure, which
is inherent to room temperature growth of PbT iO3, is not lost upon anneal-
ing, although the grain size increases from ∼ 30 nm to ∼ 50 nm. In the range
of 30-120 min annealing time, no effect of the timing on the grain structure
has been observed for an annealing temperature of 565◦C. Higher annealing
temperatures, however, lead to further enlarged grains and the loss of the or-
dered structure. The mechanism we propose for the transfer of the nanorod
shape from P4VP to PbT iO3 is that the P4VP evaporates through the crys-
tallizing PbT iO3 layer and the PbT iO3 preferentially crystallizes on places
where it is in contact with the crystalline substrate. In principle, this leads
to an inverted nanorod structure: the PbT iO3 crystallizes where there is no
nanorod, and it does not where there is nanorod. But due to the morphology,
one cannot distinguish the direct versus the inverted structure.
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400nm 250nm

a) b)

Figure 6.3: SEM images of chains of PbT iO3 nanodots on SrT iO3. a) is a cross-
sected sample with the cross-section on the left side of the dotted line and the top
surface of the sample on the right. The top surface consists of separated chains,
while the cleavage of the SrT iO3 crystal planes can be observed on the left side. b)
The difference in electron density between the uncovered surface and the surface
covered with chains can be observed in this backscatter electron mode SEM image.

6.2.3 Results and discussion

PbTiO3 morphology

As described in the previous paragraph and shown in Figure 6.2, we can
monitor the morphology of the nanorods and -dots by AFM. During the dif-
ferent stages of the process, the periodic chains have a period of approxi-
mately 65 nm. But what is more crucial and only limitedly imaged by AFM,
is the separation between the rods. The rods seem separated, but due to the
finite tip size and nanometer-size of the rods and chains, our AFM measure-
ments are not conclusive concerning the separation or contact between the
chains. Although not 100% conclusive, the actual separation of the chains of
PbT iO3 nanodots is supported by Figure 6.3(a) which shows the scanning
electron micrograph (SEM) of a cross-sected sample.
In addition to this confirmation of the morphology, SEM provides qualitative
information on the thin film composition. Figure 6.3(b) clearly shows con-
trast in a backscattered electron (BSE) mode SEM image. This proves that
regions with a higher and lower average atomic mass exist. For our PbT iO3

structures on SrT iO3, this indicates regions with more and less lead, or ide-
ally: with and without lead. Combined with the SEM images taken in normal
mode, this shows that the grains are connected to form chains of ferroelectric
nanoparticles and that most chains are separated from each other.
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PbTiO3 crystallization

In order to study and control the crystallization of the amorphous PbT iO3,
we have performed XRD measurements as in Figure 6.4. The crystallinity
of the thin film has been monitored as a function of temperature during
and after the crystallization process, which shows the formation of almost
exclusively (00L)-oriented PbT iO3 around 550◦C. Only a small fraction of
(101)-oriented PbT iO3 is present. The preferred (00L)-orientation implies
that the crystallization of the PbT iO3 layer is strongly influenced by the sub-
strate. This observation supports the crystallization process as we described
in section 6.2.2: The transfer of the P4VP morphology to the ex-situ annealed
PbT iO3, is most easily accomplished by preferential crystallization where the
PbT iO3 and the SrT iO3 are in direct contact.

Furthermore, X-ray photoelectron spectroscopy (XPS) has shown that
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Figure 6.4: Temperature dependent X-ray diffractograms around the SrT iO3(001)
Bragg peak at 50; 300; 350; 500; 550; 600 and 50◦C (the latter after annealing). The
inset is an extended scan before and after annealing, which shows that the PbT iO3

is mainly (00L)-oriented and partly (101)-oriented.

the top layers of the samples contain Pb, Ti, O and C. However, the amounts
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of carbon are minute compared to the other elements, and can be explained
by the presence of surface contamination as well as a negligible amount of
residual carbon from incomplete degradation of the polymer. However, as
the Pb, Ti and O peaks are not split, there is no sign of possible enclosure of
this carbon in the PbT iO3 structure.

Ferroelectric properties

The ferroelectric properties of the PbT iO3 nanodots have been measured
with piezoresponse-AFM. Due to the large roughness of the surface, we have
not (yet) been able to obtain topographic images of the piezoresponse. Spec-
troscopy on single nanodots is successful as can be seen in Figure 6.5 and the
nanoparticles exhibit ferroelectric behavior. Further measurements should
provide more insight into the size and shape dependence of the ferroelectric
response.

Figure 6.5: Piezoresponse phase φpr and amplitude Apr measurements as a function
of applied sample bias on a PbT iO3 nanodot. Measured with Vdc = 6V ; Vac = 3V
and fac = 45kHz (measurement by Anthony Ferri).
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6.3 PbTiO3 / SrTiO3 superlattices

6.3.1 Introduction

The interest in superlattices of ferroelectric oxide perovskites has increased
strongly since the proposition by the SONY research center of several ABO3

superlattice structures for future oxide electronics [153]. Regarding PLD growth
of these superlattices, the group of H. Christen was among the first to show
the great atomic control of this method by growing three-color BaTiO3 /SrT iO3

/CaTiO3 superlattices [154]. Besides these possible applications and the
high atomic control that state-of-the-art growth methods offer, superlattices
are also interesting from a theoretical point of view. One of the main inter-
ests is in the electrostatic coupling between the layers in an artificial dielec-
tric/ferroelectric superlattice structure, in which the ferroelectric should in-
duce polarization in the dielectric layer. The polarization and dielectric con-
stant observed in PbT iO3/SrT iO3 superlattices are relatively high (Ps of the
order of 10µC/cm2), εr of the order 102) [155]. Recently, it has been shown ex-
perimentally and confirmed theoretically that short-period PbT iO3/SrT iO3

superlattices (2 unit cells) are improper ferroelectrics, while superlattices with
the same stoichiometry but a long period (12 unit cells), are proper ferroelec-
tric [155]. This makes long-period superlattices ideal to study the induction of
polarization by the ferroelectric in the dielectric. Since the dielectric constant
of improper ferroelectrics is constant over a wide temperature range and is
large in this specific case, these short-period superlattices are attractive for
dielectric applications. The difference between the short- and long-period su-
perlattices, illustrates the importance of the interfaces in these superlattices.
We have grown PbT iO3/SrT iO3 superlattices with a relatively long period
(∼ 10 unit cells).

6.3.2 Experimental

For PbT iO3/SrT iO3 superlattices, the PbT iO3 can be grown as described
in the previous chapters. Although it has been shown that by using sput-
tering, SrT iO3 can be grown in similar growth conditions as PbT iO3 [156],
using PLD, SrT iO3 grown at 570◦C and normal growth pressures (pO2 ≈
0.1mbar) is likely to be oxygen deficient. On PbT iO3/SrT iO3 superlattices
with SrT iO3 grown at 570◦C, we have only been able to measure leakage
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Figure 6.6: a) RHEED intensity profiles of a 10 periods 6ML PbT iO3 (black), 3ML
SrT iO3 (gray) superlattice grown on SrRuO3 (dotted gray) on SrT iO3. Image (b)
is a zoom of the 5th period. The insets in a) are the RHEED pattern before (left) and
after (right) deposition.

currents. But growing SrT iO3 at higher temperatures is problematic because
it could lead to undesired lead loss from the PbT iO3 layer. Therefore, we
have grown PbT iO3 and the first 1.5 monolayer of SrT iO3 of every super-
lattice period using our typical PbT iO3 growth parameters. The resulting
SrT iO3 capping layer should prevent lead loss and subsequently we have
raised the temperature to 790◦C to grow the remaining portion of the SrT iO3

layer. This illustrates the high control of the growth at the atomic level that
RHEED-assisted PLD allows. Figure 6.6 shows that for superlattices with
the SrT iO3 grown at 570◦C, RHEED oscillations are observed for all layers,
which is also the case for the split SrT iO3 growth. Besides, good morphology
with unit cell steps reflecting the substrate surface morphology, is shown by
AFM on the resulting superlattice in Figure 6.7, confirming the layer-by-layer
growth. The structural properties of these superlattices will be described in
section 6.3.3 and the electrical characterization will be treated in section 6.3.3.

6.3.3 Results and discussion

Structural properties

The most important observation regarding the structural properties of the
PbT iO3/SrT iO3 superlattices we have grown, is the low degree of intermix-
ing of the superlattice layers. This is based on the large number of XRD su-
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200nm 600nm600nm 2 mm

a) b) c) d)

Figure 6.7: AFM images of the top surface of (a+b) a (6PbT iO3/3SrT iO3)10 superlat-
tice on SrRuO3-electroded SrT iO3 and a (c+d) a (3PbT iO3/3SrT iO3)12 superlattice
on SrRuO3-electroded DyScO3. The RMS roughness and full z-scale of these images
are a) RMS= 3.4 Å, ∆z= 4 nm; b) RMS= 4.4 Å, ∆z= 4 nm; c) RMS= 1.7 Å, ∆z= 3 nm;
d) RMS= 3.6 Å, ∆z= 9 nm.

perlattice peaks in Figure 6.8 and the sharp interfaces as observed in Fig-
ure 6.9. The number of superlattice peaks observed is considerably larger
than for superlattices grown by rf-sputtering [141], which indicates less layer-
intermixing. The amount of layer-intermixing is closer to that of MBE-grown
superlattices [157]. Yet, one can argue whether this absence of intermixing is
a positive aspect, since theoretical calculations [158] show that some degree
of intermixing enhances the Pb off-centering and therefore the polarization
of these superlattices.

The differences between the PLD growth method we have employed and
the off-axis rf-sputtering technique used by Dawber et al. [156], could have
large influence on the final material and, thus, the properties. Not only is the
sputtering growth rate much slower and the growth temperature much lower
(460◦C versus our 570◦C), but, maybe more importantly, at 460◦C PbT iO3 is
grown in the tetragonal phase, whereas we grow it in the tetragonal phase
but cycle it several times towards the cubic phase during the growth of the
SrT iO3 layers (based on our observations in chapter 4, we expect thin films
of several unit cells thick to have a Tc above 800◦C, so we do not actually
reach the cubic phase). This thermal cycling could give rise to changes in the
domain structure. Besides, there is a considerable risk of lead loss with our
method, which could lead to deterioration of the ferroelectric properties of
the PbT iO3 layers.

However, this scenario is contradicted by the observations of the x-ray
diffraction maps in Figure 6.10, which shows satellites similar to the ones
ascribed in the previous chapters to the presence of 180◦ domains. Also in
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Figure 6.8: X-ray diffractogram along the (00L)-direction of a (9PbT iO3/4SrT iO3)6
superlattice on 23 nm SrRuO3 on DyScO3. The superlattice peaks are indexed in line
with the number of grown monolayers. Note that there is considerable interference
between superlattice peaks and thickness fringes.

this case, the superlattice spacing is constant throughout diffraction orders,
confirming that the superlattice is due to periodic domains. In this specific
case of Figure 6.10, a (9PbT iO3/4SrT iO3)6 superlattice, the in-plane modu-
lation corresponds to a 66 Å periodicity of the domains. In general we have
observed shorter domain periodicities for thinner PbT iO3 layers. These ob-
servations do not only proof that the PbT iO3 is ferroelectric, but also that
the SrT iO3 layers are non-conductive (electrical contact would cause short-
circuiting, removing the driving force for 180◦ domain formation). It is, as
far as we know, the first time that long-range periodic 180◦ patterns have
been observed in ferroelectric superlattices. In conclusion, this means that the
growth of PbT iO3/SrT iO3 superlattices has been achieved successfully by
PLD. When the SrT iO3 is grown at our typical PbT iO3 growth temperature
of 570◦C, it is defect- and vacancy-rich, which gives rise to leakage currents.
We believe that growing 1.5 monolayer SrT iO3 after each PbT iO3 layer at
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50nm 5nm
Figure 6.9: Bright field (a) and high resolution (b) TEM images of a
(6PbT iO3/3SrT iO3)10 superlattice on SrRuO3-electroded SrT iO3.

570◦C as a capping layer and the subsequent SrT iO3 at 790◦C, has greatly re-
duced the number of defects and vacancies in the SrT iO3. Whether we will
be able to measure intrinsic properties of these superlattices, will depend on
the stoichiometry of the superlattice and the electrode and interface quality.

Dielectric properties

Although we have been unable to measure macroscopic ferroelectric voltage-
polarization hysteresis loops on superlattices of PbT iO3/SrT iO3 on SrT iO3,
we have performed impedance spectroscopy. A typical result on different
electrodes on a single superlattice, is shown in Figure 6.11. This figure pin-
points the origin of the encountered problem for CV-measurements: The
measurement is highly dependent on the electrode. While for some super-
lattices the measurement is dominated by extrinsic effects like grain bound-
ary dipolar contributions, in other cases this is totally diminished and the
intrinsic properties can be measured. Figure 6.11 shows measurements of the
dielectric permittivity via different electrodes on a (10PbT iO3/4SrT iO3)6 su-
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Figure 6.10: RSMs around the (a) (002) and (b) (103) Bragg peaks of a
(9PbT iO3/4SrT iO3)6 superlattice on SrRuO3 on SrT iO3.

perlattice. By plotting the imaginary part versus the real part of the dielectric
permittivity (the so-called Cole-Cole plot), as shown in Figure 6.11(d,e), an
intrinsic static dielectric constant ε(0) ≈ 100 can be extracted. This value
is much lower than the ε(0) ∼ 500, which is observed in similar superlat-
tices grown by sputtering [155, 159]. Remarkably, Stucki [159] shows that
there is very little change in response for different frequencies in the range
103Hz< f < 106Hz, but this observation remains unexplained. They have
only observed frequency dependence when the electrodes were of poor qual-
ity1, but this should not influence the intrinsic dielectric constant and it is
questionable which is the intrinsic value of the dielectric constant. Besides,
this factor of 5 difference in the dielectric constant can be partly explained by
the possible differences in intermixing between superlattices grown by PLD
and sputtering [158]. Moreover, the PLD growth method that we have used
can be unsuitable to grow this kind of superlattices, because Pb-loss during
SrT iO3 deposition can not be excluded.
The simulation of dielectric measurements is presented in Figure 6.11(d) and

1Private communication with Professor Matt Dawber, Stony Brook University (USA)
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Figure 6.11: Real (a) and imaginary (b) part of the dielectric constant as a func-
tion of frequency measured on different electrodes and with driving amplitudes
of 50 mV (green), 100 mV (black), 500 mV (red) and 1000 mV (blue) on a single
(9PbT iO3/4SrT iO3)6 superlattice. (c) The equivalent circuit used to simulate the
Cole-Cole plots constructed from these measurements (c+d) indicates an intrinsic
ε(0) ≈ 100, typically measured at 105Hz frequencies.

6.11(e) by dotted lines. The data are simulated using impedance spectroscopy
with the equivalent circuit shown in Figure 6.11(c), as proposed by Cole and
Cole [101] for dielectrics. Unlike many mechanisms used to explain dielectric
absorption, which assume a purely dissipative element like a resistance in the
equivalent circuit, the use of a complex impedance is more likely the actual
behavior of dielectrics. This means that we use a complex impedance Z with
a phase angle α which is independent of frequency. This α is very suitable to
describe the behavior of dielectrics, since it implies a conservation of energy
in the equivalent electrical circuit instead of a dissipation.

The phase angles and dielectric constants used to simulate the measure-
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ments in Figure 6.11(d) are α = 3.6◦ and ε(0)− ε(∞) = 104± 10 for the high-
frequency semicircle corresponding to the intrinsic response. The intermediate-
frequency semicircle, corresponding to the extrinsic response due to grain
boundaries, is simulated in Figure 6.11(e) with α = 14.4◦ and ε(0) − ε(∞) =
688. The onset of a third semicircle at the lowest frequencies, is measured,
which is probably linked to the response of the electrode/film interfaces. Es-
pecially for the intrinsic response, the parameter α is small, implying that the
behavior is nearly that of an ideal Debye-like dielectric. All in all, this gives an
intrinsic dielectric constant ε(0) = 104±10. This is in close agreement to what
is expected for a mixture of these two materials with a 9:4 PbT iO3 : SrT iO3

stoichiometry (ε = 138 at room temperature, considering the dielectric con-
stants of PbT iO3 and SrT iO3 at room temperature to be 66 and 300, respec-
tively). Based on Landau theory, an enhancement of the dielectric constant
is expected [159], which is only limited for the PbT iO3/SrT iO3 ratio of the
current superlattice.

Finally, measurement of the intrinsic properties requires a frequency anal-
ysis and we show that, in our case, the intrinsic properties of the material
only appear above ∼250kHz. Moreover, it is predicted and confirmed that
the acoustic resonance frequency of these superlattices is determined by their
periodicity and that this is in the order of 1GHz [160]. This makes them, in
principle, suitable to be integrated with high speed electronics.

6.4 Conclusions

We have investigated the influence of size reduction of ferroelectric PbT iO3

on its properties. This size reduction has been accomplished by fabricating
nanodots via deposition on a substrate patterned with microphase separated
block-copolymers and by growing superlattices of PbT iO3 and SrT iO3.
We have shown a successful method of using organic copolymers to obtain
these ferroelectric chains of nanodots. Although a nanorod template of PS-
b-P4VP is degraded at temperatures above ∼ 450◦C, capping the rods with
PbT iO3 and annealing at 565◦C leads to ferroelectric chains of nanodots that
crystallize above 500◦C. In this way, the PbT iO3 is both oriented by the sub-
strate and structured by the polymer template. The obtained chains of nan-
odots can be used to examine the shape and size dependence of ferroelectrics
at the nanoscale. In our case, no drastic changes in the ferroelectric proper-



6.4. Conclusions 159

ties have been observed by piezoresponse-AFM, as expected for nanodots of
30-60 nm.

The other route to size reduction we have followed, is growing superlat-
tices of PbT iO3 and SrT iO3. These superlattices have been grown by PLD
with non-conducting SrT iO3 layers by depositing the first 1.5 monolayer of
each SrT iO3 layer at the PbT iO3 growth temperature and the subsequent
SrT iO3 at 790◦C. This results in structurally very good superlattices with
very little layer intermixing as we can observe by XRD and TEM. The func-
tional properties of these superlattices are not as good as those of the only
group reporting in literature on the ferroelectric properties of PbT iO3/SrT iO3

superlattices [155].
In conclusion, we have not detected size effects in the nanodots of sizes

ranging from 30-60 nm, which is in line with expectations, since theory pre-
dicts size effects below 6 nm [140]. Besides, we have grown superlattices with
PbT iO3 layers equal to or above the critical thickness for ferroelectricity. With
only one reduced dimension, we do not expect nor observe any size effects in
these superlattices. We do observe ferroelectric 180◦ domains by XRD in these
superlattices, confirming their ferroelectricity. In addition, we have been able
to deduce by impedance spectroscopy the intrinsic dielectric constant of a
(9PbT iO3/4SrT iO3)6 superlattice to be ∼ 104. Therefore, the measured di-
electric constant is independent of electrode or grain boundary effects. This
value is not in line with earlier observations, but in close agreement with the
value one would expect for a simple mixture of both components. This in-
dicates that for superlattices with periods of 10-15 unit cells, grown by PLD,
the material behaves bulk-like and interface effects do not play an important
role.
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varingen en gezorgd voor menig gezellig (poker)avondje: bij deze wil ik dan
ook alle Batavieren bedanken voor de leuke tijd en in het bijzonder Mark (en
Tanja) bij wie het elke keer weer smullen was.

Graag wil ik mijn zeilmakkers Sjoerd, Nanne, Marcel, Fredo en de rest
nog speciaal noemen. Net als “drinking brother”Michiel Lotze. Natuurlijk
ook alle familie, in het bijzonder Ome Cees en Oma Tonnie, die helaas niet
meer bij mijn verdediging kunnen zijn. Ongetwijfeld ben ik vrienden, ken-
nissen en andere verwanten vergeten, dus bij deze: allemaal bedankt voor
alles! Tot slot wil ik degene bedanken zonder wie dit alles nooit mogelijk
was geweest: Jan en Mariet, bedankt voor alle langdurige steun en interesse
in mijn onderzoek en al het reilen en zeilen in het leven.





Appendix A

Overview of the experimental data on bulk PbT iO3 from literature [13, 41,
161, 162, 163]. Besides general parameters like the Curie temperature and
Landau parameters, also lattice parameters and atomic positions of the tetrag-
onal and cubic phase are listed (Pb is fixed at the origin).

critical temperature Tc[◦C] 492.2
Curie temperature θ [◦C] 478.8
Curie-Weiss constant C [◦C] 1.5·105

dielectric stiffness coefficient α1[m
F ] 3.8(T-478.8)×105

higher-order stiffness coefficient α11[ m5

FC2 ] -7.3×107

” α12[ m5

FC2 ] 7.5×108

” α111[ m9

FC4 ] 2.6×108

” α112[ m9

FC4 ] 6.1×108

” α123[ m9

FC4 ] -3.7×109

electrostrictive constant Q11[m4/C2] 0.089
” Q12[m4/C2] -0.026
” Q44[m4/C2] 0.0675
elastic compliance s11[m2/N ] 8.0×10−12

” s12[m2/N ] -2.5×10−12

” s44[m2/N ] 9.0×10−12
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Appendix B

The following Matlab-script is used with a wide grid to estimate the mini-
mum energy followed by a Gauss-Newton iteration to determine the exact
energy minimum, as plotted in Figure 5.12:

function energy = calc W(phi,chi,Hn)
%lattice parameters
a = 3.905;
b = 3.945;
c = 4.156;
%Poisson’s ratio
mu = 0.3;
%Relative coherency Strain
sr = c*(b-a)/(b*(c-a));

%GRIDS
gx = 2000;
x = linspace(0,-1,gx);
gy = 2000;
y = linspace(0,1,gy);
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%CALCULATE Q-TERM
%VARIABLES IN Q11
sxp = 2*pi*(x+1)/chi;
sxp3 = 2*pi*(x+3)/chi;
sxm = 2*pi*(x-1)/chi;
sx = ((2*pi/chi)ˆ2)*x;
sp = 2*pi*phi;

%Q11(phi,x3) TERMS (equation 17)[5]
cshsxp = cosh(sxp);
cshsxm = cosh(sxm);
snhsxp = sinh(sxp);
snhsxm = sinh(sxm);
csp = cos(sp);
Q01 = +(1/2)*log((cshsxp-1)./(cshsxm-1));
Q02 = +(sxp/2).*(snhsxp./(cshsxp-1));
Q03 = -(sxp3/2).*(snhsxm./(cshsxm-1));
Q04 = +sx./(cshsxm-1);
Q110 = Q01+Q02+Q03+Q04; %Q11(0,x3)
Qd1 = +(1/2)*log((cshsxp-csp)./(cshsxm-csp));
Qd2 = +(sxp/2).*(snhsxp./(cshsxp-csp));
Qd3 = -(sxp3/2).*(snhsxm./(cshsxm-csp));
Qd4 = +sx.*(cshsxm*csp-1)./((cshsxm-csp).ˆ2);
Q11d = Qd1+Qd2+Qd3+Qd4; %Q11(d,x3)
%INTEGRAND
dx = 1/gx;
Intx3 = (Q110-Q11d).*(1+x)*dx;
%INTEGRATION
iQ = 0;

for kx = 1:gx-1
iQ = iQ+Intx3(kx);
end
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%CALCULATE J-TERM
%VARIABLES IN J
jh = 4*pi/chi;
jv = 2*pi*phi*(1-y);

%EQUATION (A4)[5]
J1 = +(1/(4*pi))*log((cosh(jh)-cos(jv))

./(1-cos(jv)));
J2 = +(jh*sinh(jh))./(4*pi*(cosh(jh)-cos(jv)));
J3 = -(jhˆ2)*(cosh(jh)*cos(jv)-1)

./(8*pi*(cosh(jh)-cos(jv)).ˆ2);
Jt = J1+J2+J3;
%INTEGRAND
dy = 1./gy;
Intv = Jt.*y.*dy;
%INTEGRATION
iJ = 0;

for ky = 1:gy-1
iJ = iJ+Intv(ky);
end

%calculate W(DH,phi)
%W1, W2 TERMS (NO INTEGRATION)
W1 = Hn*2*((sr*(1+mu))-1)*phi;
W4 = 2*sqrt(2)./chi;
%W2, W3 TERMS (INTEGRATION REQUIRED)
W2 = Hn*iQ./(2*pi*chi);
W3 = Hn.*chi.*((phi).ˆ2)*iJ;
energy = W1+W2+W3+W4;
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